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The “New Look” of This Month’s Transactions 


by A. W. Thornton, Chairman 


Publications Committee 


You have no doubt already noticed that this month’s TRANSACTIONS is dif- 
ferent; the cover is different, the format is different, and it feels different. 
The reason for this difference is that this issue was printed by the photo offset 
process. Adoption of this modern printing method will mean many things to 
the readers of TRANSACTIONS: 


@ Faster publication of accepted papers in the TRANSACTIONS. 


@ More accurate reproduction of micrographs. 


@ Potential for expanding the volume of material published without in- 
creasing the price. 


The TRANSACTIONS is ideally suited for the photo offset process, as it 
carries advertising only on its covers. Extra expense for reproduction of 
advertising copy makes the process less desirable for a magazine such as 
JOURNAL OF METALS. All of these details and many more:were carefully 
evaluated by the Publications Committee before the decision was made to 
change over to photo offset. Bids from leading printers both in this country 
and abroad were considered, and these included bids for letterpress (the 
present process) as well as photo offset. The contract was awarded to 
Edwards Brothers Inc., of Ann Arbor, Michigan, which has a long-standing 
reputation in the field. 


REVIEW OF POLICY CHANGES 


It might be wise, at this point, to review the sweeping changes that have 
taken place in the publications policy of The Metallurgical Society since the 
first of this year, as a result of the 1957 Publications Committee Report. In 
January, all Transactions papers were removed from the JOURNAL OF 
METALS, and the Feature Section of that magazine was given a long-needed 
expansion. All Transactions papers, including those that formerly appeared 
in the quarterly JOURNAL OF METALS Supplement, were published exclu- 
sively for the first time in TRANSACTIONS OF THE METALLURGICAL 
SOCIETY OF AIME. 

In early May, Dr. Gerhard Derge, Jones and Laughlin Professor of Met- 
allurgy at the Carnegie Institute of Technology, was appointed Editor of the 
TRANSACTIONS, and in this position he coordinates the work of the three 
divisions in reviewing and selecting manuscripts for publication. He is thus 
charged with upholding the high standards of quality and scientific merit which 
have marked the AIME Transactions for over a half-century. We are sure 
that under Dr. Derge’s guidance this task will be most ably carried out. 

The change to photo offset printing is but another step by The Metallur- 
gical Society in continuing and expanding its services to members so that 
they may keep themselves well informed—professionally informed—of ac- 
tivity in their field. 
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Observations Regarding Properties 


and Performance of 


Continuously Cast Low-Carbon Steel Products 


M. Tenenbaum, R. N. Edmondson, and Logan Mair 


Prominent among the problems retarding the 
general acceptance of continuous casting procedures 
for the processing of carbon steels has been the 
dearth of basic engineering data required for large 
scale plant construction and the uncertainty of the 
response of the cast product to standard processing 
methods. In 1956, Inland Steel Co. in cooperation 
with the Freyn Dept. of Koppers Co. and Atlas 
Steels, Ltd. undertook a program designed to pro- 
vide information which could assist in solving these 
problems. An earlier paper’ presented some re- 
sults of this cooperative study dealing with equip- 
ment design, operating rates, and plant capacities. 
It is the purpose of the present paper to report 
aspects of the same study involving the processing 
of the cast sections, the properties of the various 
final-rolled products, and the performance of these 
products in commercial applications. 

As brought out in the earlier paper, the studies 
were concerned primarily with the casting of 
rimmed, semikilled, and killed types of low-carbon 
steels in the analysis ranges generally used for hot 
and cold-rolled sheet applications. A total of 30 
heats were continuously cast at Atlas Steels Ltd. 
Slabs from 25 of these heats were shipped to Inland 
Steel Co. to be converted into a variety of flat prod- 
ucts. The aim analyses of the heats that were made 
in this study are given in Table I. 

All heats included in this report were made in 
6-ton or 30-ton electric furnaces and cast either 
in a 24 by 6 %4-in. or in a 21% by 5\-in. section 
mold. An aspect of this study that should be recog- 
nized is that while the steels were made in electric 
furnaces, the processing methods were primarily 
designed for the product of open-hearth furnaces. 
As a result, the properties developed in the final 
product can not be regarded as optimum. Thus, in 
interpreting the results it has been necessary to 
make allowances for those features of practice and 
analyses which were peculiar to the conditions of 
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this study but which would not be involved where the 
processing was specifically designed for the cast 
product. 

In addition to the slab sections a heat was cast 
into an 8% by 11%-in. bloom-section mold. The 
cast product from this heat was rolled into shape 
and bar commodities. A few supplementary notes 
are attached to this paper covering performance 
of the items rolled from these bloom sections. 


CASTING DIFFICULTIES 


The casting facilities and the manner of operation 
were described in some detail in other papers.’~ 

There were many surface and internal conditions 
noted in the handling and processing of the cast sec- 
tions that reflected operating conditions which var- 
ied considerably in the degree to which they could 
be controlled. To assist in explaining many of the 
features observed in the cast product, some prob- 
lems associated with the casting operation will be 
described. 

The most obvious surface irregularity resulted 
directly from the intentional reciprocating mold 
action. In normal operations, the mold descended 
at the same rate as the slab was withdrawn for a 
distance of about 2 in. On reaching the bottom of 
this stroke the mold quickly returned to the start- 
ing position and then resumed the downward move- 
ment. As the mold descended the liquid-metal level 
gradually rose along the inner walls. This rising 
action stopped suddenly on each back stroke. Asa 
result, a ripple mark appeared around the entire 
surface of the cast section indicating the position 
at which the mold reversed its direction in the 
reciprocating cycle. No evidence was developed in 
this study to indicate that the ripple mark persisted 
through processing to produce a surface defect in 
the final product. 

In the casting of rimming and semikilled steels, 
it was necessary to regulate final deoxidation by 
adding aluminum to the liquid metal entering the 
mold. At the start of the program, this was ac- 
complished by throwing aluminum pellets into the 
mold much in the same manner as is used in con- 
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Table I. Aim Analysis of Steel Continuously Cast into Slab Sections 


Aim Analysis, Pct Number of Heats 
Type of Steel Cast 
Cc Mn P S Si 6 Ton 30 Ton 
Rimmed .08 235 -010 .035 trace 3 12 
Silicon deoxidized .08 Pe .010 .035 .05 ~ 5 
Aluminum deoxidized* .08 35 010 -035 trace 4 
High silicon .08 .27 .010 .035 1.75 - 1 
High sulfur 95 .075 30 trace - 


*Aim total aluminum content: .03 to .06 pct. 


ventional ingot practice. The aluminum shot added 
in this manner often became entrapped at the sur- 
face and also resulted in erratic gas formation in 
the liquid steel. Some defects were caused by the 
presence of oxidized aluminum entrapped at the 
surface. More serious, however, was the presence 
of blowholes near the surface which resulted when 
there was a surge in the rate of reaction between 
the metal and the added aluminum. To overcome 
these problems, an aluminum wire feeder was de- 
veloped which permitted uniform addition of that 
element directly into the liquid metal stream as it 
entered the mold. By careful regulation of the alu- 
minum feed rate it was possible to avoid the en- 
trapped oxides on the surface. This technique also 
provided much more certain regulation of the blow- 
hole position. Unfortunately, factors other than de- 
oxidation influenced the occurrence of shallow sub- 
surface blowholes in rim steel and, as a result, 
they were present to some extent in all of the slabs 
continuously cast from rimming steel. 

At the rim steel casting rates used in this study, 
the control of deoxidation proved to be very critical. 
As pointed out in the earlier report, the required 
ladle deoxidation was considerably greater than in 
conventional casting practice. When the deoxidation 
was inadequate the action of the metal in the mold 
was wild, erratic, and frothy. Under these condi- 
tions the metal level could actually rise out of the 
mold. Sudden aluminum additions made in an ef- 
fort to avoid uncontrolled rising caused the forma- 
tion of heavy surface laps. 

As in conventional casting, the aluminum re- 
quired for deoxidation of rimming steel could be 
added either to the liquid metal entering the ladle 
or the mold. With increasing deoxidation it was a 
simple matter to control the action in the mold. 
Unfortunately, however, this control is quite criti- 
cal, since an excess of deoxidizers caused the sub- 
surface blowholes to approach very closely to the 
outer surface of the cast section. The effect of 
over-deoxidation was observed repeatedly in the 
rimmed steel slabs cast during this program. 

With excessive additions of aluminum to the metal 
entering the casting mold a heavy scum or slag 
layer appeared on the upper surface of the liquid 
metal. As the slab was withdrawn, this scum was 
often entrapped along the surface, thus giving rise 
to the occurrence of nonmetallic patches on the 
surface of the cast product. This condition became 
particularly acute when attempts were made to pro- 
duce low-carbon steels containing significant per- 
centages of soluble aluminum. In this latter case, 
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even the addition of aluminum through the previously 
mentioned wire-feeder device did not avoid the en- 
trapment of large clusters of surface slag. 

In the earlier paper, it was brought out that there 
was a critical casting speed above which there was 
a serious tendency toward cracking of the slab cor- 
ners as the section was being withdrawn from the 
mold. One of the primary objectives of the entire 
program was to determine the maximum speed at 
which casting could be satisfactorily accomplished. 
To carry out this phase of the study it was neces- 
sary to operate at withdrawal speeds which quite 
often were greater than that which was ultimately 
determined to be a safe operating value. Asa re- 
sult, a disproportionate number of slabs cast in this 
program displayed the corner-crack defects which 
characterized the high casting rates. Additional 
problems of controlling metal action in the mold 
also could be attributed to this high casting speed. 
It is very likely that had more moderate speeds 
been used in this study, the surface quality and the 
internal soundness would have been superior to that 
which was actually encountered. 

At the start of the program, there was limited in- 
formation available regarding the amount of water. 
required for cooling the carbon-steel cast sections 
and the manner in which this cooling water should 
be distributed. In developing answers to these 
questions there were occasions when insufficient 
water was used for cooling and, at the other ex- 
treme, there were times when too much water was 
used. On several rimming-steel heats an inade- 
quate amount of cooling water was used, and this 
resulted in a badly bulged section along with some 
corner cracking. There was no direct evidence 
that the bulging, itself, resulted in product surface 
defects. When excessive water was used for cool- 
ing or when the water was not uniformly applied, 
the cast section became badly distorted. In the 
extreme, this distortion became so great that the 
casting cracked longitudinally along the center of 
the slab faces. Such cracks obviously resulted in 
a line of severe surface defects in the rolled prod- 
ucts. 

In order to ensure uniform withdrawal of the cast 
section, it was necessary that an effective system 
be used for distributing lubricating oils between the 
casting and the inner mold wall. In general this was 
not too difficult a condition to attain. On a few oc- 
casions, however, conditions arose where the oil 
was not uniformly distributed, and in such cases the 
metal tended to stick to the mold walls giving some 
distortion of the casting pattern and occasional 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


} 


Fig. la—Deep-etched cross section of a ne cast 
rimmed-steel slab showing the internal structure. X 4. 
Reduced approximately 46 pct for reproduction. 


init 


Fig. 1b—Deep-etched section showing the type of internal 
structure associated with surface and subsurface porosity. 
X/,. Reduced approximately 46 pct for reproduction. 


Fig. 1c—Section of a continuously cast rimmed-steel slab 
illustrating the characteristic rippled surface pattern of 
this material. 


transverse cracking and laps on the slab surface. 

Each of the above conditions resulted in some ob- 
served feature in the cast slab. As indicated in the 
preceding paragraphs these features did not always 
result in a surface defect in the final product. Fig. 1 
has been prepared in order to indicate the types of 
defects that were of concern in carrying out the 
study and the manner in which they appear in the 
cast sections. 


PROCESSING SEQUENCES FOR VARIOUS 
COMMODITIES 


A large fraction of the steel cast in this program 
was processed into orders for cold-rolled sheets. 
The sequences involved in the production of this 


Fig. 1d—Photograph of a continuously cast slab surface 
containing entrapped oxide. Note the oxide pits. 
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Fig. le—Photograph of corner crack in a continuously cast 
slab. 


commodity allowed close inspection and testing of 
the steel at various stages of processing. Even 
more important, a final application could be made 
on which a definite performance history for con- 
ventionally cast steel was available for comparison. 
In order to obtain a broader basis for comparison, 
limited numbers of continuously cast slabs were 
also applied on orders for hot-rolled sheet, galva- 
nized sheet, electrical sheet, and tinplate. Table II 
gives a breakdown of the weight of the products 
rolled from the several types of steels cast in this 
program. 

Typical sequences used in processing the con- 
tinuous-cast slabs into the various commodities are 
indicated in Fig. 2. As has been mentioned previ- 
ously, the details of processing were designed spe- 
cifically for developing acceptable properties in 
open-hearth steels while the continuously cast slabs 
were produced from steel refined in electric fur- 
naces. The tonnages cast in this study were not suf- 
ficient to permit the development of practices spe- 
cifically suited to the experimental steels and there- 


Table Il. Weight of Commodities Processed From Continously Cast Slabs 


Wt of Various Commodities Processed, Lb 


Type of Steel 


Cold-Reduced Tin Plate Galvanized Electrical Sheets Hot-Rolled 
Sheets Sheets Sheets 
Rimmed 300,000 62,500 19,000 - 19,000 
Silicon deoxidized 108,000 17,200 24,000 - * 23,000 
Aluminum deoxidized 143,000 6,000 ~ - - 
High silicon - 46,000 
551,000 85,700 43,000 46,000 42,000 
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Fig. 2—Flow chart showing typical processing sequence followed in the production of various flat-rolled products from 


continuously cast slabs. 


fore the final properties that were developed are not 
necessarily optimum. 

Examination of Fig. 2 reveals that all of the cast 
slabs were processed in similar fashion through the 
hot-reduction stage. The slabs were all inspected 
and the surface conditioned prior to reheating for 
hot reduction. Hot reduction was accomplished 
without difficulty on a 10 stand 44-in. continuous 
hot-strip mill. The hot-rolled gages ranged from 
.074 to .187 in. About 20 tons of sheets were de- 
coiled, sheared, inspected, and shipped in the hot- 
rolled form. The balance of the steel was cold re- 
duced down to gages ranging from .008 to .060 in. 
The cold-reduced coils were then processed in 
standard fashion into cold-rolled sheets, tinplate, 
galvanized sheets, and silicon-electrical sheets. 
With the exception of the silicon-electrical sheets 
the final sheared products were applied commer- 
cially. More than 40 commercial applications 
ranging from simple pressing operations to difficult 
deep-drawing jobs were utilized in evaluating the 
sheet products rolled from continuously cast steels. 


INSPECTION AND SURFACE CONDITIONING OF 
CAST SLABS 


Slab Defects—The continuously cast slabs were 
somewhat unique in appearance when compared with 
conventional blooming-mill products. Most promi- 
nent among the surface characteristics was a regu- 
lar ripple pattern or appearance which extended 
around the periphery of the slab. These ripples 


434—AUGUST, 1958 


which reflected the reciprocating action of the mold 
were approximately 1% in. apart. This pattern was 
present on all of the slabs cast, although it was no- 
ticeably less prominent on the semikilled and killed 
grades. No obvious explanation can be offered for 
the reduced prominence of the ripple on the more 
highly deoxidized steel. Four other commonly en- 
countered surface defects were entrapped oxide 
patches, surface porosity, corner cracks, and laps. 
Some examples of these defects were illustrated in 
Fig. 1. 

The most obvious surface defect encountered was 
entrapped oxide. The oxides, which were often lo- 
cated near the edges of the slabs, were rough ¢ or 
porous in appearance and varied from ¥ to ‘/% in. in 
diam and from ¥% to /4 in. in depth. The oxides 
were much more prevalent on the rimmed-steel 
slabs produced when shot aluminum was added 
manually to control the metal action during cast- 
ing. The use of the continuous wire feeder to add 
aluminum to the liquid metal materially reduced 
the frequency of the occurrence of entrapped oxide 
patches. 

Surtace or skin porosity was also encountered 
rather frequently. This condition, which was caused 
by the existence of subsurface blowholes which ex- 
tended out to the slab surface, was encountered on 
both the rimmed and semikilled steel slabs. The 
exposed diameter of the blowholes varied from pin- 
hole size to about 7/16 in. at the slab surface and ex- 
tended a variable distance into the cast section. The 
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exposed blowholes, which were often readily visible 
on the slab surface usually occurred in patches. The 
most extensive occurrences of this defect resulted 
from over-deoxidation of rim steel. 

Longitudinal corner cracks were present to some 
extent on about 44 of the heats processed. This de- 
fect, which occurred at the intersection of the edge 
and the face of the slab, extended inward on the di- 
agonal between intersecting outer surfaces. Deep- 
etched cross sections through these corners indi- 
cated that the cracks followed the plane formed by 
the meeting of columnar grains which had grown 
inward from the two adjacent slab surfaces during 
solidification. The depth of the cracks varied from 
%e to Ys in.; however, most of them were rather 
shallow, extending in less than ¥ in. 

Small laps were observed on a few of the continu- 
ously cast slabs. The laps, which varied in size 
from 3 to 6 in. in width and up to 4 in. in length, 
were always parallel to the regular surface ripples. 
The manner of appearance of these laps suggested 
that they were formed as a result of nonuniform 
rising or splashing of the metal against the cold 
mold wall during casting. 

Conditioning— Wherever possible, the major de- 
fects were removed by scarfing with an oxy-acety- 
lene torch. The amount and effectiveness of scarf- 
ing performed to remove surface defects varied 
considerably depending on the type and frequency of 
occurrence of defects and the internal soundness of 
the slab. No difficulty was encountered in removing 
scattered entrapped oxide patches, corner cracks, 
or laps from skabs with sound internal structure. 
On the other hand, when attempts were made to re- 
move areas exhibiting surface porosity, a porous 
subsurface condition was exposed which was more 
serious than the original defect. Subsurface poros- 
ity was frequently encountered on rim steel when 
removing other types of defects. Whenever the sub- 
surface porosity appeared close to the outer sur- 
face, attempts at surface conditioning were aban- 
doned. 

An indication of slab surface quality according to 
major deoxidizer can be obtained from the summary 
of conditioning in Table III. The rimmed steel dis- 
played a wide range of surface characteristics, re- 
flecting the varying operating conditions under 
which the steel was made. In trying to remove de- 
fects subsurface porosity was frequently encoun- 
tered. Since the exposed subsurface porosity con- 
stituted an irreparable defect, slabs with such a thin 
skin structure were not generally conditioned. Table 


Table Ill. Summary of Conditioning Performed on Continuously 
Cast Low-Carbon Steel Slabs 


Type of Deoxidation 


Rim Aluminum- Silicon- 
Steel Deoxidized Deoxidized 


No. of slabs inspected 97 27 40 
No. of slabs conditioned 38 17 26 
No. of slabs not conditioned 

because of subsurface porosity 45 8 1 
No. of slabs with no surface 

defects 14 2 13 
Surface removed on conditioned 

slabs, pct of total surface 10 20 6 
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III shows that almost half of the rim-steel slabs 
were not conditioned because of inadequate rim 
thickness. This condition was assigned generally to 
over-deoxidation of the liquid metal in the mold. On 
those slabs which had adequate solid-rim thickness 
an average of about 10 pct surface removal was re- 
quired to eliminate visible slab defects. 

Almost all of the aluminum-deoxidized steels had 
questionable surface quality. In attempting to mini- 
mize the use of aluminum in the product, a large 
fraction of these slabs were under-deoxidized. 
These under-deoxidized slabs exhibited skin poros- 
ity which was too serious to permit conditioning. 
The more completely aluminum-deoxidized slabs 
contained many heavy entrapped oxides as well as 
traces of porosity. It was concluded that the heats 
which were sufficiently deoxidized with aluminum to 
eliminate skin porosity completely were generally 
unsatisfactory because of having this oxide entrap- 
ment. The surface quality of such fully aluminum- 
deoxidized slabs was too poor to warrant further 
processing. Where it was possible to condition the 
surface about 20 pct of the area was removed in 
eliminating defects. 

The slab-surface quality of the silicon-deoxidized 
steel was generally good. A few entrapped oxides, 
corner cracks, and laps were removed from the 
slabs. The slabs from one heat which was made 
while adjusting the deoxidation practice showed 
some very light subsurface porosity. About 6 pct 
surface removal was required to condition the sur- 
face of the slabs showing defects. The surface 
quality of the continuously cast silicon-deoxidized 
slabs compared favorably with that of conventionally 
rolled steel slabs and was recognized to be superior 
to that of the rimmed and aluminum-deoxidized con- 
tinuously cast slabs made in this study. 

The main defects removed in conditioning were 
entrapped oxides and corner cracks. No splash 
scabs or horizontal cracks were detected in any of 
the heats. A few light laps were removed, but it is 
quite questionable whether these defects would have 
persisted in the rolled product. 

Effect of Slab Defects on Rolled Product Surface 
Quality—To determine the manner in which the pre- 


viously discussed slab defects influenced the sur- 


face quality of finished products, it was necessary 
that typical defects be identified and followed 
through to final inspection. This identification was 
accomplished by drilling holes beside the defects 
and packing them with brick. After rolling, the 
brick markers appeared as black streaks on the 
surface. The identified defective surface area was 
located by its position relative to the black streaks. 

Four types of slab-surface defects were encoun- 
tered in varying degrees during this study. Typical 
examples of each of these defects were marked, 
permitted to remain in the slab, and then related to 
the surface condition noted in the final product. In 
many instances, the slab defect rolled out into more 
than one type of product defect. The manner in 
which slab defects appeared on the surface of the 
rolled product is indicated in Table IV. 

Of the four types of defects marked, three were 
found to have a very adverse effect upon the sur- 
face quality of the finished product. The corner 
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Table IV. Effect of Slab Defect on the Observed Defects in the 
Final Sheet Product 


Defects Observed Defects Observed in Rolled Sheet Product 


in Slabs 
Description of No. of No. of Cases Where Indicated Sheet Defect 
Defect Slabs Resulted from the Marked Slab Defect 
Marked Cracked No 
Defect Slivers Edges Seams Defect 
Corner cracks 13 12 2 6 1 
Entrapped oxide 11 6 1 4 2 
Skin porosity 5 4 3 0 0 
Laps 17 1 0 0 16 


cracks caused medium to heavy slivers and seams. 
Usually these product defects appeared 2 to 3 in. 
from the edges of the finished sheets. Entrapped 
oxides usually resulted in the presence of slivers 
and heavy surface seams scattered at random over 
the final product surface. Occasionally light corner 
cracks and entrapped oxides were rolled out and 
eliminated during processing, and in these cases, 
no surface defects were observed on the final sheet 
product. Apparently, the scaling of the slab fol- 
lowed by severe hot reduction was sufficient to roll 
out the lighter defects to the extent that they could 
not be recognized in the sheet product. 

Of the slab defects studied, skin porosity was the 
most detrimental to finished product surface qual- 
ity. Porosity near the slab surface reflected ina 
heavy sliver and cracked edge condition in the final 
product. Frequently, these defects were so severe 
that the steel was scrapped before processing was 
completed. In every case where skin porosity was 
identified and followed in processing the finished 
product was unsatisfactory for the end use. 

Casting laps or transverse laps did not appear to 
be particularly detrimental to the surface quality of 
the finished product. Usually, this defect rolled out 
and could not be recognized in the final sheet. In 
this respect, there was no indication of any product 
surface defects resulting from the characteristic 
slab ripple mark even when there was somé indica- 
tion of lapping associated with that condition. 


HOT WORKING OF CAST SLABS 


One of the major uncertainties that was to be re- 
solved in the continuous casting program involved 
the response of the primary slab structure to the 
drastic hot deformation that characterizes standard 
large scale hot-strip mill operations. As was 
brought out in Fig. 2, all slabs processed in this 
study were first hot-reduced in a 44-in., 10-stand, 
hot-strip mill. 

Standard hot-strip mill-rolling practices involve 
heavy reductions over a wide temperature range 
and thus offer an excellent opportunity to test hot- 
working characteristics. In this study the slabs 
were hot-rolled into coils ranging from .074 to .187 
in. thick using heavy reductions of 25 to 44 pct in 
each of the four roughing mills. The rolling tem- 
peratures ranged from 2140°F at the reheating fur- 
naces to 1520°F finishing temperatures coming out 
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of the tenth stand. (All temperatures were meas- 
ured by total radiation-type pyrometers and checked 
with manual optical pyrometric equipment.) Some 
of the hot-working conditions are given in Table V. 
The pass practices shown in Table V are some- 
what more drastic than those used in normal hot- 
strip mill rolling. The temperature conditions dur- 
ing rolling are considered normal. An interesting 
feature of the table concerns the elongation that re- 
sulted from the hot reduction in early passes. On 
the more highly deoxidized steels with sound inter- 
nal structure, the slab elongated in proportion to the 
percentage of hot reduction much in the same man- 
ner as is observed in the rolling of conventional 
slabs. On the continuously cast rim-steel slabs, 
however, the amount of elongation that was encoun- 
tered on the initial passes was far below that which 
would be expected from the percentage of hot re- 
duction. This discrepancy is assigned entirely to 
the fact that a large fraction of the early hot reduc- 
tion is used in closing the internal blowhole struc- 
ture. The data of Table V indicate that a sound 


structure was not attained until the third roughing 


pass had been completed. This corresponded to 
better than 75 pct hot reduction before the blowholes 
were closed. The effect of hot reduction on the 
closing of the blowholes in rim-steel slabs is shown 
in Fig. 3. Here, again, it is brought out that a 
structure free of obvious blowholes is not attained 
until the slab has undergone about 75 pct hot reduc- 
tion. 

In general, the continuously cast slabs responded 


_ surprisingly well to the hot-working practices in- 


dicated in Table V. Probably the best index of re- 
sponse to hot working is the quality of the hot-rolled 
sheet edges as observed after hot-rolling and coil- 
ing. It was recognized early in the program that 
when the cast slab was free from skin porosity the 
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After rolling 
through No. 4 
roughing mill and 
No. 5 finishing 
mills respectively. 


Fig. 3—Deep-etched sections showing the effect of hot 
rolling on the closing of blowholes in a continuously 
cast rimmed-steel slab. X ¥/,. 
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Table V. Hot-Rolling Practice 


Measured Values at Various Hot-Strip Mill Stands 


1 2 3 4 5 6 7 8 9 10 Coiled 
Thickness reduction - pct ; 
5 1/2 in. thick slabs 44 30 35 38 49 40 30 27 21 20 
6 1/2 in. thick slabs 57* 25 35 38 49 40 30 27 21 20 
Elongation of 6 1/2 in. thick 
slabs-pct 
Rimmed steel 96 30 43 61 96 67 43 37 27 25 
Killed steel 136 34 54 61 96 67 43 37 27 25 
Slab or strip 
temperature, °F 2140° 1890° 1520° 1000° 


*Two passes. 


hot-rolled sheet edges were sound. On rim steel, 
where the slab structure included a solid rim of 
variable depth, the quality of the hot-rolled sheet 
edges was also variable. Where the internal struc- 
ture was entirely sound, the hot-rolled sheet edges 
were universally sound despite intentionally applied 
heavy drafting in the roughing passes. 

Fig. 4 has been prepared to show the effect of 
solid-skin thickness on the quality of the hot-rolled 
sheet edges. These data indicate that at least % in. 
of sound-skin structure is required in the cast slab 
in order to ensure a sound hot-worked edge struc- 
ture. There was some indication in this study that 


increased edge work ahead of the first flat-reduction 


pass would tend to improve the edge quality but no 
data were developed to indicate the magnitude of 
this effect. In any case, the data demonstrate 
clearly that an adequate sound-rim thickness is re- 
quired in order to ensure a usable hot-rolled sheet 
surface quality. 


PRODUCT SURFACE QUALITY 


The preceding section has described those defects 


that occurred in the cast section and in the rolled 


product which would serve as a basis for slab, coil, 
or sheet rejections. In this respect it was possible 
to inspect and reject steel after hot-rolling, after 
pickling and cold-rolling, or during final product 
inspection. The product yield after each of these 
stages was determined largely by the surface qual- 
ity. 

As was shown in Table II, a small tonnage of 
sheets was inspected and shipped after hot-rolling. 
The balance of the coils were pickled and then 
cold reduced. Except for a few isolated coils that 
were rolled on a 40-in., 5-stand tandem mill, all 
cold reduction was accomplished on a single-stand 
reversing mill. There were no unusual problems 
encountered in cold-rolling other than the difficul- 
ties involved in trying to process a few of the pre- 
viously mentioned hot-rolled coils with poor edge 
and surface quality. For the most part, the same 
features of slab structure that determined the sur- 
face quality of hot-rolled sheets also influenced the 
percentage of rejections in cold-rolled material. 
Table VI gives data on product yields from cast- 
slab to cold-rolled product for the various continu- 
ously cast materials. All of the yield values are 


based on the original slab weight processed. 
) 
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Fig. 4—Effect of slab skin thickness on *100 > + + + ° 
the quality of hot-rolled coil edges. = 
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Table Vi. Summary of Coil Yield Data . 


Coil Yield, Pct of Original Slab Wt 


Hot-Rolled Pickled and Cold- 
Coils Reduced Coils 
Rim steel 95 83 
Silicon deoxidized 96 90 
Aluminum deoxidized 95 59 


The data of Table VI brings out the high yield 
from cast-slab to hot-rolled sheet that character- 
izes the processing of continuously cast steels and 
which constitutes one of the major attributes of the 
process. The average slab to hot-rolled coil yield 
of 95 pct is at least 10 pct higher than would be ex- 
pected from processing conventionally cast ingots 
into a similar product. 

The yield of pickled and cold-rolled coils is ac- 
tually somewhat lower than would be expected from 
the processing of wider sections. The coil width 
was limited to a maximum of 24 in. by the width of 
the continuously cast slabs. Two factors contrib- 
uted to these greater losses. Following standard 
practice, a small amount of material was sheared 
from the edges of the narrow coils produced from 
the continuously cast steel. The actual percentage 
loss from this side-shearing operation was about 
twice that expected on the wider coils made from 
conventionally cast ingots. In addition, the equip- 
ment used in handling the small coils was not de- 
signed for that purpose, and as a result some of the 
steel was damaged during processing. The rejec- 
tion of the damaged steel prior to the next process- 
ing step was a cause of reduced yield in the proc- 
essing of the continuously cast steels. 

_ It can be seen from Table VI that the losses on 
aluminum -deoxidized steels were extremely high. 
These losses were the result of surface defects and 
bad edges caused by inadequate deoxidation of the 
cast slab or the presence of entrapped oxides over 
a large fraction of the original slab surface. 

There were many factors which affected the cold- 
rolled sheet yields other than the surface quality of 
the finished product. Factors such as cutting to 
customer sizes and mechanical damage affected 
sheet recoveries considerably, and as a result no 
attempt has been made to tabulate the shipped yield. 
However, some description of the final product sur- 
face characteristics is of interest. 

The rimmed steel was quite variable in its ap- 
pearance in finished product form. Defects were 
encountered ranging from very light slivers to 
seams and ragged edges. The final surface qual- 
ity of sheet processed from slabs with adequate 
solid-rim thickness was considered satisfactory 
for commercial hot-rolled, cold-rolled, and gal- 
vanized sheet applications. Considerable difficulty 
was encountered with surface quality of rim steel 
applied on tinplate because of slivers and blisters. 
In general, slivers and blisters were much more 
prevalent on tinplate produced from continuously 
cast steel than on similar products made from con- 
ventionally cast rimmed steel. 

In contrast to the rather marginal surface quality 
on rimmed steel, the silicon-deoxidized steel ex- 
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hibited generally good surface quality. No rejec- 
tioris were made for steel defects on the hot-rolled 
and galvanized products rolled from the silicon- 
deoxidized steel. Occasional light slivers were en- 
countered on cold-rolled sheet and tinplate products 
rolled from the silicon-deoxidized steel but these 
were determined to have resulted from the process- 
ing of slabs produced from the heat made while ad- 
justing the deoxidation practice. From the stand- 
point of product surface quality, silicon-deoxidized 
steel was at least comparable to conventionally cast 
rimmed grades. One heat of high-silicon steel which 
was produced for use as electrical grade steel ex- 
hibited excellent surface quality, which was con- 
sidered definitely superior to that produced from 
conventionally cast steel. 

The product yields on the aluminum -deoxidized 
grades, as might be expected from their processing 
history, were very low. Much of this material was 
scrapped during processing because of the torn and 
broken coil edges. The remaining coils which were 
processed into finished products generally had poor 
surface quality and gave very low prime-sheet yield. 
Slivers, seams, and torn edges were responsible for 
heavy rejections. The surface quality of these 
grades was much poorer than similar grades of 
conventionally cast steel. 

Fig. 4 demonstrated the importance of maintain- 
ing an adequate solid-rim thickness so as to en- 
sure acceptable edge surface quality in hot-rolled 
sheets. The thickness of the solid outer rim also 
proved to be a determining factor governing the 
ability to process the cast slabs into satisfactory 
end products. 

Difficulties in final processing, which would have 
resulted from inadequate rim thickness, were kept 
to a low level by scrapping the steel which was ob- 
viously unsatisfactory for further processing. Such 
questionable material was diverted either before 
hot-rolling or after inspection in the pickle house. 
As indicated in Fig. 4, no coils which were produced 
from slabs having over '4-in. solid-rim thickness 
were scrapped during processing. Even with these 
precautions a small amount of strip breakage was 
encountered during cold reduction because of poor 
surface quality. 

The scrapping of material because of poor sur- 
face quality was the major cause of yield losses on 
rimming steel. The effect of solid rim thickness on 
the yield of final cold-rolled sheet product is indi- 
cated in Fig. 5. The finished product yield shown 
in Fig. 5 refers back to the original weight of cast 
slabs processed. 

Both the pct product yield and the thickness of 
solid rim as determined for Fig. 5 must be regarded 
as rather crude measures. Despite the scatter 
shown, Fig. 5 again brings out the fact that there is 
a critical value of the solid-skin thickness below 
which the cold-rolled sheet-product yield falls off 
sharply. The data indicate that this critical solid- 
rim thickness is about 1 in., which value is consid- 
erably greater than the thickness required to ensure 
acceptable hot-rolled edge quality. 

The finished product surface quality on rimmed 
steel was apparently not only a function of rim 
thickness but also freedom from small blowholes in 
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Fig. 5—Effect of rim thickness of contin- 
uously cast slabs upon processing and 
prime yields of cold-rolled sheets. The 
processing yield is affected by losses 
during processing before final inspec- 
tion. The prime yield is the yield of ac- 
ceptable finished sheets. 
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the solid-rim zone of the cast slab. In several cases 
light slivers on cold-rolled sheets, and light slivers 
and blisters on the tinplate product were encoun- 
tered on sheets produced from slabs which had ap- 
parent rim thicknesses of 1 in. or greater. At least 
a part of these defects are believed to be due to the 
presence of small scattered blowholes which were 
present in the outer edges of the rim zone. 


INTERNAL STRUCTURE 


Most of the discussion up to this point has been 
concerned with features related to the surface 
quality of the rolled product. The behavior of the 
cast material during processing and the properties 
and performance of the finished products were also 
influenced by features of internal structure. For 
the most part the internal structure of the cast 
slabs was controlled by aspects of solidification and 
segregation beyond the scope of this paper. How- 
ever, some brief observations will be presented to 
help interpret the results obtained in the testing and 
utilization of the various products rolled from the 
cast sections. 

The internal structure of the continuously cast 
rim-steel slabs could be divided into at least 3 
zones. The outer zone was the solid outer rim 
which has been shown to be extremely important 
in determining product yield. This solid rim varied 
from zero to about 3 in. in thickness depending pri- 
marily on the degree of deoxidation and the casting 
speed. Within the solid rim was a zone of channel 
blowholes. For the most part, these channel blow- 
holes welded readily during hot reduction and their 
position could not be recognized in the final product. 
The third zone was a central porous core in which a 
wide variety of rounded blowholes were distributed 
in rather random fashion. This core zone was often 
outlined by a row of blowholes which in turn was as- 
sociated with heavy segregate streaks and non- 
metallic inclusions. This latter condition was later 
related to laminations in the finished products rolled 
from rim steel. As a matter of general interest, it 
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was determined that the degree of chemical segre- 

gation that occurred during the solidification of the 

continuously cast rim steel slabs throughout a cast 

was relatively small in contrast to that encountered 
On conventionally cast rim steel. 

Deep-etched sections of hot-rolled sheets pro- 
duced from rim steel revealed characteristic lami- 
nations and light segregate streaks on practically 
all samples. These inclusions were frequently lo- 
cated within the central third of the hot-rolled sheet 
thickness. This location would indicate that the 
laminations were occurring in that section of the 
strip that was the core zone of the original cast 
rim-steel slab. The hot-rolled sheets produced 
from the deoxidized types of steel appeared rela- 
tively free of the lamination and segregate defects 
that were so prevalent in the rim-steel products. 
Some typical deep-etched, hot-rolled sections which 
illustrate the manner in which the laminations and 
segregate streaks appeared in the rolled sheets are 
shown in Fig. 6. 

Microexamination of cold-rolled sheets showed 
no evidence of unwelded blowholes. However, nu- 
merous heavy inclusions were observed in the sec- 
tions of rim steel. On rim steel, these inclusions 
were observed in the same general position relative 
to the width of the sheet as were shown for the hot- 


Rimmed steel 


Silicon-deoxidized steel 


Fig. 6—Deep-etched cross sections of hot-rolled sheets 
of continuously cast steel. Note the laminations and 
segregate streaks in the rimmed-steel sheets. X2.5. 
Reduced approximately 55 pct for reproduction. 
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rolled material in Fig. 6. It was determined that 
the inclusions consisted mainly of iron oxides and 
iron aluminates. 

The silicon-deoxidized sheets were observed to 
have some scattered thin silicate types of inclu- 
sions. The distribution and size of such silicate 
inclusions were similar to that which is encoun- 
tered in conventionally cast, silicon-deoxidized, 
low-carbon steel. The limited number of aluminum- 
deoxidized sheets that were examined appeared 
relatively free of nonmetallic inclusions except for 
a few very light alumina stringers. 

In view of the high frequency of inclusion string- 
ers in rim steel, an attempt was made to assess the 
extent to which this condition could influence the 
performance of the cold-rolled sheet in cold press- 
ing operations. For this purpose, random samples 
of 20 gage (.036 in.), cold-reduced, rimmed, and 
silicon-deoxidized sheets were stretched into 
spherical cups by means of a specially designed 
hydraulic machine. In this test a 10-in. diam circle 
from each sample was hydraulically stretched into 
a spherically bulged section until it failed. All rim- 
steel samples subjected to this test developed im- 
perfections in the heavily strained sections because 
of nonuniform metal deformation in the vicinity of 
laminations. In contrast, there were no cases where 
laminations were revealed in the bulge testing of the 
deoxidized steels. Subsequent experience with the 
use of rim-steel, cold-rolled sheets on severe deep 
drawing applications substantiated the findings of 
this phase of the study, since numerous failures 


were encountered as a result of subsurface lamina- 
tions which were exposed during cold deformation. 


MECHANICAL PROPERTIES 


To help interpret the mechanical properties 
measured in this study, the range of composition 
as determined by chemical analysis of tested sam- 
ples are shown below Tables VII, VIII, and IX, which 
list the mechanical properties. Several general 
features appear common to all of these analyses. 
While there were some low sulfur values, most of 
the samples contained more of this element than is 
normally desired for severe cold-pressing applica- 
tions. The range of copper and nickel analyses was 
considerably higher than that normally expected in 
products made with high-metal basic open-hearth 
practices. Probably the most serious factor inter- 
fering with the development of optimum ductility 
was the presence of about .006 pct N, in all tests. 
The presence of the added residual elements not 
only increased the as-rolled hardness but also ¢ 
interfered with response to heat treatment. This 
lack of response to heat treatment can be recognized 
in the relatively fine microstructures of annealed 
cold-rolled sheets as shown in Fig. 7. By modify- 
ing the hot-strip mill practices, decreasing the per- 
centage of cold reduction, and increasing annealing 
times and temperatures, it was possible to develop 
a more desirable and coarser grain structure on 
selected samples. Since the nature of this study did 
not permit such wide departures from a standard 
practice on all material processed it is necessary 


Table VII. Typical Mechanical Properties Rimmed Steel 


Rockwell Hardness 


Tensile Properties 


Heat Standard Yield Point Ultimate Pct Elonga- 
Commodity Treatment Average Deviation o Lbs per Sq In. Lbs per Sq In. tion in 2 
Hot-rolled sheets As-rolled B-65.8 3.85 41,500 60,000 31.8 
Cold-rolled sheets Annealed & 
temper rolled B-50.1 2.00 32,500 50,500 37.5 
Galvanized sheets Normalized B-63.8 1.96 40,500 55,400 30.7 
Tin Plate Annealed & 
temper rolled 30T-58.2 1.89 49,500 55,500 18.0 
Total 
Cc Mn P S Si Al Cu Sn Ni N, 
Composition range -08 .34 .007 -025 -- -- .09 .012 09 .006 
10 -42 .012 .040 -- -- .12 .014 .16 .008 
Table Vill. Typical Mechanical Properties Silicon-Deoxidized Steel 
Rockwell Hardness Tensile Properties 
Heat Standard Yield Point Ultimate Pct Elonga- 
Commodity Treatment Average Deviation o Lbs per Sq In. Lbs per Sq In. tion in 2 In. 
Hot-rolled sheets As-rolled B-70.3 2.02 39,500 59,200 33.0 
Cold-rolled sheets Annealed & 
temper rolled B-49.0 3.02 28,000 48,400 38.5 
Galvanized sheets Normalized B-59.0 3.83 40,500 55,900 32.0 
Tin Plate Annealed & 
temper rolled 30T-64.0 2.16 47,800 54,200 19.0 
Total 
Cc Mn P N) Si Al Cu Sn Ni N, 
Composition Range -06 .28 -007 .027 .05 -- .09 .013 10 -006 
.09 -40 .012 .042 .07 -- -014 .16 .008 
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Table IX. Typical Mechanical Properties Aluminum-Deoxidized Steel 


Rockwell Hardness 


Tensile Properties 


Heat Standard Yield Point Ultimate Pct Elonga- 
Commodity Treatment Average Deviationo Lbs per Sq In. Lbs per Sq In. tion in 2 In. 
Cold-rolled sheets Annealed & 
temper rolled B-50.4 1.41 30,900 50,400 38.0 
Total 
Cc Mn P S Si Al Cu Sn Ni Cr N, 
Composition Range -06 .38 007 .029 -- .012 .09 .012 .10 -006 
.08 -43 .012 .058 -033 10 .014 16 .008 


to make allowances for the residual elements in 
interpreting the measured mechanical properties. 

Typical mechanical properties for rimmed steel 
are given in Table VII. It is interesting to note that 
the hardness values and the yield point of the cold- 
rolled sheets are significantly higher than would be 
usually encountered from material processed for 
deep-drawing applications. When allowances are 
made for the residual elements, these values ap- 
proach the high side of the range normally expected 
from the conventionally cast product made by the 
basic open-hearth process. A similar situation 
exists for the other rim products tested and re- 
ported in Table VII. 

Tables VIII and IX indicate that the hardness 
measured on the deoxidized steels was about the 
same as the values for rim steel. The yield points 
developed in these deoxidized steels were practi- 
cally in the range expected for open-hearth steels 
without making adjustments for the residual ele- 
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ments. Allowing for these residuals would bring 
the yield-point values into the range normally as- 
sociated with products applied on severe cold- 
pressing applications. 

Among the common methods used to evaluate the 
ductility of sheets to be used in deep-drawing ap- 
plications is the Olsen cupping test. Thousands of 
Olsen tests were made on the rolled-sheet products 
during this study. The Olsen values for the various 
steels are plotted as a function of cold-rolled sheet 
thickness in Fig. 8. The data of Fig. 8 show the 
usual increase of Olsen value with increasing sheet 
thickness. There is an indication that for a given 
thickness, the rim steel was somewhat less ductile 
than was the deoxidized steel. These lower ductility 
values for rim steel are tentatively assigned to the 
more general presence of nonmetallic inclusion 
clusters in the sheet product for that material. 


PERFORMANCE OF PRODUCTS ROLLED FROM 
CONTINUOUSLY CAST STEEL 


As a final evaluation of the continuously cast 
steel, fully processed sheets were shipped to vari- 
ous consumers for cold pressing into final parts. 
About 40 lots of tinplate, hot-rolled, cold-rolled, 
and galvanized sheets were processed. The ap- 
plications ranged from easy cold-forming jobs to 
severe deep draws with rigid surface requirements. 
Examples of typical forming jobs are illustrated in 
Fig. 9. 

The widest slab cast in this program was 24 in. 
Allowing for some edge slitter losses the widest 
cold-rolled sheet that could be produced on the 
available equipment was about 23 in. This width 
restriction precluded the application of sheets 
rolled from continuously cast slabs on large auto- 
motive stampings. However, the sheets were wide 
enough to permit application on a wide range of 
smaller parts including a representative number of 
very severe deep-drawn items. An attempt has 
been made in Table X to indicate the severity of the 
application and the performance of the continuously 
cast steel in making the part. 

The data in Table X indicate that the inherent 
ductility of the continuously cast rimming steel was 
adequate to meet the requirements of the various 
parts on which it was applied. In numerous in- 
stances, however, excessive rejections were en- 
countered because of poor steel surface quality. 
Many of the defects that were responsible for these 
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thickness for cold-reduced strip. Each 
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rejections stemmed from the previously discussed face was also acceptable for cold-rolled sheet ap- 
inclusion condition that was so commonly observed plications. Some surface rejections were encoun- 
in the rim-steel sheets. On the deep draws these tered on the tinplate applications, but these were a 
inclusions tended to open to the surface or cause a result of dull appearance of the deposited tin and not 
discontinuity on the surface which was a basis for the result of defective steel base surface. The plat- 
rejection. ing difficulty was related to the presence of silicon 


The inherent ductility of silicon-deoxidized steel in the base steel. Whether a suitable tinning prac- 
was also acceptable for the range of parts on which tice could be developed which would avoid this ob- 


it was applied. In this case, however, the steel sur- jectionable feature was not determined in this study. 
The available aluminum -deoxidized steel was all 


. processed into cold-reduced sheets and applied on a 
number of difficult cold-drawn jobs. The perform- 


Fig. 9c—Paint-tite ring. Fig. 9d—Light reflector. Fig. 9e—Bathroom scale platform. 
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Fig. 9a—Adding machine side panel. Fig. 9o>—Television mask. 


Table X. Performance of Continuously Cast Steel in Cold Pressing Operations 


Part Requirements 


Performance Rating 


Commodity Name of Part Surface Ductility Surface Ductility 
Rimmed Steel 
Hot-rolled sheets Drawn channel Moderate Severe Poor Satisfactory 
Cold-rolled sheets Light reflector (drawn) Critical Severe Poor Satisfactory 
Cold-rolled sheets Stay rib expanded lath Moderate Easy Satisfactory Satisfactory 
Cold-rolled sheets Drawn regulator cover Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Expanded metal lath Moderate Easy Satisfactory Satisfactory 
Cold-rolled sheets Fan cover Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Horn back shell Critical Severe Poor Satisfactory 
Cold-rolled sheets Light reflector (spun) Critical Severe Poor Satisfactory 
Cold-rolled sheets Speaker basket Moderate Severe Satisfactory Satisfactory 
Cold-rolled sheets Adding machine side Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Fan back Critical Severe Poor Satisfactory 
Cold-rolled sheets Coaster wagon body Moderate Severe Poor Satisfactory 
Cold-rolled sheets Relay box Critical Severe Poor Satisfactory 
Galvanized sheets Garage door hardware Moderate Easy Satisfactory Satisfactory 
Galvanized sheets Television antenna tubing Moderate Moderate Satisfactory 
Tin Plate Misc. drawn parts Critical Severe Satisfactory Satisfactory 
Tin Plate Paint-tite rings, caps, and ears Critical Severe Satisfactory Satisfactory 
Tin Plate Chap stick covers Critical Severe Satisfactory Satisfactory 
Silicon-Deoxidized Steel 
Hot-rolled sheets Motor shell frame Moderate Easy Satisfactory Satisfactory 
Hot-rolled sheets Water heater bottoms Moderate Severe (2) Satisfactory 
Cold-rolled sheets Hair dryer base Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Speaker basket 6 in. Moderate Severe Satisfactory Satisfactory 
Cold-rolled sheets Television mask Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Light reflector (drawn) Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Speaker basket 8 in. Moderate Severe Satisfactory Satisfactory 
Galvanized sheets Television antenna tubing Moderate Moderate Satisfactory (1) 
Galvanized sheets Pipes and troughs Moderate Easy Satisfactory Satisfactory 
Tin Plate Paint-tite rings Critical Severe (3) Satisfactory 
Tin Plate Small drawn parts Critical Severe (3) Satisfactory 
Aluminum-Deoxidized Steel 

Cold-rolled sheets Expanded metal lath Moderate Easy Satisfactory Satisfactory 
Cold-rolled sheets Light reflector (spun) Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Misc. drawn shells Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Bathroom scale platform Moderate Moderate Satisfactory Satisfactory 
Cold-rolled sheets Drawn regulator cover Critical Severe Satisfactory Satisfactory 
Cold-rolled sheets Television mask Critical Severe Satisfactory Satisfactory 

(1) Broke in weld in an expansion operation. 

(2) Rejection resulted because of scratching of the surface during processing. 

(3) Unsatisfactory surface was associated with tinning characteristic. 
ance of this material was satisfactory both as to APPENDIX I 


surface and ductility. The favorable performance 
of this steel in cold drawing indicates that if the 
serious manufacturing problems encountered in 
processing the aluminum-deoxidized steel could be 
overcome, the product could have considerable po- 
tential as a raw material for difficult deep-drawing 
operations. 


High Silicon Steel—One heat of steel containing 


1.75 pet Si was continuously cast. 


This material 


was hot-rolled without difficulty and then cold 

reduced, box annealed, and temper rolled. The 
surface quality of this product was excellent. The 
sequence used in processing the high-silicon steel 
was designed to prepare sheets that may be punched 
into laminations for electrical applications. For 
this application, the steel must meet maximum core 
loss requirements after being given a second an- 

nealing treatment. In order to check the electrical 
properties of this material, the finished sheet was 
annealed for 2 hr at 1450°F to simulate the fabri- 


cators’ anneal. A standard core loss determination 
was then made on a conventional Epstein tester ata 
flux density of 10 kilogausses. The 8 samples that 
were taken averaged 2.11 watts per pound with a 
range of 2.28 to 1.90 watts per pound. These core- 
loss values were considerably higher than expected 
from a conventionally cast steel of the same general 
composition. The microstructure showed that only 
a limited amount of grain growth had taken place 
during the simulated fabricators’ anneal. It is sus- 


Fig. 9f—Regulator 
box cover. 
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pected that the inclusions content, which was slightly 
greater than is considered normal, along with the 
high-residual nickel, copper, and nitrogen contents 
tended to inhibit the grain growth. Further work 
will have to be done to develop a more exact ex- 
planation for the poor core loss properties. 


APPENDIX II 


High Sulfur Steel—Another supplementary feature 
that was studied during this program was the ability 
to continuously cast and hot-roll low-carbon, high- 
sulfur steel. For this phase of the study a single 6- 
ton heat containing 0.07 pct C, 0.95 pct Mn, and 
0.34 pct S was cast into an 87%, by 11/-in. sec- 
tion without difficulty. Fig. 10 shows the struc- 
ture of the cast section as well as the analysis 
of the liquid steel as it entered the mold. This cast 
bloom was reheated and rolled without difficulty into 
4 in. and 2%-in. sq billet sections. The ability to hot 
work this high-sulfur section confirms the good hot- 
working characteristics that were observed in the 
processing of slabs. The billets were then reheated 
and rolled into 1% and %-in. hexagonal bar sections 
on 14-in. and 10-in. merchant mills respectively. 
The final sections were cold drawn and used for free 
machining applications without difficulty. A photo- 
graph of a %-in. hexagonal bar cold drawn from the 
hot-rolled section is also shown in Fig. 10. No data 


Fig. 10a—Deep- 
etched section of a 
continuously cast, 
low-carbon, high- 
sulfur bloom. 
Reduced approxi- 
mately 23 pct for 


reproduction. 
Liquid Metal 
Analysis(Ladle Test): 
Cc Mn 
0.06 pct 0.95 pet 
P Si 


0.075 pct 0.34 pct 0.03 pct 


Fig. 10b—Cold- 
drawn hexagonal 
bar section pro- 
duced from con- 
tinuously cast 
high-sulfur steel. 
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were obtained regarding the relative machinability 
of the final cold-drawn product. 


SUMMARY 


This paper is one of a series covering various 
aspects of continuous casting, processing, and per- 
formance of several types of low-carbon steels. 
For this study, continuously cast, rimmed, and de- 
oxidized steels were processed through high-capac- 
ity commercial equipment into standard commodi- 
ties. The finished products were inspected, tested, 
and formed into a wide variety of representative 
parts. 

The inherent hot-working properties of continu- 
ously cast material were very good provided there 
was an adequate solid-skin thickness present in the 
cast section. It was determined that at least ¥ in. 
of solid-skin thickness was required to ensure 
against tearing of edges in hot-rolling. However, a 
minimum skin thickness of 1 in. was required to 
provide satisfactory surface quality in the final 
cold-rolled rimming steel, sheet product. 

Steels which were completely deoxidized with alu- 
minum had numerous entrapped oxide inclusions, 
and as a consequence the final product was charac- 
teristically seamy and slivered. Where the cast 
section was sound and free from entrapped oxides, 
the surface of the final product was relatively free 
of surface defects. These favorable surface condi- 
tions were obtained generally on the product rolled 
from silicon-deoxidized steels. 

The internal structure of hot and cold-rolled 
sheets of rimmed steel contained numerous clusters 
of non-metallic inclusions which were readily visi- 
ble by macroscopic examination. This serious in- 
clusion condition was not encountered in the sheet 
product from deoxidized steels. 

Mechanical testing of the rolled sheet product 
indicated that all steels made in this study had 
higher tensile values and were harder and less 
ductile than similar materials processed from con- 
ventionally cast, open-hearth steels. Tentatively, a 
major part of this difference is attributed to the 
relatively high level of residual elements encoun- 
tered in the electric furnace steels used for this 
investigation. 

Despite the apparent lowered measured ductility, 
the sheets rolled from the continuously cast sections 
were successfully cold drawn into a wide variety of 
cold-pressing and spinning operations. In the case 
of the rimmed steel product, however, the previously 
described inclusion condition commonly caused sur- 
face defects and internal laminations to appear in 
cold-drawing, which were the basis of rejection of 
the final part. It was apparent that basic changes in 
operating procedures would be required in order to 
permit successful performance of continuously cast 
rimming steels on such deep-drawing applications. 
There was no obvious objection to the cold-pressing 
performance results obtained on the deoxidized 
steels either from the standpoint of meeting the 
deep-drawing or the surface requirements. 

In addition to hot and cold-rolled sheets, selected 
smaller test lots were processed into galvanized 
sheets and tinplate. No difficulties were encountered 
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with respect to processing and performance of a 
limited number of galvanized sheet products. In 
rolling rim steel to the light gages required for 
tinplate applications, rather heavy losses were en- 
countered due to the exposure of laminations which 
were associated with inclusions. The silicon-de- 
oxidized steels rolled down to the light tinplate 
gages readily. However, the presence of the small 
percentage of residual silicon interfered with the 
electrolytic tinning process giving a dull appear- 
ance to the coated surface. 

One heat of low-carbon steel containing 1.75 pct 
Si was also processed into cold-rolled sheets. 
The surface quality of this material was excellent 
throughout. Some core loss measurements made on 
the heat-treated cold-rolled sheet product were 
relatively high as compared toa similar open-hearth 
product. A large proportion of the higher core loss 
was assigned to the higher residual element content 
of the electric furnace product. 

To obtain insight into the influence of high-sulfur 
content on casting characteristics and hot-working 
properties, a single heat of low-carbon steel con- 
taining over 0.3 pct S was continuously cast and 
processed. This heat was hot worked without dif- 
ficulty and then finished into a standard cold-drawn 
bar section. 

At the start of this experimental program, only a 
limited amount of specific information was available 


concerning the continuous casting of low-carbon 
steels. Accordingly, a large part of this investiga- 
tion was devoted to developing basic metallurgical 
practices and to establishing limiting casting plant 
operating conditions. To develop the information 
required for all phases of the program it was nec- 
essary to cast a considerable amount of steel under 
conditions which are now recognized as being far 
from optimum from the standpoint of product per- 
formance. In this respect it would be expected that 
the performance results that would be obtained in a 
program which would be devoted solely to producing 
acceptable product quality could be far superior to 
those reported in this study. As future developments 
increase the basic knowledge of the process, and as 
improvements in equipment design and capacity al- 
low proper emphasis on quality aspects, it is only 
logical to expect that continuous casting will assume 
a more favorable position in the manufacturing of 
carbon-steel products. 
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The Effect of Additions on the Exchange 


of Chlorine between Calcium Chloride 


and Metal Oxides 


Metal chlorides were formed by reacting metal oxides and calcium chloride; the 
effect of additions to the reaction mixture was studied. It was found that by use of 
proper additions, metal chlorides could be prepared from mixtures that were not re- 


active under ordinary conditions. 


Norbert F. Neumann and A. W. Schlechten 


Many recent metallurgical developments involve 
the use of chlorine or chlorides as primary re- 
agents; good examples are found in the production 
of ductile zirconium and titanium by reduction of 
their chlorides with magnesium. Various methods 
of preparing metal chlorides are used and many 
others have been proposed. Some chlorides are 
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formed by the direct combination of a metal or al- 
loy with chlorine. Other processes react chlorine 
and metallic oxides; carbon or other reducing 
agents are usually employed to reduce the metal 
oxides and so promote chlorination. 

Metallic chlorides have also been produced by 
the exchange of chlorine between metal oxides and 
a chloride, such as sodium chloride. This type of 
reaction was the basis for the old process of chlo- 
ride roasting in which metal ores were roasted in 
the presence of salt. Soluble chlorides thus formed 
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were leached from the calcine, or in some in- 
stances, the chlorides were volatilized and re- 
covered from the fume. The method had its limi- 
tations in that many chlorides could not be produced 
or were decomposed in the atmosphere of a com- 
mon roasting furnace containing excess oxygen and 
moisture. 

This type of chlorination reaction can be more ef- 
fective if conducted under partial vacuum so as to 
volatilize the chloride products and so promote the 
reaction. Furthermore, in the absence of oxygen 
and moisture many chlorides can be formed that 
are not ordinarily obtained by chloride roasting. 

Such an exchange of chlorine between metallic 
oxides and calcium chloride under reduced pres- 
sure has been patented by Erasmus’ as a method 
of beneficiating ores; he claims particularly the 
treatment of chromite and ilmenite to reduce the 
iron content by volatilization of iron chloride. The 
patent also points out the benefit to be obtained by 
the presence of sufficient silica in the charge to 
combine with the lime formed from the calcium 
chloride. 

In the work described in this paper high-tem- 
perature vacuum techniques were applied to the 
preparation of a number of metallic chlorides by 
the exchange of chlorine between calcium chloride 
and metal oxides. The effects of additions of not 
only silica but of a number of other nonvolatile 
stable oxides to these reactions were studied and 
compared to the predictions that may be made on 
the basis of thermodynamic data. 


THEORETICAL CONSIDERATIONS 


The metal oxide-chloride reactions may be ex- 
pressed by the following equation: 


MO + M'Cl, = MCI, + M'O [1] 


The use of a partial vacuum is advantageous when 
the chloride formed has a high vapor pressure. 
Conversely all of the other constituents should have 
low vapor pressures, to avoid contaminating the 
product. The choice of the ideal chloride, that is, 
one which does not readily decompose and has a low 
vapor pressure, is limited. Calcium chloride was 
chosen because it has the lowest vapor pressure of 
the common chlorides. Its boiling point, at 1 at- 
mospheric pressure, has been estimated to be 
2300°K,* and the melting point is 782°C. ° 

Under vacuum the chlorination reaction with cal- 
cium chloride at 800°C, may be represented as 
follows: 


MO(s) + CaCl, (1) = MCl,(g) + CaO(s) [2] 


To assist in the chlorination, additions of non- 
volatile stable oxides may be made to the basic 
chlorination reaction. These reactions take place 
as follows: 


MO(s) + M'O(s, 7) + = MCl,(¢) 
+ CaO-M'O(s) [3] 
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In this investigation silica, alumina, and boron oxide 
were employed as additives. The resulting calcium 
Silicates, aluminates and borates have high boiling 
temperatures and therefore, the chlorides formed 
may be removed by volatilization from the relatively 
nonvolatile reactants and nonvolatile residue. The 
effect of the (PO,)”~~ radical on the reaction was 
determined by using the metal phosphate instead of 
the metal oxide as a constituent of the charge. The 
use of such additions is comparable to the role 
played by CaO in the production of magnesium from 
the reaction of calcined dolomite and ferrosilicon. 


EXPERIMENTAL APPARATUS AND PROCEDURES 


The vacuum furnace consisted of a resistance- 
heated porcelain tube which was sealed into a cylin- 
drical steel base. Vacuum connections were made 
through the base to a cold trap, oil-diffusion pump, 
and a mechanical pump. Operating pressures of ap- 
proximately 1 » were measured by a tilting McLeod 
gage. A mercury manometer and Pirani gages in- 
dicated the fore line pressures. Vacuums were 
broken by admitting either dried helium or air. 
Bolted to the steel base was a cold finger type con- 
denser which was sealed into the system with “O” 
rings. The condenser, as shown in Fig. 1, could be 
moved up or down in the furnace without breaking 
the vacuum. Fastened to the top of the condenser 
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was a porcelain heat reflector on which the crucible 
containing the charge was set. At the lower end of 
the condenser assembly was a metallic tube into 
which the condenser, crucible support, and crucible 
could be withdrawn. This tube held the crucible on 
the support as well as prevented accidental loss of 
condensate by abrasion as the condenser was re- 
moved from the furnace. 

A thermocouple placed into the furnace, outside 
of the porcelain tube and at the same height as the 
crucible was used to indicate and control the tem- 
perature of the furnace. Temperature calibration 
curves were obtained by making a blank run with 
a thermocouple sealed in the furnace. 

All of the compounds used in this investigation, 
except the silica, were analytical grade reagents. 
Before any of the materials were used they were 
dried under vacuum for 12 hr at 250°C. The cal- 
cium chloride was granular and approximately 20 
mesh, whereas the oxides were in a finely divided 
state. High-purity silica sand was wet ground to 
—200 mesh, dried and used for the silica additions. 
Boric acid crystals were dehydrated, in a platinum 
crucible, at approximately 800°C for about 20 min. 
When all bubbling action. had ceased the boron oxide 
was poured into a platinum dish which had been 
placed in a desiccator. Upon cooling the glass but- 
ton was crushed and ground to —100 mesh. 

The predried reactants were weighed and blended 
in a dry box. They were then compacted in a steel 
die and placed into a tared porcelain crucible. To 
prevent moisture pickup a bag, containing a dry at- 
mosphere, was employed to move the crucible and 
its contents from the dry box to the furnace. After 
the bag was sealed to the furnace the condenser as- 
sembly was lowered, the crucible was placed on the 
support and the entire assembly was raised and 
sealed into the furnace. The system was then evac- 
uated and flushed with helium 3 times to insure 
complete removal of air. Helium was admitted at 
a pressure 10 cm of mercury above atmospheric 
pressure. By means of the condenser the crucible 
and charge were then raised from the cold, lower 
zone to the preheated, 800°C zone of the furnace. 
To minimize calcium chloride volatilization, they 
remained there under a helium atmosphere for 2 hr. 
Then the system was evacuated and held under vac- 
uum for 12 hr. After which time the vacuum was 
broken and the reaction was stopped by lowering the 
charge into the cold zone. When the crucible was 
cool the condenser assembly was discharged into 
the transfer bag from which it was introduced into 
the dry box through a lock chamber. 

The condensate was scraped from the condenser 
and weighed. The crucible and residue were also 
weighed. Chemical, optical, and X-ray diffraction 
analyses were made to determine the composition 
as well as the compounds present in the condensates 
and residues. 


EXPERIMENTAL RESULTS 


The oxides, NiO, CoO, Mn,0,, and Fe,0,, when 
heated with calcium chloride under vacuum all 
yielded anhydrous metal chlorides which were col- 
lected on the water cooled condenser. The com- 
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parative recovery of metal as chloride and the 
purity of the product can be seen from the data pre- 
sented in Table I. 

It can be seen that the more refractory oxides 
yielded less chloride and that with smaller yields 
the chloride usually was less pure, because the 
calcium chloride which evaporated from the charge 
into the condenser constituted a greater percentage 
of the condensate. 

The addition of Al,O,, SiO,, or B,Oy in almost 
every instance improved the yield of chloride which 
was in turn of better grade. Usually B,O, had the 
greatest effect followed by SiO, and then Al,O,, ex- 
cept in the chlorination of NiO, where SiO, additions 
were most effective. Al2O, additions were of doubt- 
ful value in the chlorination of CoO and Fe20,. 

The two examples of chlorination where the (PO,), 
radical was present would indicate that its effect 
falls between that of and 

Attempted chlorination of the more refractory 
oxides Cr,O, and TiO, yielded no results except 
upon the addition of B,O, which produced some 
CrCl, and only a slight amount of TiCl,. 

Some individual characteristics of the chlorina- 
tion af the metal oxides are worthy of mention. 

Chlorination of Nickel Oxide— Additions of SiO, 
produced the greatest yield of NiCl, in contrast to 
the experiments with other metals where B20, was 
most effective. Examination of the residues in each 
instance, by chemical, optical, and X-ray methods, 
revealed the expected CaAl,O,, CaSiO,, Ca, 
or Ca, (PO,), plus unreacted NiO and surplus addi- 
tion agent except in the case of the B,O, addition 
where the residue also showed tri-calcium borate 
and possibly nickel borate. The formation of nickel 
borate before chlorination could explain the unex- 
pectedly small yield from the B,0O, additions. 

Chlorination of Cobalt Oxide—The only deviation 
from the normal pattern for the results of these 
runs was the failure of Al,O, additions to improve 
the chloride yield. X-ray diffraction patterns of the 
residues from the experiments with Al,O, showed 
the presence of cobaltous aluminate rather than the 
unreacted CoO which was found in the other experi- 
ments. Evidently the previous combination of CoO 
and Al,O, retarded the formation of cobalt chloride. 

Chlorination of Mn,O,—Manganese dioxide was 
the original material mixed into the charge, but this 
oxide readily decomposed to Mn, QO, under the condi- 
tions of the furnace, as was indicated by the fact that 
X-ray diffraction patterns of the residue showed 
unreacted Mn,O, but no MnO,. The residues con- 
tained in the compounds indicated by the equations. 

Chlorination of Fe,0,—It has been reported that 
ferric oxide would not react with calcium chloride 
in the absence of a reducing agent at temperatures 
between 500° and 900°C.* However, the data pre- 
sented in Table I show that the reaction can be ob- 
tained without a reducing agent if a vacuum is main- 
tained in the furnace. 

In this series, a number of runs were made in 
which the amount of additive was varied. The addi- 
tives were charged in stoichiometric amounts, 
which when reacted with the calcium oxide produced, 
would presumably form compounds which appear on 
the calcium oxide-additive equilibrium diagrams. 
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Table |. Recovery and Grade of Metal Chlorides in Condensate 


Wt of Metal 
Metal Chloride Choride in Recovery in 
Wt of Conden- in Condensate, Conden- Condensate, 

Reaction sate, g Pct sate, g Pct 

NiO + CaCl, # NiCl, + CaO 1.3500 68.2 0.921 17.8 

1.5431 66.4 1,025 20.5 

NiO + CaCl, + Al,O, 2 NiCl, + CaAl,0, 1.8664 79.5 1.484 29.6 

1.7699 81.0 1.434 28.7 

NiO + CaCl, + SiO, 2 NiCl, + CaSiO, 3.3582 81.4 2.734 59.5 

3.1860 82.0 2.613 52.1 

NiO + CaCl, + 1/3 B,O, 2 NiCl, + 1/3 Ca,B,0, 2.8122 85.2 2.395 47.7 

2.7712 82.9 2.298 = 

1/3 Ni + CaCl, 2 NiCl, + 1/3 Ca, (PO, 2.9688 74.8 227i 52.1 

: 3.0536 75.2 2.296 53.9 

CoO + CaCl, #2 CoCl, + CaO 1.6103 68.5 1.103 29.7 

1.4997 66.7 1.000 27.2 

CoO + CaCl, + Al,O, # CoCl, + CaAl,0, 1.3234 72.5 0.960 25.9 

1.4237 70.7 1.006 22.1 

CoO + CaCl, + SiO, # CoCl, + CaSiO, 2.5500 84.4 2:152 57.8 

2.5935 85.2 2.210 59.4 

CoO + CaCl, + B,O, 2 CoCl, + CaB,O, 3.2520 96.0 3.122 84.0 

3.3086 94.5 3.127 84.2 

1/3 Co, (PO,), + CaCl, @ CoCl, + 1/3 Ca, (PO,), 3.6972 98.3 3.634 82.6 

3.7526 98.0 3.678 83.6 

1/3 Mn,O, + CaCl, # MnCl, + CaO + 1/6 O, 2.2385 60.0 1.343 30.6 

2.2357 61.9 1.384 31.5 

1/3 Mn,O, + CaCl, + Al,O, @ MnCl, + CaAl,0, + 1/6 O, 2.1849 72.7 1.698 37.1 

2.3006 74.0 1.702 38.7 

1/3 Mn,O, + CaCl, + SiO, @ MnCl, + CaSiO, + 1/6 O, 2.8285 81.4 2.302 52.4 

2.6598 81.7 2.173 49.5 

1/3 Mn,O, + CaCl, + 1/3 B,O, @ MnCl, + 1/3 Ca,B,0, + 1/6 O, 2.5848 86.1 2.226 50.7 

2.5197 89.3 2.250 $1.2 

Mn,P,0, + CaCl, # MnCl, + Ca, (PO,), 2.7387 87.5 2.396 64.5 

1/2 Fe,0, + CaCl, 2 FeCl, + CaO + 1/4 0, 0.7643 60.2 0.460 10.1 

0.4160 59.9 0.249 5.5 

0.6498 59.0 0.383 8.3 

0.4120 69.5 0.286 6.2 

0.8713 66.0 0.575 12.5 

1/2 Fe,0, + CaCl, + SiO, # FeCl, + CaSiO, + 1/4 O, 1.8216 | 66.7 1.216 26.5 

1.6585 66.2 1.10 23.9 

1.4604 82.5 1.205 26.3 

1/2 Fe,0, + CaCl, + B,O, # FeCl, + CaB,O, + 1/4 O, 2.0000 80.8 1.615 35.4 

1.7813 81.5 1.457 31.9 

1/2 Fe,0, + CaCl, + 1/2 B,O, @ FeCl, + 1/2 Ca,B,0, 1/4 0, 2.2833 82.5 1.884 41.2 

: 2.200 83.2 1.831 40.1 

2.1145 85.5 1.808 39.6 

2.1060 80.2 1.690 37.1 

2.5208 75.4 1.900 41.5 

2.2466 83.3 1.871 40.9 

1/3 Fe, (PO,), + CaCl, # FeCl, + 1/3 Ca,(PO,), 1.2417 78.7 0.977 68.9 
1/3 Cr,0, + CaCl, # 2/3 CrCl, + CaO no reaction 
1/3 Cr,0, + CaCl, + Al,O, 2 2/3 CrCl, + CaAl,O, no reaction 
1/3 Cr,0, + CaCl, + SiO, # 2/3 CrCl, + CaSiO, no reaction 

1/3 Cr,0, + CaCl, + B,O, @ 2/3 CrCl, + CaB,O, 0.8474 37.0 0.314 5.7 

0.9221 42.0 0.387 7.5 
2/3 CrPO, + CaCl, # 2/3 CrCl, + 1/3 Ca, (PO,), no reaction 
1/2 TiO, + CaCl, e 1/2 TiCl, + CaO no reaction 
1/2 TiO, + CaCl, + Al,O, 2 1/2 TiCl, + Ca Al,O, no reaction 
no reaction 


1/2 TiO, + CaCl, + SiO, 2 1/2 TiCl, + CaSiO, 
1/2 TiO, + CaCl, + B,O, # 1/2 TiCl, + Ca B,O, 


slight conversion 


In the case of alumina and silica additions only 
Ca Al,O, or Ca SiO, were found in the residues de- 
spite the amount of the addition. Reactions in which 
boron oxide was added resulted in the formation of 
di-calcium borate or mono calcium borate. Addi- 
tions of /s mole of boron oxide to 1 mole of calcium 
chloride gave mono-calcium borate. Ratios of ¥/, 
1, and 2 moles of boron oxide to calcium chloride 
yielded residues whose diffraction patterns showed 
that di-calcium borate was formed. In addition to 
the borates and unreacted ferric oxide, ferrous 
chloride was also found in the residues. 

Ferric oxide, Fe,O,, was the starting material 
charged. At 800°C and under vacuum, a briquet of 
this oxide partially decomposed to Fe,0,; although 
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X-ray diffraction patterns of the briquet did not 
show the presence of magnetite, the briquet was 
found to be quite magnetic. 

After reaction of this oxide with calcium chloride 
was completed, an analysis by X-ray diffraction 
showed that the unreacted oxide which remained in 
the residue was Fe,O,. These residues were also 
magnetic thus indicating the presence of Fe,O,. 
Therefore, possibly both Fe,O, and Fe,O, reacted 
with the calcium chloride. 


RELATION OF CHLORINATION YIELD AND 
FREE-ENERGY CHANGE 


Analysis of the results of the chlorination exper- 
iments showed that a correlation could be made be- 
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tween the yield of chloride and the standard free- 
energy change of the chlorination reaction. Thus 
other possible chlorinations and the effect of other 
additives can be predicted if the thermodynamic and 
chemical data are available. 

The nickel oxide-calcium chloride reaction given 
below can be used to illustrate the method employed 
in calculating the standard free-energy change and 
relating it to the chloride yield. 


NiO(s) + CaCl,(/) = NiCl,(g) + CoO(s) [4] 


Standard free energies of formation, at 800°C, of 
the reactants and products were calculated using 
published data. The nickel chloride is in the gase- 
ous state; therefore, the standard free energy of 
sublimation at 800°C, was also calculated. The 
free-energy change accompanying the reaction may 
be expressed as follows: 


° ° ° ° 
AF nici, + 4¥ sublimation nici, + — 4F 


CaO NiO 
—39,723 +7,285 —124,275 +33,663 


= AF ’caci, = AF 
+153,764 = +30,714 cal. 


Similar calculations were made for the reactions 
in which additions were present. In these cases the 
free-energy change resulting from the reaction of 
CaO with the SiO,, Al2O, or B,O, was added to the 
free-energy change of the reaction as given in 
Eq. [4]. Each addition, as given in Table I, made 
the free-energy change accompanying the reaction 
more negative, and thus increased the values of the 
equilibrium constant, K, where: 


AF° = —RT InK [5] 


The equilibrium constant for the reaction of cal- 
cium chloride and nickel oxide is expressed as 
shown below: 


NiCl2- a CaO [6] 


K 


where a is the activity of each constituent in the re- 
action at equilibrium. If it is assumed that 1) the 
solubility of nickel chloride in calcium chloride is 
negligible, 2) that the calcium oxide and the nickel 
oxide are pure solids, and 3) that all of the nickel 
chloride is in the gas phase and is an ideal gas, then 
the activities of the pure solids or pure liquids are 
equal to unity and the equation for the equilibrium 
constant for the chlorination reaction may be written 
as follows: 


Table Il. The Effect of Addition on the. Standard Free-Energy 
ange of a Chlorination Reaction 


Reaction AF® 800°C Kcal 
NiO + CaCl, 2 NiCl, + CaO + 30.7 
NiO + CaCl, + Al,O, 2 NiCl, + CaAl,O, + 22.6 
NiO + CaCl, +.Si0, 2 NiCl, + CaSiO, + 95 
NiO + CaCl, + B,O, 2 NiCl, + CaB,O, + 0.9 
TRANSACTIONS OF 
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_ f NiCl2-1 


= p NiCl, [7] 


Combining Eqs. [5] and [7] yields a relationship be- 
tween the standard free-energy change of the re- 
action and the pressure of the nickel chloride. 


AF° = -RT In p NiCl, [8] 


As shown above, additions to the basic chlorina- 
tion reaction reduce the free-energy change and ex- 
ponentially increase the equilibrium constant or the 
pressure of the nickel chloride. This relationship 
is strictly valid only for equilibrium conditions; 
however, it can be used in indicating the effect of 
additions to chlorination reactions which are under 
quasi-equilibrium conditions. 

From the kinetic molecular theory of gases the 
following expression is derived for the number of 
moles Z, at pressure p, and temperature 7, im- 
pinging on a sq cm of surface per sec: 


p 
Z = 


Thus, increased pressures, which are increased 
molecular concentrations, result in higher molecu- 
lar bombardment of the containing walls of the sys- 
tem. In the derivation of this relationship it is as- 
sumed that all of the molecules undergo elastic col- 
lisions with each other and with the confining sur- 
faces. If however, a small portion of the surface is 
a perfect condenser the number of molecules con- 
densed in a unit time will be a function of the pres- 
sure. Combining Eqs. [8] and [9] yields a relation- 
ship between the free-energy change of a reaction 
and the number of moles of gas condensed on a sq 
cm per sec. 


AF°® = —RT In [10] 


The effective area of the condenser used in this 
investigation was relatively large and indeter- 
minate; consequently, equilibrium conditions were 
not satisfied and the exact function could not be 
employed. Yet under quasi-equilibrium conditions 
a decrease in the free-energy change should result 
in a logarithmic increase in the weight of chloride 
condensed. Therefore additions of SiO,, Al,O,, and 
B,O, which decrease the free-energy change of the 
oxide-chloride reaction produced an increase in the 
weight of the chloride condensed. 

Fig. 2 shows the relationship between the stan- 
dard free-energy change and the log of the weight 
of nickel chloride in the condensate. It can be seen 
that the points for the reactions between calcium 
chloride and nickel oxideYand the reactions in which 
alumina and silica were added define a straight line. 
The points representing the reactions in which boron 
oxide was added lie slightly to the left of the straight 
line. Nickel borate, which was found in the residues 
may have been formed before chlorination. If the 
nickel borate had reacted with calcium chloride the 
position of these points would be shifted to the right 
by a value which corresponds to the free-energy 
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Fig. 2— Relationships between the log of the wt, in g, of metal chloride in the condensates and the standard free energies 


of reaction, based on 1 mole of calcium chloride. 


change accompanying the formation of nickel borate 
from its constituent oxides and the points would be 
much closer to the straight line. 

A similar plot for the chlorination of cobalt oxide 
is also shown in Fig. 2. No free-energy data are 
available for the formation of cobaltous aluminate; 
therefore, the experimental data for the chlorina- 
tion with alumina addition could not be plotted. 

Free-energy change versus log weight of MnCl, 
produced by chlorination of Mn,O, is shown in 
Fig. 2 and the good correlation can be seen. 

No relationship could be established between the 
free-energy change and the amount of FeCl, con- 
densate obtained from the chlorination of Fe,0,. 
The theoretical agreement is based on the assump- 
tion that all of the metallic chloride formed by the 
reaction is in the gaseous state, but analyses 
showed a considerable amount of FeCl, in some 
of the residues, and this may explain why the re- 
lationship was not maintained. 


SUMMARY 


Metallic chlorides were produced by the exchange 
of chlorine between calcium chloride and a number 
of metal oxides. The effect of additives, Al,O,, 
SiO,, and B,O, on these reactions was investi- 
gated. The reactions were carried out in inert at- 


On Solid-State Diffusion with a Linearly Varying Temperature 


H. L. Armstrong 


SoLp-sTATE diffusion is an important technique 
in certain aspects of metallurgy, and especially the 
metallurgy of semi-conductors and semi-conductor 
devices. If the diffusion is carried out under con- 
stant conditions for a time, ¢, the concentration, C, 


H. L. ARMSTRONG is associated with Pacific Semiconductors, Inc., 
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mospheres and under a vacuum in order to prevent 
reoxidation of the chlorides which were formed by 
the reactions. Some reactions were found to take 
place under a vacuum which do not occur at atmos- 
pheric pressure. 

With every oxide investigated conversion was 
increased by the additions. When it could be de- 
termined exactly which compounds reacted and 
which compounds were formed by the reactions and 
when thermodynamic data for these compounds 
were available, a linear relationship was found to 
exist between the standard free-energy change ac- 
companying the reaction and the logarithm of the 
weight of the metal chloride condensed. Thus, it 
appears possible to predict the amount of metallic 
chloride which may be produced when other mate- 
rials are added to the reaction mixture, providing 
that the thermodynamic data for the constituents of 
the reaction are known, as well as the composition 
of the compounds reacted and formed. 
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of the diffusant at a depth, x, below the surface from 
which the diffusion is carried out is given by an ex- 
pression of the form. 


C = C, f(x, Dt) [1] 


Cy being a constant, and D the diffusion constant of 
the diffusant in the material and at the temperature 
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concerned; / is a function, whose form depends on 
the boundary and initial conditions; in certain simple 
cases it may be a complementary error function, or 
a Gaussian function. 

A case of some interest is that in which D is not 
a constant, but is a function of time only. Then 
Eq. [1] is replaced by’ 


C= Cof {x, J D(w du} [2] 


In practice, this usually arises because the tem- 
perature is a function of time. D depends on the ab- 
solute temperature, 7, through 


SH 
D = Doe RT [3] 


D, and Ad being constants of the material, and R 
the gas constant. 

A common form of variation of temperature with 
time is for the temperature to start at some value, 
T,, and decrease linearly at s degrees per unit of 
time. This is done for purposes of annealing, and 
usually the linear decrease of temperature is car- 
ried out to a temperature low enough that diffusion 
is negligible. Under the circumstances, the integral 
in Eq. [2] is just 


Dy J RT [4] 


The substitution AH/ {R(T, — su)} = w changes 
the integral to the form (1/w”) exp (—w), and then 
an integration by parts gives 


_ 
D, RIT dy = T,e 


AH 
ates "RT , 4H 
(T, — she RT, 


[5] 


with the notation” 


ei(w) = J dt [6] 
W 


While exact, Eq. [5] is rather complicated, and a 
simple approximation’ is often useful. 

By expanding (7, — su)~* by the binomial theorem, 
and retaining only 2 terms, one may write 
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RT* [7] 


The last approximation follows if, as is usually true, 
exp (— ts AH/RT,*) < 1. Note that the binomial ex- 
pansion is a good approximation, since for small 
enough ¢, st < T,; for larger ¢ the integrand is so 
small that it contributes only negligibly to the inte- 
gral. 

Eq. [8] shows that the total effect is the same as 
if the diffusion were carried out at the initial tem- 
perature for a time R7,°/sAH. All these quantities 
usually will be known; if D(7) is given by a graph, 
it is convenient to get the desired quantities from 
the relation 


AH d(1n D) [38] 


Thus,the effect of diffusion with a linearly de- 
creasing temperature can be calculated rather 
easily. If temperature instead should be of the 
form T, — st", #2 >0), the approximate treatment 
could be carried out with the help of the integral® 


0 


[9] 


and many other variations of temperature with time 
could be treated, if it should ever seem worth while 
to do so. Mr. E. D. Metz has investigated this 
matter and informs the author that Eq. [7] repre- 
sents the results very well, for diffusion with a 
linearly decreasing temperature. 
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The Measurement of Grain Contiguity 


in Two-Phase Alloys 


A method of measuring the degree of contact between grains of 1 phase in multi- 

phase alloys is derived. It is shown that the number and the areas of contacts between 
\ grains can be determined by metallographic analysis. Relations between the area of 
contact, the dihedral angle, and the mean free path of spherical grains are developed. 


J. Gurland 


Ir is often desirable to interpret the mechanical 
behavior of alloys in terms of structural features 
observed under the microscope. A quantitative 
description of microstructures of multi-phase al- 
loys requires consideration of geometrical and 
topological factors such as the amount, size, and 
shape of grains and the continuity of the constitu- 
ent phases. The number and dimensions of grains 
may be metallographically determined by applying 
the methods described by Smith and Guttman’ and 
by Fullman’ in their papers on the measurement of 
particle size and internal boundaries in opaque 
bodies. The present work intends to show that the 
same methods can be used to evaluate some of the 


parameters of phase continuity; namely, contiguity, 


number of contacts, and areas of contact of grains 
of 1 phase. Application of these concepts may be 
found in such problems as the calculation of elec- 
trical conductivity of 2-phase alloys, or the evalu- 
ation of the length of fracture path through grains 
of a brittle phase more or less dispersed ina 
matrix. 


I. DEFINITION 


The following definitions and derivations are 
based on 2-phase alloys, of which the units of the 
microstructure are grains. 

Contiguity is defined as the average fraction of 
surface area shared by 1 grain of a phase with all 
neighboring grains of the same phase. In a 2-phase 
alloy of constituents A and B, the contiguity of phase 
B is given by: 


2BB 


where 
Cx is the contiguity of phase B 
app is the average area of contact between a 
grain of phase B and adjacent grains of phase B, 
Gap is the average area of contact between a 
grain of phase B and adjacent grains of phase A. 
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The contiguity is a measure of the average degree 
of contact between grains of phase B in the 2-phase 
mixture. . The ratio varies from 0 to 1 as the dis- 
tribution of phase B changes from a completely 
dispersed to a fully agglomerated structure. 

Smith and Guttman’ have shown that the relative 
areas of 2 kinds of interfaces in a volume are di- 
rectly proportional to the number.of interfaces of 
each type intersected by a random line. The lines 
can be drawn on metallographically prepared sur- 


faces as long as these are random sections through 


the sample. The contiguity ratio of phase B then 
becomes: 


___2Npp 


Cz [2] 


where: 

Npp is the number of interfaces between grains 
of phase B intersected per unit length of ran- 
dom line. 

Nap is the number of interfaces between grains 
of phase B and grains of phase A intersected 
per unit length of random line. 

The factor 2 arises in Eq. [2] because each inter- 
face B-B is associated with 2 grains of B-phase, 
whereas the interface A-B involves only 1 grain of 
B-phase. The calculations of contiguity do not re- 
quire any assumption as to volume fraction, particle 
size, or particle shape. 

Fullman? gives an expression for the determina- 
tion of the mean free path between particles. The 
mean free path Pp between grains of phase A, i.e., 
through grains or agglomerates of phase B, may 
be found from the relationship: 


af 
Pp = [3] 


where f p is the volume fraction of phase B. The 
calculation of the mean free path is independent of 
grain shape and grain size distribution. 

The calculation of the number of contacts and of 
contact area requires assumptions of grain shape, 
grain size, and contact shape. In the case of uni- 
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form spheres, the number of grains per unit volume 
Ny, 
a Ns? 


where N, is the number of grains of 1 phase per 
unit area of cross section, N, is the number of 
grains of 1 phase intersected per unit length of ran- 
dom line. In terms of the previous nomenclature: 


Nap + 2Npp 
N,, = 2 


for phase B. 


The number of contacts between grains of the 
same phase per unit volume is determined from a 
count of contacts per unit length of random line, 
Npp, and per unit area, Mg, on a random surface. 
Each contact is considered as a circular area. Fol- 
lowing the derivation by Fullman for uniform circu- 
lar plates having a radius very much larger than the 
thickness, the number of contacts per unit volume, 
My, is given by: 


_2M;* 
NBB [5] 


The average number of contacts of 1 grain of phase 
B with contiguous grains of the same phase is then: 


[6] 


Ne = 2xMy _ 8 (Ms) Nap + 2NBB 


Ny \Neg, NpB 
The area of contiguity per contact, or the average 
area shared by a grain with 1 neighboring grain of 
the same phase, is expressed as a fraction of the 
total grain surface by: 


a. [7] 


Eqs [4] to [7] assume uniform spherical grains and 
circular contacts of uniform area. 


II. RELATIONS BETWEEN TOPOLOGICAL 
FUNCTIONS BASED ON UNIFORM SPHERICAL 
GRAINS 


a) Relation between mean free path, contiguity, 
and grain diameter. 

The mean free path through dispersed uniform 
spherical grains is equal to the mean lineal traverse 
length of spheres: 7 = $d where d is the diameter. 
If grains of one phase are contiguous, the mean free 
path is increased by the probability of penetrating 
the adjacent grains through the contact areas: 


X Ne(Ne—1)2 | 
(1—4,) 


P=2+N, Xa,x b+ 


a." N,(N,—1)"' 
(1 


+ 


[8] 


or for a large number of grains: 
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b) Relation between area of contiguity per con- 
tact and dihedral angle. 

The area of contact of 2 spherical grains of 1 
phase contained within a matrix of another phase 
depends on the difference between the interfacial 
tension of the grain boundary between the 2 sphe- 
rical grains in contact and that of the interphase 
boundary between the spherical grains and matrix. 
The dihedral angle is the angle of the 2 interphase 
boundaries at their junction with the grain bound- 
ary. The value of the dihedral angle is determined 
by the geometric equilibrium of the 2 kinds of 
boundaries involved.* Provided that there is a 
mechanism of mass transfer, the area of adher- 
ence will attain the size required by the dihedral 
angle. For spheres, the contact surface is a circu- 
lar area, forming the base of a spherical segment. 
If 6 is the dihedral angle and 7”, the radius of the 
spheres, the areas of base and segment are: 


6 6 
A, = tr? (1 — cos 5) (1 + COs 5) 


As 


2ar? (1 + COs 5) 


The area of contiguity per contact is expressed as a 
fraction of the total grain surface: 


Ap 1— cos 
a. = A > Ab = 9 [10] 
3—cos 5 


Il. APPLICATIONS 


a) Measurement and calculation of contiguity and 
of mean free path in sintered carbides. 

The areas of contiguity per contact and the mean 
free path were determined by measurement and 
were calculated for the carbide constituent of 3 al- 
loys TiC-Co, VC-Co, and TaC-Co with nominal 
composition of 63 pct by volume of carbide. Photo- 
micrographs of these alloys have been previously 
published’ and show more or less spherical grains. 
The required factors of carbide contiguity (Npp, 
Nap, Jp, Ns, Ms, 6) were measured and the fol- 
lowing results were obtained: 


TiC-Co VC-Co TaC-Co 


Grain diameter: d, pu 2.72 2.31 3.17 
Dihedral angle, 6,degrees 80° 95° 100° 
Contiguity, C, 0.30 0.34 0.45 
Number of contacts per 

grain, Nc 3.9 3.1 3.9 


Fractional area of contigu- 
ity per contact, a,, 
measured, Eq. [7] 0.08 0.12 0.13 
calculated, Eq. [10] 0.09 0.13 0.14 
Mean free path through 
carbide, P, 
measured, Eq. [3] 2. 
2 


2.90 4.20 
calculated, Eq. [9] 2. 


82 3.64 
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b) Comparison of measured contiguity in a-f 
brass with the calculated contiguity of an aggregate 
of uniform spheres arranged on a body-centered- 
cubic lattice. 

A published study of interfaces in a-f brass by 
Hu and Smith® provides sufficient information to de- 
termine the contiguity of the precipitating phase (8) 
as a function of volume percentage. The authors 
produced a dispersion of 8 in a by simultaneous 
recrystallization and partial transformation. The 
data includes the relative number of interfaces be- 
tween grains of § and grains of @ (Ng,) and be- 
tween grains of 8 (Nga) for a number of samples 
with 21 to 43 volume pct of 8 phase. Also given is 
the statistical distribution of dihedral angles exist- 
ing in a typical structure of large grain size show- 
ing that the dihedral angle a versus £/f is near 
120°. 

The contiguity, C, was calculated from the ex- 
perimental data by Eq. [2] and is graphed in Fig. 1. 
The results are compared to a theoretically calcu- 
lated contiguity C=N, X a, of an aggregate of 
spheres, where a, was calculated from the dihedral 
angle by Eq. [10] and N,, was derived from an as- 
sumed distribution of spheres in space, as discussed 
below. 

c) Calculation of number of contacts in a modified 
BCC packing. 

An attempt was made to calculate the number of 
contacts in an aggregate of uniform spherical grains 
distributed in a matrix, by the following approxima- 
tion: 


CONTIGUITY 


40- 


36 MODIFIED BCC LATTICE 


MEASURED 


° | 2 3 4 
VOLUME FRACTION OF 8 PHASE 


Fig. 1—Contiguity of 8 ina brass 


454-AUGUST, 1958 


Table |. Relation between Concentration and Average Number of Contents 


Spheres per Volume Fraction Average Number of 
Volume % 7 d° Occupied by Spheres Contacts per Particle, \, 
0.5 0.17 0.20 
1 0.34 0.58 
2 0.38 1.32 
3 0.42 2.16 
4 0.46 2.97 
0.51 3.97 


It is assumed that the grains of the aggregate are 
arranged along a BCC lattice in such a manner that 
the average number of grains per unit volume cor- 
responds to the concentration of the dispersed phase 
but that the number of grains in small volumes 
fluctuates in accordance with the laws of probability. 

The BCC packing was selected because the volume 
fraction occupied by spheres (0.68) and the number 
of contacts per grain (8.0) are not too dissimilar 
from the comparable values observed on randomly 
stacked, sized, spherical particles after prolonged 
shaking, 0.608° and 8.84,’ respectively. It is pos- 
sible to calculate the volume fraction occupied by 
the spheres along the lattice as their number is re- 
duced throughout the matrix (Table I, columns 1 
and 2). 

The fluctuations of the number of particles in 
small, equal volumes is assumed to obey the laws 
of probability. If m is the mean number of particles 
per small volume, the probability of finding a small 
volume with a stated.number of particles 7 is given — 
by the Poisson distribution®: 


mt em 
[11] 


For the purpose of this approximation the size of 
the small volume was chosen to be a sphere of twice 
the diameter (d) of the spherical particles, or of 


volume 3 ad*. The number of grain contacts in the 


basic volume depends on the number of grains, n, in 
the volume and is assumed to be 7-1 contacts per 
grain. 

The calculation of the average number of con- 
tacts per particle for a given mean concentration 
of particles consists of 

a) determining the number of volumes contain- 
ing 0, 1, 2, 3,...m particles and 0, 0, 1, 2,...n-1 
contacts, by equation 11 

b) calculating the average number of contacts per 
particle from the total number of particles and of 
contacts. 

An example is given in Table II for the case of an 
average concentration of 1 particle per volume. The 
average number of contacts per particle is then: 


N, = = 0-58 


It is to be noted that no contacts would occur for a 
completely ordered arrangement of this concentra- 
tion. Simfilar calculations were carried out for 
other average concentrations. The results are listed 
in column 3 of Table I. The table, therefore, shows 
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Table Il. Statistical Distribution of Number of Particles (Example) 


In each Volume Distribution 
No. of Contacts 
Pct Volumes No. of Particles per Particle No. of Particles No. of Contacts 

36.8 0 0 0 0 

36.8 1 0 36.8 0 
18.4 2 1 18.4 18.4 
6.1 3 2 6.1 12.2 
1.5 4 3 1.5 4.5 
0.3 5 4 0.3 1,2 
0.1 6 5 0.1 0.5 
Sum 63.2 8 


a relation between volume fraction and average 
number of contacts. For comparison with the meas- 
ured relation, the product of the calculated number 
of contacts per particle and the area per contact is 
shown in Fig. 1 as a function of volume fraction. 


IV. DISCUSSION 


The quantities required for the calculation of con- 
tiguity and its parameters can be determined from 
measurements on metallographic surfaces. This 
includes the volume fraction, /, and the dihedral 
angle 6. The former is obtained by the methods of 
area, lineal, and point analysis, the latter by direct 
measurement of the most probable angle. 

Only the contiguity and the mean free path are 
independent of grain shape and size distribution. All 
other quantities and relations are based on uniform 
spherical grains. This is not an unworkable restric- 
tion in the case of the carbide-binder alloys which 
show fair agreement of measured and calculated 
values. But there is a definite lack of agreement 
between measured and calculated contiguities in a-f 
brass. One reason is the over-simplified model 
chosen to represent the aggregate of B-grains. The 
BCC lattice, even modified by dilution and statistical 
variations of concentration, does not correspond to 
the actual distribution of B-phase in the alloy. An- 
other fundamental reason for the discrepancy is the 
important connection between the number of pos- 
sible contacts and the shape of grains. This aspect 
has been developed by Smith® and Meijering’® for 
space filling aggregates and it has been shown that 
geometrical considerations limit the shape and the 
number of contacts. The theoretical estimate of 
contiguity in the model of spheres does not take into 
account the actual shape of the grains and the prob- 
able impingement of contact areas as their number 
becomes large. 

Similarly, the relations between mean free path, 
grain diameter, dihedral angle, and contiguity are 
based on uniform spherical grains and nonoverlap- 
ping contact areas. Even with spherical grains, the 
relations become less applicable as the proportion 
of the phase being measured increases. 

Contiguity, as defined here, has a more restricted 
meaning than continuity. As the latter term is gen- 
erally understood, it implies the concept of a con- 
tinuous path within 1 phase throughout the sample. 
Both continuity and contiguity are matters of degree. 
The degree of continuity has been discussed by 
F. Forscher™ in connection with a theoretical anal- 
ysis of the continuity of 1 phase in a mixture of 2 
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powders. As increasing amounts of powder A are 
mixed into powder B, A will first become continu- 
ous as 2 particles of A make contact. A will become 
more continuous as more of powder A is added and 
eventually A will be completely continuous. The 
same operation describes the degree of contiguity. 
Contiguity, however, is concerned only with the con- 
tacts between grains and their immediate neighbors, 
it may be regarded, therefore, as a measure of 
short-range continuity. 

The area of contact between grains depends on the 
dihedral angle. If that angle is 0, there will be no 
contact between grains of that phase under equilib- 
rium conditions, and there will be contacts if the 
angle is not 0. However, in a particular alloy, the 
number of contacts and the contiguity are strongly 
influenced by past history, for instance by the 
degree of mixing or by the availability of nucleation 
sites. Contiguity is a variable which should be con- 
sidered in the study of alloys and their properties. 
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The Antimony-Zirconium System in the 


Range 0 to 5 At. Pct Antimony 


The solubilities of antimony in the a and B-forms of zirconium were deter- 
mined between 750° and 1300°C. The a-phase forms by a peritectoid reaction, 
and the a/(a+ 8B) and B/(a+ B) phase boundaries rise in temperature with in- 
creasing antimony. Impurities in the 99.95 pct zirconium were sufficient to in- 
fluence the phase boundaries and the variation reported is approximate. The 
restricted solid solubility of the terminal zirconium phases, which is especially 
characteristic of this system, is thought to result from the low free energy of the 


Zr2Sb phase. 


J. O. Betterton, Jr. and W. M, Spicer 


ZIRCONIUM-antimony alloys are important in zir- 
conium alloying studies since antimony is one of the 
highest valent elements which can be used to make 
zirconium alloys. The dilute alloys are of further 
interest as they have somewhat better corrosion re- 
sistance’ than pure zirconium. 

The first investigation of the phase diagram was 
made by Russi‘and Wilhelm? who found a eutectic 
reaction, liquid (~ 17.5 at. pct Sb) = 8 zirconium 
(~ 11 at. pet Sb) + Zr,Sb, at 1430°C. The Zr,Sb 
phase was of complicated hexagonal structure, and 
by thermal analyses of the relatively impure alloys 
then available, Russi and Wilhelm found evidence for 
the peritectoid formation of the a-phase. 


EXPERIMENTAL 


In the present work, the phase diagram was re- 
investigated in the region 0 to 5 at. pct Sb and 750° 
to 1300°C using iodide-zirconium alloys. Details 
of the procedure have been described earlier.* Es- 
sentially the alloys were prepared by arc casting 
and were then examined by the annealing and quench- 
ing method. The times of annealing varied from 
1 hr at 1300°C to 30 days at 760°C. As in other 
zirconium phase-diagram studies* the impurities 
in the zirconium were still sufficient to affect the 
results, and the experiments will therefore be de- 
scribed in 3 parts. 

The results from the first 2 parts of the work are 
shown in Fig. 1. Here the 8/(8 + Zr,Sb) and 
a/(a + Zr,Sb) phase boundaries were determined 
with alloys made from 99.9 pct zirconium, * and 


*Detailed analysis of this zirconium, as well as that of 99.95 pct 
purity, have been given in reference 3. The antimony and zirconium 
contents of the alloys were determined through the courtesy of Mr. F. 
M. Lever of Johnson Matthey and Co., Ltd., who also supplied the 
99.9 pct antimony used in the alloys. < 
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search participant at Oak Ridge National Laboratory. 
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cast under such conditions that the Vickers hard- 
ness of a alloys extrapolated to 95 to 110 VPN at 
0 at. pct Sb. Such alloys were not suitable for in- 
vestigations of the (a + 8) region, and the results 
shown in Fig. 1 near the (a + 8) and (a + B + Zr, Sb) 
regions were determined with purer alloys. These 
alloys had an extrapolated hardness range of 75 to 
85 VPN and were made from 99.95 pct zirconium. 
A deviation from binary equilibrium occurs in 
Fig. 1 as indicated by the (a + 8) region of pure 


1300 


Fig. 1—Phase dia- 
gram of Zr-Sb be- 
tween 800° to 
1300°C and 0 to 5 
at. pct Sb. 
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zirconium and the (a@ + 8 + Zr,Sb) region. In an 
effort to improve the results, a third set of alloys 
was prepared with the same 99.95 pct zirconium, 
but with improved casting conditions so that the ex- 
trapolated hardnesses were in the range, 55 to 65 
VPN. The results of this experiment are shown in 
Fig. 2, and it is evident that the deviations from the 
ideal binary diagram are still present. The impu- 
rities in the third set of alloys are quite low, how- 
ever, compared to the usual impurities in zirco- 
nium. This is shown by the analyses, given in 
Table I. 

As a result of this disturbance and the smallness 
of the (a + 8) region, the effect of antimony on the 
a/f transition temperature is only approximately 
determined. In both Fig. 1 and Fig. 2, however, the 
general effect is an elevation with increased anti- 
mony. In Fig. 2, which is the preferred data, the 
(a + 8) region rose from 857° to 873°C for pure 
zirconium to 869° to 880°C at 0.5 at. pct Sb. 

It will be observed in both Fig. 1 and Fig. 2 that 
the solid solubility of antimony is quite restricted 
in the a and f-zirconium. Somewhat greater solu- 
bility of antimony in the B-phase however occurs in 
the alloys of Fig. 2 and it is assumed, on the basis 
of the alloy hardness measurements, that the effect 
is due to lower impurities of the a stabilizing type 
in these alloys. The 8/(8 + Zr,Sb) boundary given 
by Fig. 2 is believed to be correct and a 0.4 at. pct 
Sb positive displacement of the curve given in Fig. 1 
should be made for at least the lower part of the 
temperature range shown. 


DISCUSSION 


The elevation of the a/8 phase boundaries with 
antimony agrees with the general behavior of the 
higher valent B-sub-group solutes in zirconium 
and titanium alloy systems. This effect has been 
discussed earlier® in terms of a phase-boundary 
equation and two adjustable constants, related to 
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Table 1. Minor Impurities in Two Typical Zr-Sb Alloys 


Alloy 1 Alloy 2 

Ppm Ppm 

Copper 6 7 

Hydrogen* 9 10 

ron 28 30 
Molybdenum 0.1 

Nickel 8 1 

Nitrogen* 1 2 

Oxygen* 23 26 

Silicon 12 15 

Wolfram 9 12 


The above results are neutron activation analyses by G. W. Leddi- 
cotte at Oak Ridge National Laboratory. The values marked (*) were 
estimated from vacuum fusion analysis of pure zirconium standards 
which were arc cast and heat treated in the same capsule as the above 
alloys. Approximately 80 ppm carbon and 130 ppm hafnium should 
also be present from the iodize zirconium used. 


electron concentration and atomic size. In order 

to show the specific relationship of the antimony- 
zirconium phase boundaries to the general behav- 
ior, the phase boundaries calculated in the above 
reference for antimony-zirconium are plotted in 
Fig. 2 as dotted lines. The experimental results 
correspond reasonably well to these boundaries, 
and thus to the interpretation in terms of the two 
parameters. On the other hand, one of the most 
characteristic features of this phase diagram is 

the restricted solid solubility of the a and 6-phases. 
These solubilities are not so easily interpreted in 

a similar manner. That is, the solubility is more 
restricted in Zr-Sb, compared to Zr-In and Zr-Sn,* 


“For example at 1100°C the S-phase solubilities are in the pro- 
portion Zr-In 1, Zr-Sn 2/3, and Zr-Sb 1/10. 


than would be indicated by electron concentrations, 
using the valencies Zr 2, In 3, Sn 4, and Sb 5. Fur- 
ther, since the atomic size factor of Zr-Sb, 7 pct, 
is within the range normally favorable for solid so- 
lutions, the restricted solid solution is taken to in- 
dicate a particularly low free energy of formation 
of the Zr,Sb phase. This would be in the direction 
expected from the increased electronegative char- 
acter of the solutes further to the left in the Peri- 
odic Table. 
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Oxidation Resistance and Fabricability 


of Molybdenum-Nickel Dispersion Alloys 


The oxidation resistance and fabricability of molybdenum powder-metallurgy alloys 
containing up to 20 wt pct nickel in the form of a fine dispersion were studied. The ef- 
fects of dispersion distribution and of amount and type (pure nickel or nickel compounds) 
of additive were considered. A definite improvement in oxidation resistance was ob- 
served, but the amount of improvement fell far short of requirements for an oxidation- 
resistant alloy. Fabricability by hot-rolling was limited. 


E. S. Bartlett, D. N. Williams, and R.|. Jaffee 


INVESTIGATIONS at Ohio State University’ and 
Battelle Memorial Institute* have indicated that the 
attainment of a truly oxidation-resistant molybde- 
num-base alloy for high-temperature service, with. 
the coincident retention of high-temperature strength 
and toughness, will be a difficult, if not impossible, 
feat. Among the most promising alloy systems 
studied was the molybdenum-nickel system shown 
in Fig. 1. Alloys in this system show good oxidation 
resistance at temperatures well above the normal 
melting point of molybdenum trioxide because of the 
regenerative formation of protective nickel-molyb- 
date (NiMoO,) on the surface of the alloy during ex- 
posure at high temperatures. 

Unfortunately, the required alloy content to obtain 
oxidation resistant molybdenum-nickel alloys far 
exceeds the limits of the narrow terminal solid- 
solution boundary, and closely approaches the peri- 
tectic composition involving the brittle intermetal- 
lic compound, MoNi. Because of the peritectic 
reaction, fusion alloys are characteristically brittle, 
since the MoNi phase, being the last to form, tends 
to occur as a continuous grain-boundary network 
around each molybdenum grain. 

An added problem with this system is that the 
protective nickel-molybdate layer formed at high 
temperatures is unstable, undergoing one or more 
allotropic modifications upon cooling. The volume 
changes associated with this modification during 
cooling are such as to cause violent expulsion of the 
protective molybdate coating from the surface of the 
piece. This is, of course, quite detrimental in ma- 
terial exposed to cyclic temperature during service. 

The research reported here resulted from an 
attempt to overcome the aforementioned problems 
associated with the molybdenum-nickel alloys pri- 
marily by controlling the amount, size, and location 
of the MoNi phase. By using powder-metallurgy 
techniques of allcy preparation and sintering the 
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blended molybdenum-nickel powder mixtures at a 
temperature below the peritectic reaction tempera- 
ture, molybdenum-nickel alloys with a randomly 
dispersed MoNi phase were produced. 


MATERIALS 


The molybdenum powder used in the preparation _ 
of alloys for this study was commercial hydrogen 
reduced, minus 325-mesh (Tyler) material. 

Master alloys, by which nickel was added, con- 
sisted of elemental carbonyl nickel powder (12 yu 
average particle size), an alloy of 50 wt pct Ni- 

50 wt pct Cr, and compounds of MoNi, Ni,Si, and 
Ni,B. The nickel-chromium powder was prepared 
by filing a vacuum-arc-melted ingot, separating 
impurities magnetically, and screening to minus 
200-mesh. The MoNi powder was prepared by pul- 
verizing a hydrogen-sintered powder-metallurgy 
compact to minus 325-mesh material. Further 
sizing of this powder for study of effects of disper- 
sion distribution was accomplished by air classifi- 
cation of the minus 325-mesh powder. The Ni,Si 
and Ni,B powders were prepared by crushing vacu- 
um-sintered powder-metallurgy compacts to minus 
200-mesh material. 


EXPERIMENTAL PROCEDURE 


Specimen Preparation— The general procedure 
followed in the preparation of alloys for testing is 
described as follows: 

1) Blending. Either hand-blending of the powders 
in a ceramic mortar and pestle for % hr or mechan- 
ical blending was used. Hand-blending seemed pref- 
erable for optimum homogeneity. 

2) Compacting. Most of the blended powders 
were pressed to green compacts at pressures of 
15 tons per sq in. in a single-action die, although 
some were pressed at 80 tons per sq in. A1l x 
¥-in. green compact was the standard size for oxi- 
dation test material, and 7 x 44 x 4-in. compacts 
were used for fabricability test specimens. 

3) Sintering. All green compacts were sintered at 
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a temperature of 2350°F in a hydrogen atmosphere. 
Time required for adequate densification and struc- 
tural equilibration were dependent upon compacting 
pressure and type of alloying addition. 

All specimens except the alloy Mo-10 Ni-10 Cr 
attained satisfactory sintered densities in relatively 
short periods of time (8 hr or less). The sintered 
density of the Mo-10 Ni-10 Cr alloy specimen in- 
creased only slightly during a 48-hr sintering pe- 
riod. This was attributed to the known retardation 
of diffusion of nickel in molybdenum in the presence 
of chromium. 

Metallography—In addition to general metallo- 
graphic examination, mean free paths of the alloys 
prepared for the’ investigation of the effect of dis- 
persion distribution upon oxidation behavior were 
determined. This determination was made by con- 
verting measurements to average interparticle spac- 
ings as follows: 


1) Ona photomicrograph of magnification (X) 
(X100 and X500 were used) strike a random line of 
length, L,. 

2) Count the number of particles or parts of 
particles traversed, N, and sum the segments at 
the line passing through the particles, L,. 

3) Calculate mean free path 
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Nickel, weight per cent 


4) Repeat the foregoing as necessary to obtain 
enough data to insure minimum error. 

Oxidation Testing—Oxidation testing was con- 
ducted at 1800°F in an atmosphere of dried air flow- 
ing at 6.8 ips past the specimen surface. Rates 
were calculated from wt-change data obtained from 
a continuous recording balance* from which the 
specimen was suspended vertically into the oxida- 
tion chamber. Forced exhaust (necessary to avoid 
condensation of MoO, on the specimen suspension 
rod) was affected by an impeller pump attached to 
an opening in the exhaust chamber. 

Because the accumulation of weight in the form of 
nickel molybdate during oxidation caused a positive 
error in the determination of oxidation rate by the 
foregoing method, a corrective factor was applied. 
This correction, which was based upon the total 
weight of molybdate formed during oxidation (meas- 
ured at the end of the test), was applied assuming 
that the rate of molybdate formation was propor- 
tional to the weight loss recorded by the system at 
any time during oxidation. Sample data, including 
the correction for the molybdate formed, are shown 
in Table I. 
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Table |. Oxidation Test Data and Calculations for Specimen Ni-40 


Initial weight: 2.924 g 


Initial area: 3.97 sq cm 
Final weight 
Metallic core: 1.284 g 0 
Spalled powder: 0.645 g = 9,648 =-0.163 g per sq cm 
Total 1.929 g : 
@ @ ® ©) © 
Powder Total 
Correc- Oxid 
tion, tion, 
Time,* Mg per Mgper Mg per 
Min Mv® AMv Mg? SqCm SqCm  SqCm 

5 ye 1.8 468 118 74 192 
10 3.0 2.7 702 177 111 288 
20 3.65 3.35 870 219 138 357 
30 3.65 3.35 870 219 138 357 
60 3.7 3.4 884 222 140 362 
90 3.85 3.55 922 232 146 376 

130 4.05 375 974 245 154 399 
170 4.2 3.9 1014 256 161 417 
190 4.25 3.95 1027 259 163 422 


* Read directly from recorder strip. 
> Based on sensitivity of 1 mv = 260 mg. 


© © = 4x © 


Fabricability Testing— The fabricability tests em- 
ployed in this work were limited to a simple study 
of hot rollability of the bare samples and of samples 
clad with nickel to better distribute the rolling 
stresses. Flat rolls, 8% in. diam, were used. Heat- 
ing of the samples prior to each rolling pass was 
done in a hydrogen-atmosphere furnace atatem- | 
perature of 2350°F. Reductions of 20 pct per roll- 
ing pass were used. 

Evaluation of fabricability was accomplished by 
visual and metallographic examination of the rolled 
(and stripped in the case of the clad-rolled samples) 
material. 


EXPERIMENTAL RESULTS 
Oxidation Testing-- Addition Type. Oxidation test 


Table Il. Composition of Specimens Prepared for Investigating 
Effect of Addition Type on Oxidation Behavior 


Addition Wt pet Nickel Wt pet Other 
Type Added Additives 
MoNi 10 

Ni 10 - 
50 Ni—50 Cr 10 10 Cr 
Ni,B 10 0.9B 
Ni, Si 10 2.4 Si 


specimens of molybdenum with 10 wt pct nickel 
added in various forms were prepared. Composi- 
tional details of these specimens are given in 
Table II. 


Fig. 2 shows the oxidation curves for these alloys. 


Because of the marked lack of densification of spec- 
imen NiCr during sintering and the consequent po- 
rous nature of the specimen, the oxidation test re- 
sults are inconclusive as to the effect of chromium 
additions on the oxidation behavior of molybdenum - 
nickel dispersion alloys. Of the other specimens, it 
is evident that alloys prepared using MoNi or nickel 
for the alloying addition exhibit superior oxidation 
resistance to the ternary-alloy compositions. These 
results are in general agreement with previous 
work.’ No tendency towards structural stabiliza- 
tion of the molybdate by the tertiary additions in the 
amounts present was noted. 

Metallographic studies of these alloys showed that 
relatively long sintering periods were required to 
obtain phase equilibrium in alloys prepared by the . 
addition of elemental nickel when compared with pe- 
riods necessary when MoNi was the addition. It was 
further apparent that reaction between the molyb- 
denum and the nickel-rich dispersoid occurred in 
the alloys prepared using Ni,B and Ni,Si. Although 
alloying mechanisms were not studied in detail, the 
existence of the ternary Mo,Ni,Si compound has 
been reported, * and was verified further in work on 
this project. From the amount of nickel-rich phase 
which was observed metallographically in the spec- 
imen containing Ni,B, it is suspected that some sim- 
ilar reaction occurs in the system Mo-Ni-B. 


Fig. 2—Oxidation curves for molybde- 


num-10 wt pet Ni-X alloys; nickel 
added as indicated. ° 


350 
Unal loyed Molybdenum, 
Mo-IONi Cr 
(50 Ni-50 Crh 
300 Mo- 10 Ni-2Si(Ni,Si) 
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Fig. 3—Short-term oxidation curves for 


1O weight per cent nickel 


15 weight per cent nickel ———. 


molybdenum-nickel alloys, varying alloy 
content. 


Weight Change, mg/cm? 


20 weight per cent nickel ——y 


25 weight per cent nickel ——* 


30 weight per cent nickel ——7 


Amount of Addition— Alloys of molybdenum pre- 
pared by the addition of 5, 10, 15, 20, 25, and 30 wt 
pct Ni, added as minus 325-mesh MoNi compound, 
were prepared and oxidation-tested. The oxidation 
test results are presented in Fig. 3. Continuous 
oxidation tests for times up to 100 hr showed that 
the flat portions of the curves of Fig. 3 are stable 
to long-time periods. Mo-10 Ni was the leanest 
alloy studied which showed improvement in oxida- 
tion resistance over unalloyed molybdenum. Al- 
though the Mo-20 Ni alloy was oxidation resistant 
after the formation of the protective molybdate 
coating, this alloy did not possess desirable dis- 
persion qualities. Even at 15 wt pct Ni, there was 
appreciable agglomeration of the dispersoid. Be- 
cause of this, the major interest in these alloys was 
the Mo-10 Ni alloy. 

Dispersion Distribution—The alloy composition 
selected for investigating the effect of dispersion 
distribution on oxidation behavior was Mo-10 wt pct 
Ni, with the nickel added as MoNi. Dispersion 
distribution (evaluated in terms of mean free path) 
was altered by varying the size of the master-alloy 
powder added. Dispersion distribution character- 
istics of the alloys are summarized in Table III and 
represented in the photomicrograph given in Fig. 4. 

From the oxidation test results given in Fig. 5, 
it is apparent that less initial oxidation is required 
to form the semi-protective molybdate layer in al- 
loys of shorter mean free path. It was further 
found that the absolute amount of NiMoO, necessary 
to form the semi-protective oxide layer on the 10 
pet Ni alloys decreased with decreasing mean 
free path. 


Table Ill. Characteristics of Molybdenum-10 Nickel Alloys 
Prepared to Study Oxidation Behavior vs Dispersion Distribution 


Mean Free Path, 
Cm x 10°? 


Size of MoNi Powder 
Added, Microns 


45 9.4 
38 6.8 
20 3.6 
2:1 
1.9 


13 
9 
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Fabricability Testing— Molybdenum -nickel alloys 
with 5, 10, and 15 wt pct Ni added as MoNi, and 
with mean free paths ranging from 0.0012 to 0.0145 
cm were prepared for fabricability testing. On fab- 
rication (hot-rolling at 2300-2350°F), all specimens 
failed. When rolled bare, the test specimens broke 
up on the first pass, and further working was not 
attempted. 

Additional specimens of each type were encased 
in nickel yoke-and-coverplate structures, with the 
closure made by welding in an argon atmosphere. 
All of these clad specimens were rolled a total of 
about 75 pct reduction in thickness. Again, all of 
the samples showed rather poor fabricability. 
Failure occurred by shear and a typical crack is 
shown microscopically in Fig. 6. The crack is seen 
to be transgranular as well as intergranular, and 


added as 45-mi- 
- 


« Phy ~ 


Fig. 4—Mo-10 wt pct Ni alloys, as sintered. Reduced 
32 pet for reproduction. 
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Fig. 5—Oxidation curves for specimens 
Ni-40 through Ni-44 (molybdenum-10 wt 
pet-Ni). 
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does not appear to be entirely continuous, but broken 
by areas of severe deformation. An additional ob- 
servation is that the structure of the as-rolled piece 
is essentially recrystallized. This is indicative of 
less than optimum high-temperature strength for 
this material, and is in agreement with the results 
of previous work at Battelle.° 


DISC USSION 


Previous investigations of fusion alloys had shown 
both boron and silicon to exhibit stabilizing tenden- 
cies on nickel molybdate.’ Amounts of the tertiary 
additions involved in the present work on powder- 
metallurgy alloys were evidently too small to give 
such benefits, and oxidation resistance was de- 
creased appreciably by these additions. 

From the oxidation curves shown, it is evident 
that the characteristic oxidation of powder-metal- 
lurgy molybdenum-nickel alloys consists of two 
parts, the initial, linear oxidation, at a rate about 
equal to that of unalloyed molybdenum, terminated 
by a change to a much lower oxidation rate. The 
transformation from the first portion to the second 
portion is logically attributed to the formation of a 
layer of nickel molybdate of sufficient thickness and 
continuity to be semi-protective. 

Comparison with the oxidation rate of unalloyed 
molybdenum® showed that the Mo-10-Ni disper- 
sion alloy represents a one-hundredfold order of 
improvement. Comparison of the results of the 
current work on powder-metallurgy molybdenum - 
nickel alloys with the results of prior investigations 
on fusion alloys of this system are given in very 
general form in Figs. 7 and 8. The values pre- 
sented for prior investigations are acceptable only 
as approximations due to variations in test condi- 
tions and methods for reporting results by other 
workers when compared to the present work. It is 
believed that the oxidation test conditions in the 
current work were considerably more severe than 
the conditions used for the previous work.’ Never- 
theless, it is clearly indicated that by proper con- 
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trol of dispersion characteristics, Mo-10-Ni dis- 
persion alloys can be made to be at least as oxida- 
tion resistant as Mo-15-Ni fusion alloys. 

The kinetics of the oxidation of these alloys were 
not considered in detail. However, the observed re- 
lationship of decreasing amount of molybdate formed 
with decreasing weight loss prior to stabilization is 
suggestive of oxidation by a diffusion process after 
stabilization occurred. 

Although rated nonfabricable in accordance with 
this study, a considerable degree of hot toughness 
was indicated in molybdenum-nickel dispersion al- 
loys. Concurrent studies with molybdenum - oxide 
dispersion alloys, wherein alloys containing up to 
10 wt pct dispersed oxide were readily fabricated 
by hot, clad rolling, indicates that the poor fabri- 
cability of the molybdenum -nickel alloys was a re- 
sult of nickel diffusion into the molybdenum-rich 
matrix material, and was not attributable to the dis- 
persion structure as such. Since the mechanism of 


5 
4 
. he 
* 
* 


Fig. 6—Microstructure of molybdenum-5 wt pct Ni 
alloy after fabrication. Etchant: Murakami’s reagent 
N38233. X500. Reduced 22 pct for reproduction. Ni-14 
(20-micron MoNi). 
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Fig. 7—Oxidation resistance of molybde- ¢ '° Mer 
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failure was thus presumed to be by shear of the ma- 
trix material, it seems quite possible that by using 
fabrication methods designed to minimize the shear 
stress, dispersion alloys would fabricate to good 
quality finished material. 


CONC LUSIONS 


From the results of this and prior work, it is 
concluded that the development of molybdenum - 
nickel alloys which form regenerative coatings 
providing good high-temperature oxidation resist- 


OSU data (1) | 
Earlier Battelle data (2) 
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Fig. 8—Oxidation resistance of molybdenum-nickel dis- 
persion alloys compared with fusion alloys at 1800°F. 
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ance, and still retain intrinsic toughness is most 
unlikely. 

This conclusion does not preclude the further de- 
velopment of these, or similar alloys which may 
have strength and toughness comparable to that of 
molybdenum at high temperatures, but whose oxida- 
tion resistance may be significantly superior to that 
of molybdenum. The use of such alloys in place of 
molybdenum might have merit in applications in 
which the part is protected by cladding. Failure of 
the cladding would mean very rapid destruction of 
molybdenum, but, by using a semi-oxidation-resist- 
ant molybdenum alloy, deterioration time might be 
increased from a matter of minutes to several 
hours. 
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Effect of Hydrogen on Some Mechanical 


Properties of a Titanium Alloy Heat-Treated 


to High Strength 


The effects of hydrogen content and strain rate on the static tensile and notch-rupture 
properties of the Ti-3Mn-complex alloy heat-treated to different strength levels were in- 
vestigated. The extent of embrittlement was found to be proportional to the amount of 
hydrogen present and the strength to which the specimens were heat-treated. The re- 
search suggests the possible necessity of specifying lower hydrogen limits than are now 
allowed when titanium alloys are heat-treated to higher strengths than are presently used. 
The research also supports a hypothesis advanced earlier for a mechanism of hydrogen 


embrittlement. 


H. A. Robinson, P. D. Frost, and W. M. Parris 


Mucu attention has been focused on the effects of 
hydrogen in titanium.’~* Most of the published in- 
formation has dealt with the effects of hydrogen on 
alloys in the annealed or lowest-strength condition. 
The work of Kotfila and Erbin* is one of the few ex- 
ceptions. In view of the fact that heat-treatments 
are now being used to produce high strength in ti- 
tanium alloys,® it is necessary that more attention 

_ be given to the effects of hydrogen on these alloys 
in the heat-treated condition. 

Research was initiated to establish the effects of 
hydrogen on the properties of the Ti-3Mn-complex 
alloy at various strength levels. This research, 
which supplemented that of Kotfila and Erbin, was 
started because it was found that high-strength ten- 
sile specimens of this alloy were strain-rate sen- 
sitive. The essential results of the research are 
summarized in this paper. 


MATERIALS AND EXPERIMENTAL PROCEDURES 


Material for this investigation was a 47/2-in.-diam 
bar forged from a single commercial heat of the 
Ti-3Mn-complex alloy having the composition given 
in Table I. 

The as-received forging was reduced further by 
forging at 1750°F to %-in. square bars. About one 
fourth of this material was vacuum annealed at 
1400°F for 24 hr to obtain a base hydrogen content 
of 25 ppm. The remaining bars were hydrogenated 
to levels of 90, 140, and 260 ppm in a large Sievert’s 
apparatus in the following manner: Four %-in. 
square bars, 5 in. long, were placed in the reaction 
chamber. The chamber was evacuated, heated to 
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Table |. Composition of Ti-Mn-Complex Alloy 


Mn Cr Fe Mo V Cc oO, N, Hy 


Nominal 3.0 10 10 10 1.0 - 
Actual 3.36 1.18 0.91 1.08 0.98 0.02 0.09 0.008 0.006 


1400°F, and a measured amount of hydrogen was 
introduced. When absorbtion was complete, as in- 
dicated by the drop in pressure, the reaction tube 
was cooled and the bars removed. Each batch of 
bars was then sealed in individual evacuated Vycor 
containers and heated for 24 hr at 1400°F in order 
to distribute the hydrogen homogeneously. 

After vacuum-annealing or hydrogenation, the 
bars were rolled at a temperature (1400°F) below 
the B-transus to /2-in.-diam rounds. Groups of the 
rolled specimens representing each of the hydrogen 
levels were given the following heat-treatments: 


1) One hr at 1300°F, water-quenched. 

2) One hr at 1300°F, water-quenched, and aged 
8 hr at 1100°F. 

3) One hr at 1300°F, water-quenched, and aged 
4 hr at 1000°F. 

4) One hr at 1300°F, water-quenched, and aged 
48 hr at 800°F. 

Heat-treated bars were machined into standard 
0.250-in.-diam tensile specimens having 1-in. gage 
lengths. 

Throughout the processing and testing of this ma- 
terial, hydrogen analyses were made by vacuum- 
fusion methods to check for accuracy of hydrogen 
additions, homogeneity, and possible losses during 
processing. A summary of these analyses is given 
in Table II. It may be seen that the actual hydrogen 
contents were reasonably close to the desired lev- 
els. In addition, it was noted that the variation in 
hydrogen content within any one bar did not exceed 
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Table Il. Vacuum-Fusion Hydrogen Analyses 


Range of 
Actual Average 
Nominal Number of Hydrogen Hydrogen 
Hydrogen Samples Content, Content, 
Content, Ppm Analyzed Ppm Ppm 
225 8 9.3-34 25 
90 10 78-110 92 
140 11 120-168 137 
260 10 241-289 261 


10 ppm at the 25, 90, or 140-ppm level, or 20 ppm 
at the 260-ppm level, and that no loss of hydrogen 
occurred during processing. 

Tensile specimens were tested at 3 measured 
strain rates or crosshead speeds as follows: 

1) 0.002 in. per in. per min to fracture. 

2) 0.005 in. per in. per min to fracture in du- 
plicate. 

3) 0.1 in. per min (crosshead speed) to fracture 
in duplicate. 

The 0.002 and 0.005-in. per in. per min strain 
rates were established by using a Baldwin- Tate- 
Emery strain-rate pacer in conjunction with an 
autographic recorder and strain follower. 

During the latter stages of the tensile-testing 
program, information was received which indicated 
that notched stress-rupture testing at room tem- 
perature was a more sensitive criterion for hydro- 
gen embrittlement of a-f alloys than the slow-speed. 
tensile test. Consequently, a limited number of 
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Fig. 1—Effect of relative strength of quemched-and-aged 
bars of the Ti-3Mn-complex alloy on susceptibility to hy- 
drogen embrittlement during tensile testing. Ductility is 
expressed as the ratio of reduction of area of specimens 
having indicated hydrogen content to that of specimens 
having lowest (25 ppm) content for each condition of 
strength. Data shown are for specimens tested at a strain 
rate of 0.005 in. per in. per min. Results also representa~ 
tive of specimens tested at a strain rate of 0.002 in. per 
in. per min and at crosshead speed of 0.1 in. per in. per 
min. 
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heat-treated tensile specimens were notched and 
tested in this manner. A 60-deg notch having a 
0.010-in. root radius was used. Depth of the notch 
was such that the area under the notch was one-half 
of the original cross-sectional area of the tensile 
specimen. The notched specimens were loaded to 
between 90 and 110 pct of their unnotched tensile 
strength, based on the area under the notch, and the 
time to failure was measured. 


RESULTS AND DISCUSSION 


The combinations of hydrogen content, heat- 
treatment, and strain rate were investigated by a 
total of approximately 80 tensile tests and 11 
stress-rupture tests. While the results from all of 
these tests cannot be presented, all the data con- 
firmed those results that are reported herein. 

The tensile properties of the Ti-3Mn-complex al- 
loy rolled at 1400°F, heat-treated to various strength 
levels, and tested at three different strain rates, 
are presented in Table III. The most important ef- 
fect indicated by these data is shown in Fig. 1, which 
is a graphical plot of ductility as a function of hy- 
drogen content for 3 different conditions of strength 
in quenched-and-aged tensile bars. To provide a 
good basis for comparing the effects of hydrogen, 
ductility is shown in Fig. 1 as the ratio RA,/RA,,. 
This is the ratio of reduction of area of a specimen 
having a given hydrogen content, x, to that of a 
specimen of the same strength and the lowest hy- 
drogen content, 25 ppm. These values have been 
plotted for the intermediate strain rate, 0.005 in. 
per in. per min, but are representative of speci- 
mens tested at all 3 strain rates. 

The striking feature of these results is the fact 
that increasing the hydrogen content from 25 ppm 
to as little as 140 ppm can cause a loss in reduc- 
tion of area of more than 80 pct when this alloy is 
heat-treated to an ultimate strength of 177,500 psi. 
This becomes of major significance when one con- 
siders the fact that commercial titanium alloy sheet 
is permitted to contain up to 150 ppm of hydrogen,° 
especially since some of the newer alloys will be 
used for sheet that will be heat-treated to compar- 
able strengths. Thus, it is possible that as titanium 
mill products are heat-treated to higher strengths, 
the present specifications for maximum hydrogen 
content may have to be revised. 

As shown by Fig. 1, the effects of hydrogen on the 
ductility of specimens having lower strength were 
less drastic. Nevertheless, a significant loss in 
ductility resulted when bars containing 140 ppm of 
hydrogen were overaged to as low a strength as 
137,500 psi. The loss in ductility that occurred 
with increasing hydrogen content in specimens 
overaged to the lowest strength level was signifi- 
cant, but of less importance. 

With regard to the influence of testing speed, no 
significant effects on ductility were observed in 
specimens containing up to 140 ppm of hydrogen as 
a result of differences in strain rate of between ap- 
proximately 0.002 and 0.1 in. per in. per min. 
Specimens that contained 260 ppm of hydrogen, how- 
ever, were definitely sensitive to changes in strain 
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Table lil. Effects of Hydrogen Content, Heat-Treatment, and Strain Rate on Tensile Properties of the Ti-3Mn-Complex Alloy® 
Ultimate 
Yield Strength, Tensile 
Nominal Hydrogen Agi Strain Elongation, Reduction of 0.02 Pct Offset, Strength, 
Content, PPm by Wt Time, Temp, lr °F ~ Rate> Pct in 1 In. Area, Pct Psi Psi 
25 None Ac 19.0 39.5 127500 144000 
25 None B 22.5 46.0 128000 144000 
25 None 20.0 47.5 - 142000 
25 48 800 Ac 9.0 14.0 142500 174000 
25 48 800 B 11.0 20.0 142500 175500 
25 48 800 c 11.5 22.0 - 176000 
25 4 1000 Ac 25.0 52.0 “ 138500 
25 4 1000 B 2s¢ 49.0¢ - 138500 
25 4 1000 c 215 46.0 = 139000 
25 8 1100 c 27.0 56.5 106000 121500 
25 8 1100 B 31.0 58.0 107000 119500 
25 8 1100 : 29.0 47.5 = 121500 
90 None Ac 16.0 — 26.0 132000 148500 
90 None B 19.0 36.0 143000¢ 150500 
90 None 17.5 43.5 - 146000 
90 48 800 Ac 9.0 14.5 150000 178000 
90 48 800 B 10.5 19.5 157000 178000 
90 48 800 Cc 8.0¢ 14.5¢ - 181500¢ 
90 4 1000 Ac 21.0 45.0 ~ 138000 
90 4 1000 B 21,0¢ 44.0¢ ~ 135000 
90 4 1000 21.0 49.0 139000 
90 8 1100 Ac 30.0 51.0 106000 120000 
90 S 1100 B 30.0 55.5 107000 120000 
90 8 1100 Cc 28.0 54.5 ~ 120500 
140 None Ac 13.0 26.0 142500 158500 
140 None B 12.5 30.5 142500 156500 
140 None Cc 12.0 32.0 - 157000 | 
140 48 800 Ac 2.0 3.5 141000 175500 | 
140 48 800 B A 3.5 148000 178000 
140 48 800 Cc 3.0 6.0 180500 
140 4 1000 A 17.0 43.5 =~ 134500 
140 4 1000 B 16.0 32.5 _ 138500 
140 4 1000 Cc 19.5 45.0 - 139000 ; 
( 
140 8 1100 Ac 25.0 40.0 104500 119500 I 
140 8 1100 B 27.0 47.0 104500 119500 
140 8 1100 d 25.5 48.0 - 121000 - 
260 None Ac 12.0 22.0 150500 158500 = 
260 None B 21.0¢ 39.5¢ 141500¢ 153500¢ 
260 None c 13.0 39.5 - 156000 r 
260 48 800 Ac 0.5 1.0 148500 172500 
260 48 800 B* a - - 174000¢ = 
260 48 800 Cc 2.0 2.5 = 179000 
260 4 1000 A 5.5 9.0 - 135500 
260 4 1000 B 9.0 15.5 ~ 138000 
260 4 1000 C 15.5 32.5 - 140000 
260 8 1100 Ac 15.0 22.5 110000 121000 
260 8 1100 B 28.0 48.0 109000 122000 
260 8 1100 c 23.5 59.0 - 119500 
®Bar stock 4 in. diam, rolled at 1400°F, solution-treated 1 hr at 1300°F and water-quenched. Aged as shown. All tensile properties average 
results of two test specimens unless otherwise indicated. 
bA—0.002 in. per in. per min to fracture, measured by strain pacer. 
B—0.005 in. per in. per min to fracture, measured by strain pacer. 
C-0.1 in. per in. per min to fracture, measured by platen speed. ; 
*Rate of 0.005 in. per min to fracture obtained by adjusting the valve setting according to load. 
Single values. 
4Strain rate of 0.010 in. per in. per min to fracture. 
rate, as shown in Fig. 2 for an ultimate strength nominal composition, although a direct comparison 
level of about 138,000 psi. The data of Fig. 2 are between the two sets of data cannot be made because — 
representative of the other strength levels also. somewhat different heat-treatments and strain rates 
These trends are in agreement with those obtained were investigated. 
by Kotfila and Erbin‘ on another heat of the same The results of the stress-rupture tests are re- _ 
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Fig. 2—Effect of hydrogen content and tensile strain rate of 
the reduction of area for specimens of the Ti-3Mn-complex 
alloy. Rolled at 1400°F, quenched from 1300°F, and aged 
4hr at 1000°F. Average tensile strength of specimens was 
approximately 138,000 psi. Data shown are representative 
of material tested at all strength levels investigated. 


ported in Table IV. Although the number of these 
tests was limited, the relative degree of embrittle- 
ment caused by hydrogen under the several condi- 
tions of strength was well demonstrated. This may 
be seen more readily in Fig. 3, which shows the 
maximum hydrogen content that could be tolerated 
by notched specimens heat-treated to the several 
strength levels and loaded at 90 to 110 pct of their 
unnotched tensile strengths. In this plot, the cri- 
terion for hydrogen tolerance was that failure did 
not occur in the notched specimens in 90 hr under 
a load of 110 pct of the unnotched strength. These 
data supplement and confirm the results of the un- 
notched tensile tests. 
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Fig. 3—Effect of strength on relative susceptibility to hy- 
drogen embrittlement of notched stree-rupture specimens 
of the Ti-3Mn-complex alloy. Quenched from 1300°F and 
aged to strengths shown. Specimens loaded at room tem- 
perature at 90 to 110 pct of unnotched tensile strength. 
Criterion for hydrogen tolerance: No failure after 90 hr. 


It is interesting to note that the specimens tested 
in the as-quenched condition, in which the strength 
was about 155,000 psi, showed considerably greater 
tolerance for hydrogen than the quenched and aged 
specimens. Likewise, relatively high tolerance 
was observed in the case of the as-received un- 
notched tensile specimens (Table ITI) which con- 
tained 260 ppm of hydrogen. This behavior did not 
apply for the unnotched tensile specimens containing 
140, 90, or 25 ppm. For this reason, and because 
the as-quenched and the quenched-and-aged condi- 
tions are entirely different microstructurally, the 


Table IV. Stress-Rupture Data for Notched Specimens of Hydrogenated Ti-3Mn-Complex Alloy Tested at Room Temperature (80° F) 


Final Stress 
Average Hydrogen Unnotched Ultimate Pct of Ultimate Time at This 
Content, Ppm Tensile Strength, Psi Tensile Strength Stress, Hr Failed 
Solution Treated 1 Hr at 1300°F and Water-Quenched 
260 156000 110 93.78 
140 157000 110 92.3 


Solution-Treated 1 Hr at 1300°F, Water-Quenched and Aged 8 Hr at 1100°F 


260 121000 
140 120000 


Solution-Treated 1 Hr at 1300°F, Water-Quenched and Aged 4 Hr at 1000°F 


110 6.3> 
110 92.3 


260 138000 
140 138000 
90 138500 


260 175000 
140 178500 
90 179000 
25 175500 


8Previously loaded at 90 pct for 69 hr, then at 95 pct for 173 hr, and then at 104 pct for 69 hr. 


bPreviously loaded at 95 pct for 168 hr. 
¢Previously loaded at 95 pct for 241 hr. 
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Fig. 4—Ti-3Mn-complex alloy with 260 ppm of hydrogen, 
quenched from 1300°F and aged at 800°F to a high-strength 
level. Structure: Background is g-matrix with primary and 
precipitated a; dark etching spheroidal phase is hydrogen 
rich.‘ 13 pet HF, 33 pct HNO, etch. X500. Reduced approx- 
imately 16 pct for reproduction. 


curves shown in Figs. 1 and 3 represent data only 
for aged specimens. 

It is interesting, however, to speculate on the sig- 
nificance of the apparently greater tolerance of the 
as-quenched specimens, at certain levels of hydro- 
gen content. Before discussing this possible sig- 
nificance, it is necessary to describe the micro- 
structures of some of the specimens studied in 
these tests. 

In notch-rupture specimens heat-treated to the 
highest strength levels by quenching from 1300°F 
and aging at 800°F, large amounts of a dark-etching 
‘phase were observed. This phase, which has been 
revealed by tracer studies with tritium to be a hy- 
dride, or at least rich in hydrogen,’ is shown in 
Figs. 4 and 5. More of the dark-etching phase ap- 
pears in the specimen having 260 ppm of hydrogen 
than in that containing 140 ppm. Figs. 4 and 5 rep- 
resent undeformed sections of the specimens. The 
effect of straining at room temperature on the ap- 
pearance of the higher-hydrogen specimen is shown 
in Fig. 6. This photomicrograph is of an area in the 
gage section of the same specimen after being de- 
formed in the notch-rupture test. In this case, the 
hydrogen-rich phase is present not only as sphe- 
roidal particles, but also intergranularly between 
the 8 and the primary a-phases. This is evidence 
that strain at room temperature has caused diffu- 
sion of dissolved hydrogen and subsequent precipi- 
tation, presumably as the hydride. 

Neither the as-quenched specimens nor the spec- 
imens aged at 1000°F showed any signs of the dark- 
etching phase. Fig. 7 is a photomicrograph of a 
specimen quenched from 1300°F and aged at 1100°F. 


The structure is nearly equiaxed primary a ina 
8-matrix containing an unresolved a-precipitate; 
the hydride is absent. Thus, it seems apparent that 
the hydrogen is retained in solution during the 
quench from 1300°F, and after aging at tempera- 
tures as high as 1100°F; it is precipitated sphe- 
roidally at 800°F; and it is precipitated intergran- 
ularly at room temperature as a result of strain. 
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Fig. 5—Ti-Mn-complex alloy with 140 ppm of hydrogen 
after same heat-treatment indicated in Fig. 4. Structure: 
Similar to that of Fig. 4 except that less hydrogen-rich 
phase is present. 13 pct HF, 33 pet HNO; etch. X500. 
Reduced approximately 16 pct for reproduction. 


The titanium-hydrogen binary diagram shows the 
eutectoid temperature to be in the vicinity of 325°C 
(627°F).%? It would appear, therefore, that the al- 
loying elements in the Ti-3Mn-complex alloy raise 
the eutectoid temperature to some temperature be- 
tween 800° and 1100°F. 

The evidence cited in the foregoing seems to 
justify the hypothesis that hydrogen embrittles 
titanium alloys by at least 2 mechanisms: 

1) By precipitation as the hydride or a hydrogen- 
rich phase during an aging treatment at tempera- 
tures below about 1100°F. 

2) By diffusion through the lattice and precipita- 
tion, as the hydride, during cold deformation. 

It has been suggested in another publication that 
the hydrogen atoms, being more soluble in the B- 
phase, diffuse through the £ to an a-particle and 
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Fig. 6—Same Ti-3Mn-complex alloy specimen shown in 
Fig. 4 strained at room temperature in notch-rupture test. 
Structure: Similar to that of Fig. 4 except that dark-etch- 
ing phase appears intergranularly at a-g grain interfaces 
as well as in form of spheroidal particles. 14 pct HF, 34 
pet HNO; etch. X500. Reduced approximately 16 pct for 
reproduction. 
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Fig. 7—Ti-Mn-complex alloy with 260 ppm of hydrogen, 
quenched from 1300° F and aged at 1100°F. Structure: 
Primary a in a B-matrix containing unresolved precipi- 
tated a. Note absence of dark-etching, hydrogen-rich 
phase. 13 pct HF, 33 pct HNO; etch. X500. Reduced 
approximately 16 pct for reproduction. 


are precipitated as the hydride or a hydrogen-rich 
phase at the a-f interface.” If these observations 
and hypotheses are valid, it would seem reasonable 
to expect that the deleterious effects of hydrogen 
might be minimized by maintaining as high a ratio 
of 8 to a as possible in high-strength titanium al- 
loys so that as much hydrogen as possible can be 
retained in solution. In commercial practice, 
maximum tolerance for residual hydrogen would 
thus be obtained by solution-treating at relatively 
high temperatures and aging for relatively short 
times at the highest possible aging temperatures. 
For example, essentially the same strength and 
ductility are produced in the Ti-3Mn-complex al- 
loy by the following heat-treatments: 

1) Solution-treat at 1300°F, water-quench, and 
age 24 hr at 900°F. 

2) Solution-treat at 1375°F, water-quench, and 
age 8hr at 1000°F. 


According to the reasoning presented in the fore- 
going, the second sequence of heat-treatment should 
be more desirable to minimize hydrogen eifects. 

By the same token, if the same properties could be 
obtained by aging for 4 hr at 1050°F, then this treat- 
ment would be best. 


SUMMARY 


The effects of hydrogen content and strain rate on 
the static tensile and notch-rupture properties of 
the Ti-3Mn-complex alloy heat-treated to different 
strength levels were investigated. Hydrogen was 
observed to cause embrittlement in proportion to 
the strength of the material. The alloy heat-treated 
to strengths of about 177,000 psi displayed poor 
ductility in static tensile tests when hydrogen was 
present in amounts of 140 ppm or greater. However, 
when heat-treated to 120,000 psi, only slight loss of 
ductility was noted at hydrogen contents as high as 
260 ppm. 

In room-temperature notch-rupture tests, speci- 
mens heat-treated to the 177,000-psi level failed 
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prematurely when the hydrogen content was as low 
as 90 ppm. Overaging the alloy to a strength of 
120,000 psi increased the hydrogen tolerance to at 
least 140 ppm. The research suggests the possible 
necessity of specifying lower hydrogen limits than 
those now allowed when titanium alloys are heat- 
treated to higher strengths than are now utilized. 

A dark-etching phase, identified as a hydride, or 
at least hydrogen rich, was observed in the micro- 
structures of specimens containing 140 ppm of hy- 
drogen or more when these were quenched and sub- 
sequently aged at 800°F. The phase did not appear 
in specimens containing similar hydrogen contents 
aged at 1100°F, nor was it observed in specimens 


which contained less than 140 ppm of hydrogen. 

This research supports the hypothesis that the 
mechanism of hydrogen embrittlement in titanium 
alloys is associated with the precipitation of hy- 
drogen from the £-phase as a hydrogen-rich phase. 
The hydrogen atoms apparently may diffuse in the 
B-phase and precipitate at a-f interfaces during 
straining. If valid, these hypotheses suggest that 
the deleterious effects of hydrogen may be mini- 
mized in the heat-treatment of commercial alloys 
by aging for short times at the highest aging tem- 
peratures commensurate with the strengths de- 
sired. Such treatments would produce relatively 
high ratios of 8/a@ in the microstructure and permit 
more hydrogen to be retained in solution. 
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The Silver-Zirconium System 


A detailed investigation was made of the phase diagram of silver-zirconium, 
particularly in the region 0 to 36 at. pct Ag. The system was found to be char- 
acterized by two intermediate phases ZroAg and ZrAg and a eutectoid reaction 
in which the B-zirconium solid solution decomposes into a-zirconium and Zr2Ag. 
It was found that impurities in the range 0.05 pct from the iodide-type zirconium 
were sufficient to introduce deviations from binary behavior, and that with par- 
tial removal of these impurities an increase in the a-phase solid solubility limit 


from 0.1 to 1.1 at. pct Ag was observed. 


J. O. Betterton, Jr. and D. S. Easton 


Tue phase diagram of the silver-zirconium system 
is of interest as an example of alloying a transition 
metal from the left side of the Periodic Table with a 
Group IB element. Silver would normally act as a 
univalent metal, its filled 4d-shell remaining undis- 
turbed during the alloying. However, there is a pos- 
sibility that some of the 4d electrons might transfer 
to the zirconium. An insight into such a question 
can occasionally be obtained by comparison of phase 
diagrams. The silver-zirconium system forms part 
of a more complete review of various solutes in 
zirconium in which these valency effects were 
studied.’ 

Earlier work on the silver-zirconium system was 
done by Raub and Engel,” who investigated the sil- 
ver-rich alloys. After the start of the present ex- 
periments, work on this system was reported by 
- Kemper® and by Karlsson* which for the most part 
agrees with the phase diagram presented here. 


EXPERIMENTAL PROCEDURE 


The alloys were prepared by arc casting on a 
water-cooled, copper hearth with a tungsten elec- 
trode and in a pure argon atmosphere. Uniform 
solute composition was attained by multiple melt- 
ing on alternate sides of the same ingot. Progres- 
sive improvements in the vacuum conditions inside 
the apparatus during the course of the experiments 
reduced the Vickers hardness increase of the pure 
zirconium control ingot from 10 to 20 points, ob- 
served initially, to negligible amounts at the end of 
the experiments. Such hardness changes in zirco- 
nium are a well known indication of purity. For 
example, .01 wt pct additions of oxygen, nitrogen, 
and carbon increase hardness by 6, 10, and 3 VPN 
respectively. *® Further verification that the final 
casting technique did not add a significant quantity 
of impurities was obtained when pure zirconium was 


arc cast and then isothermally annealed in the vicin- . 


ity of the allotropic transition.’ The transition was 


J. O. BETTERTON, Jr., Member AIME, and D. S. EASTON are 
associated with Oak Ridge National Laboratory, Oak Ridge, Tenn. 
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always observed to take place over the same tem- 
perature range as in the original crystal bar. 


The alloy ingots were annealed in sealed silica 
capsules for times and temperatures which varied 
between 1 day at 1300°C and 60 days at 700°C. The 
best method found to prevent the reaction of the zir- 
conium with the silica was foil wrapping of molyb- 
denum or tantalum. With this method, samples of 
pure zirconium were found to be unchanged in hard- 
ness after annealing for 3 days at 1200°C. In most 
of the experiments the protection of these foils was 
supplemented by an additional layer of zirconium 
foil inside the molybdenum or tantalum foil. The 
alloys, foil, and the capsule were outgassed at pres- 
sures in the range 107° to 10°’ mm Hg in the tem- 
perature range 800° to 1100°C before each anneal 
in order to remove hydrogen and other impurities, 
and to provide a suitable container for the high pu- 
rity, inert atmosphere, which is essential in the an- 
nealing of zirconium. 

The temperature measurements were made with 
Pt/Pt + 10 pct Rh thermocouples calibrated fre- 
quently during the experiments against the melting 
points of zinc, aluminum, silver, gold, and palla- 
dium. For the longer anneals the sum of various 
temperature errors was generally well within + 2°C. 
For short-time anneals and during thermal analysis 
the overall temperature error is considered to be 
within + 0.5°C. 

The compositions of the alloys from the quenching 
experiments were determined by chemical analysis 
at Johnson Matthey and Company, Ltd., under the 
direction of Mr. F. M. Lever. The actual metallo- 
graphic samples were individually analyzed in every 
case, and prior to the analyses two or more sides 
of each specimen were examined to insure that the 
specimen was not segregated. The sum of the solute 
and solvent analyses was in each case within the 
range 99.9 to 100.1 pct. 

In the course of the experiments, minor impuri- 
ties in the range 0 to 500 ppm were found to have 
significant effects on the zirconium-rich portion of 
the phase diagram. Similar effects had been en- 
countered previously in other zirconium phase- 
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Table |. Typical Analysis of the lodide-Zirconium and the Silver-Zirconium Alloys 


Vickers 

Cc Ca Cr Cu Fe H Hf Mo Ni Si Ww Harness 
Zirconium 1 . 204% 10* 15 352 8* 90 8 1 68 
Range of values 22-— 233-— 10- 0.5— 1- 10— 1.5- 80-— 
in four alloys 38 430 37* 17 ll at 300 100t 
from Zr 1 
Zirconium 2 79% 3 4 0.8 24 3* 132 2 11 7 0.2 58 
Range of values 0.5— 2.5— 0.5— 0.8— 2- 45— 
in seven alloys 10 88 6* 34 20 | 63 15 65 
from Zr 2 


Analyses were by neutron activation except as follows: Spectroscopic (+), combustion (x), vacuum fusion (*, degassed material). Eighteen other 
elements were investigated in Zirconium 1 or Zirconium 2 and were either < 10 ppm, or in the case of P and Zn < 100 ppm. Analyses values for ox- 
ygen and nitrogen varied more widely with method of analysis than among the different types of zirconium or alloys. The range of values for the dif- 
ferent methods was 21 to 150 ppm oxygen and 3 to 50 ppm nitrogen. Hardness values marked t were extrapolated to 0 pct Ag. 


diagram investigations® and were attributed to the 
quality of the zirconium used. In the present work 
two sets of alloys were examined. For the pre- 
liminary work, iodide zirconium of 99.9 pct purity 
(reactor Grade 1) from the Foote Mineral Company, 
hereafter called zirconium 1, and silver of 99.98 pct 
purity was used to make alloys under such condi- 
tions that the impurity content was moderately high. 
In the final work, iodide zirconium of 99.95 pct pu- 
rity from the Westinghouse Atomic Power Division, 
which will be called zirconium 2, was employed. 
The latter material was the best zirconium found in 
some 36 lots of reactor Grade 1 zirconium. Re- 
cently the residual electrical resistivity of this lot 
at 4°K was reported’ to be 0.59 pct of its room tem- 
perature resistivity, indicating zirconium material 
of excellent purity. The alloys made from zirco- 
nium 2 were cast and heat treated under more 
stringent vacuum conditions, and the differences 
between these alloys and the preliminary ones are 
shown by the impurity analyses given in Table I. 
This table also includes the impurities in the orig- 
inal material, and the range of hardness values 
which were obtained from the alloys by extrapola- 
tion to 0 pct Ag. The final alloys were lower in 
hydrogen, in hardness, and in iron and tungsten con- 
tent. The effect of these differences will be de- 
scribed below. 


THE PHASE BOUNDARIES OF THE ALPHA AND 
BETA PHASES 


The results of the preliminary investigation of 
the zirconium-rich region by the annealing and 
quenching method are shown in Fig. 1. Zirconium 
has two allotropic forms, close-packed hexagonal a 
and body-centered cubic 8. The solid solubility of 
silver is clearly greater in the 8-phase of zirconium 
than in the a-phase and the a/(a + 8) and B/(a + 8) 
boundaries are depressed by the addition of silver. 
At 823°C, the B-phase decomposes by a eutectoid 
reaction 


(3.7 at. pct Ag) = a(~0.1 at. pct Ag) + y 


where y is the intermediate phase, Zr, Ag. 
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As a result of minor impurities, the allotropic 
transition in zirconium 1 actually occurs over a 
range of temperature, as shown in Fig. 1. The 
presence of 3-phase alloys at various composi- 
tions in the temperature range 796° to 822°C is 
considered to be a further indication of the minor 
impurities. However, in order to be certain the 
3-phase structures were not due to insufficient an- 
nealing, alloys containing 3 and 4.1 at. pct Ag were 
annealed at 819°C for 3 days and 69 days. The re- 
sulting microstructures contained similar propor- 
tions of the a, 8, and y-phases, and thus the 3-phase 
structures after annealing for 20 to 30 days in this 
region appear to represent equilibrium structures. 

Behavior such as this can be understood in terms 
of an impurity which is essentially insoluble in the 
a-phase and which is a eutectoid-forming element 
in zirconium. Since iron is an impurity of this type’® 
and was present in amounts of 0.02 to 0.04 pct in 
these alloys, the effects were tentatively associated 
with the presence of this type of element, and new 
investigations were commenced with zirconium 2 
containing iron in the range 0.002 to 0.009 pct. 

The results of these experiments are shown in the 
partial phase diagram of Fig. 2. A comparison of 
this diagram with that of Fig. 1 shows that consid- 
erably greater solid solubility of the a-phase is ob- 
served in the purer alloys. 

The (a + 8 + y) region determined with the final 
alloys is reduced in size compared with the pre- 
liminary alloys but still has a temperature width of 
about 15°C. As shown by the microstructures in 
Fig. 3 of an alloy with 2.1 at. pct Ag, the proportion 
of B-phase increases very slowly as the temperature 
is raised in the lower portion of the (a + 8 + y) re- 
gion and then this proportion increases rapidly in 
the upper part. Since only a small trace of B-phase 
exists over a considerable temperature range in the 
lower part of this region, the possibility exists that 
still further reduction in B-stabilizing impurities 
would reduce the (a + 8 + y) area considerably. 
However, analysis of the 2.1 at. pct Ag alloy showed 
the impurities: <3 ppm Cu - 31 ppm Fe - = 1 ppm 
Mo - 20 ppm Ni - 6 ppm H - < 2 ppm W, which are 
essentially unchanged from the impurity content of 
the iodide zirconium. It is considered unlikely that 
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Fig. 1—Preliminary investigation of the 
eutectoid region of the silver-zirconium 
system. 


SILVER (at.%) 


the 3-phase region can be eliminated from this 
phase diagram using iodide zirconium, and thus 
this region was included in the final diagram as 
typical of this material. 


RESULTS OF THERMAL ANALYSES IN THE 
REGION 0 TO 10 AT. PCT SILVER 


The results of a thermal analysis of alloys pre- 
pared from zirconium 2 are shown in Fig. 4 where 
they may be compared with the phase boundaries 
determined by the annealing method. The chemical 
analysis from different parts of the ingot showed a 
larger range of composition, as indicated by the 
lengths of the horizontal lines in Fig. 4, than was 
usual for the smaller ingots used in the annealing 
study. Efforts to eliminate this effect in the larger 
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thermal analysis specimen by foil rolling of the 
specimen between casting steps were unsuccessful. 
Both heating and cooling results are indicated on 
this figure and the temperatures shown are for the 
beginning of the arrest in the case of the eutectoid 
horizontal. In the cases of the B/(a + 8) and 

B/(B + a) boundaries, the temperatures represent 
the end of the arrest in heating and the beginning of 
the arrest in cooling. The alloys with mean compo- 
Sitions 1.3, 2.1, 2.4, and 6.3 at. pct Ag each showed 
two arrests corresponding to the phase boundary of 


the B-region and the eutectoid reaction, respectively. 


The maximum arrest time for the eutectoid reaction 
occurred in the alloy with a mean composition 3.7 
at. pct Ag. Although the thermal analysis results as 
indicated on Fig. 4 are only in approximate agree- 
ment with the results from the annealing experi- 
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Fig. 3—Three-phase microstructures of alloy containing 2.1 at. pct silver. (a) Annealed 25 days at 820°C. X750. 
(b) Annealed 24 days at 815°C. X500. (c) Annealed 29 days at 805°C. X750. The gradual change with temperature in the 


amount of g-phase in the lower portion of the (q@ + + y region is illustrated. 


ments, the eutectoid reaction and the depression of 
the B/(a@ + 8) boundary with silver is clearly indi- 
cated by this method. Examination of the slowly- 
cooled microstructures of these alloys showed pro- 
gressively greater amounts of laminar eutectoid in 
the grain boundaries of the a-phase from 0.5 at. 
pet Ag to a fully eutectoid structure at 3.7 at. pct 
Ag, whereas the 6.3 and 9.5 at. pct Ag alloys con- 
sisted of progressively larger amounts of pro- 
eutectoid y-crystals in a laminar eutectoid matrix. 


THE SILVER- ZIRCONIUM SYSTEM IN THE 
REGION 6 TO 36 AT. PCT SILVER 


The results of annealing experiments to deter- 
mine the phase boundaries of the f-phase at higher 
temperatures are shown in Fig. 5. The solubility 
of silver in the B-phase was found to increase from 
3.8 at. pct at 821°C to 20 at. pct at 1191°C. Alloys 
within the (8 + y) region during these anneals were 


readily detected by the presence of relatively large 
y-crystals with isothermal-type boundaries. The 
appearance of the 6-phase matrix varied consider- 
ably with composition since this phase transformed 
during quenching over most of the composition 
range. Thus, quenched microstructures of B-phase 
vary from large-grained structures with serrated 
grain boundaries at the lowest silver content, to 
martensite-like structures in the range 3 to 6 at. 
pct Ag, and finally in the range 12 to 18 at. pct Ag 
to structures which have the isothermal appearance 
of retained 8. This “retained 6” material is, how- 
ever, very hard and it is thought that transforma- 
tion or precipitation process has also occurred in 
the quenching of these compositions. 

Fig. 5 also shows the constitution extended to 
the region of the first intermediate phase (y) by 
means of a limited investigation with alloys of 
higher silver content. The y-phase forms by the 
peritectic reaction 


950 


900 


Fig. 4—Thermal arrests in silver-zirco- 
nium alloys in the region 0 to 10 at. pct 
Ag. The horizontal lines indicate both 
the temperature of the arrest and the 
range of silver composition present in 
each ingot. The dart symbol is used to 
indicate both the mean composition and 
whether arrest is from cooling (v) or 
heating (a). 
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B(20 at. pct Ag) + liquid (~ 36 at. pct Ag) 
= y (33 at. pct Ag) 


at 1191 +3°C. The reaction was indicated by 

the occurrence of (8 + y + 5) peritectic-type struc- _ 
tures in cast alloys of the compositions 25 to 35 at. 
pet Ag and by the formation of a (y + 5) eutectic 
upon heating (8 + y) alloys to temperatures above 
1191°C. The composition of the y-phase was found 
to be between 33 and 34 at. pct Ag at 1150° to 
1174°C, and although the zirconium-rich boundary 
of this phase was not determined at lower tempera- 
tures, the y-phase is considered to be in equilibrium 
with a and £-phases at these temperatures. This is 
based on a slowly cooled alloy with 30 at. pct Ag, 
comprised mainly of the y-phase, which was ob- 
served to contain a small amount of typical (a + y) 


eutectoid after this treatment. X-ray examination 
of the above, slowly cooled specimen showed that 
the y-structure was that of a disordered body- 
centered tetragonal phase with a = 3.25 A, c = 
3.98 A. On the other hand, a quenched specimen 
from the (y + 5) region on the silver-rich side of 
the phase (alloy 34.2 from 951°C) revealed a par- 
tially ordered structure that would correspond to 
“a” and “c” spacings twice as great as those in- 
dicated above. Further investigation of the struc- 
ture of the y-phase would therefore be desirable. 
This is particularly true since Karlsson‘ reported 
that the intermediate phase in this region was 

Zr, Ag, with an ordered AuCu, type, tetragonally 
deformed structure. Karlsson did not completely 
investigate the composition of this phase because 
of difficulties of obtaining equilibrium in the 3- 
phase alloys, and it is of interest to note that if 
the type of ordering which he reported is neglected, 
the dimensions of the unit cell are then equivalent 
to those measured above, and these correspond 
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quite well to the composition Zr, Ag in terms of a 
linear atomic volume relationship between these 
elements. Kemper® agrees with the present work 
in showing the first intermediate phase to be Zr, Ag; 
but differs in the reaction by which this phase forms 
from the liquid. 

The nature of the phase diagram at still higher 
silver contents was investigated in a preliminary 
fashion with alloys containing 36, 40, 50, and 66.7 
at. pct Ag. The cast structures of these alloys all 
contained the terminal silver phase, and in view of 
the existence of a (y + 5) eutectic this suggested 
that an immiscible liquid region may exist above 
the 5-phase. Such a region would also be consistent 
with the observation that when (6 + y) alloys of 
compositions 33 to 35 at. pct Ag are heated above 
1160°C, the 5-phase partitions in melting and two 
eutectics, (y + 5) and (6 + Ag), are observed in the 
chilled liquid. 

Two annealing temperatures, 779° and 963°C, 
were used to investigate the phase constitution of 
the solid alloys. The alloy containing 50 at. pct Ag 
was almost homogeneous 6-phase at 963°C with only 


_ traces of chilled liquid. Thus, the 5-phase corre- 


sponds closely to the composition ZrAg phase. An 

X-ray examination of this alloy revealed a tetrago- 
nal, B11 structure in good agreement with the ZrAg 
structure given by Karlsson. * 

Results with the other alloys indicated that simple 
2-phase regions exist between the 5-phase and the 
y -phase and the 6-phase and the silver phase with- 
out indication of additional intermediate phases. 
The presence of chilled liquid in the alloy contain- 
ing 66.7 at. pct Ag at 963°C was in agreement with 
the temperature, 955°C, given by Raub and Engel 
for the (Ag + 5) eutectic. The liquidus arrests of 
these authors rose rapidly with additions of zirco- 
nium and then formed a flat maximum at 1150° to 
1140°C in the vicinity of 40 to 60 at. pct Ag. This 
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small variation of the arrest temperatures near 

the 5-phase could conceivably correspond to a tem- 

perature horizontal underlying an immiscible liquid 

region, but further investigations are clearly needed 


_ to establish this portion of the diagram. 


DISCUSSION OF THE RESULTS 


The silver-zirconium phase diagram resembles 
the other zirconium and titanium diagrams with 
elements from Group IB, in that the a/(a@ + 8) and 
B/(a@ + 8) boundaries are depressed and the melting 
points of the intermediate phases are not as great 
as with solute elements to right and to the left of the 
group IB elements in the Periodic Table. The sig- 
nificance of the depression of the a/(a + 8) and 
B/(a@ + 8) boundaries is discussed in greater detail 
elsewhere.’ Essentially, this discussion suggests 
that zirconium is effectively divalent, and that de- 
pression of the phase boundaries results from re- 
duction in the average number of electrons per atom 
upon additions of univalent silver. The restrictive 
effect of minor impurities in iodide-zirconium upon 


Spheroidization of Cold-Worked Pearlite 


A. H. Holtzman, J. C. Danko, and R. D. Stout 


Tue deformation characteristics of pearlite have 
been studied by light and electron microscopy. ’* 

In the electron-microscopic work, deformation was 
found to take place by 1) ferrite slip which is paral- 
lel to the lamellae, 2) slip transverse to the lamel- 
lae with both cementite and ferrite deforming, and 
3) ferrite-cementite interfacial slip. The trans- 
verse slip gives a step-like appearance to the la- 
mellae in light microscopic work. 

It was thought that spheroidization of deformed 
pearlite would commence at the regions of maxi- 
mum cementite deformation, the “stepped” areas. 
Although there is no possibility for seeing slip in 
the microstructure if the specimen is polished after 
deformation, the step-like appearance of the lamel- 
lae clearly indicates the transverse deformation. 
Thus, the areas of cementite deformation are ap- 
parent after polishing and the effect of deformed 
areas on spheroidization may be studied by the 
usual metallographic techniques. This note reports 
the result of a metallographic investigation which 
substantiates that spheroidization begins in the 
“stepped” areas. 
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the a-solid-solubility limit, observed in the present 
investigation of silver-zirconium should apply more 
generally. The apparent absence of a-solid solu- 
tions in many zirconium phase diagrams® thus may 
result from certain impurities in iodide zirconium. 
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Technical Note 


An AISI 1080 steel was normalized, re-austeni- 
tized at 1040°C, and isothermally transformed at 
700 + 4°C for 4hr. Cubes, 5 mm to a side, were 
compressed between parallel plates to strains of 
20, 40, and 50 pct. After deformation, specimens 
were heated to 600, 650, and 700°C; withdrawn at 
increasing time intervals and examined metallo- 
graphically for the percentage and distribution of 
spheroidite. The percentage of spheroidite was de- 
termined by lineal analysis. A microstructural re- 
gion considered as spheroidized was one in which a 
lamellar skeleton was not distinguishable. Table I 
gives the times necessary for 95 pct spheroidization 
for each condition of strain and annealing tempera- 
ture. 

Fig. 1 shows the microstructure of coarse pearl- 
ite compressed 20 pct, then polished and etched. 
Here the lamellae form a step by bending at two 


Table |. Time Necessary for 95 Pct Spheroidization for 
Compressed Pearlite 


Temperature, °C Time for Each Prestrain Level, hr 


50 Pct 40 Pct 20 Pct 
700 7 12 52 
650 26 59 235 
600 130 220 * 


*Test discontinued after 450 hr. 
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Fig. 1—Pearlite compressed 20 pct, 
etched with picral. X1000. Reduced 
approximately 10 pct for reproduction. 


points along their length and a “step band” is gen- 
erated across the pearlite colony. Based on the 
electron microscope work and microstructural re- 
gions such as Fig. 1 the cementite deformation is 
apparently confined to the points of bending and it 
is in these regions that spheroidization would be 
expected to begin. Fig. 2 shows the start of sphe- 
roidization in a pearlite colony with several step 
bands. In the right-hand band, small spheroids can 
be seen forming in the band edge. In the left-hand 
band, spheroidization has proceeded to a greater 
degree and the spheroids are divorced from the 
lamellae although they are confined to the prior 
step-band region. 

The spheroidization appearance of deformed 
pearlite is markedly different from that of normal 
spheroidization in undeformed pearlite. In the latter 
case, the carbide lamellae “pinch off” at more or 
less regular intervals to form small ellipsoidal car- 
bides which subsequently spheroidize. Thus, sphe- 
roidization of undeformed pearlite occurs almost 
homogeneously throughout the colony. In the case 
of deformed pearlite spheroids form first in the 
step bands with subsequent spheroidization proceed- 
ing from the step band into the remainder of the 
colony. A heterogeneous appearance is then found 
for spheroidization of deformed pearlite as shown 
by Fig. 3. 

The step bands increase in severity and number 
with increasing deformation and as a result more 
carbide regions are available for inducing spheroid- 
ization. Consequently, the rate of spheroidization is 
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Fig. 2—Pearlite compressed 20 pct, 
held at 650°C for 15 hr, etched with 
picral. X1000. Reduced approximately 
10 pet for reproduction. 


Fig. 3—Pearlite compressed 40 pct, 
at 700°C for 4 hr, etched with picral. 
X1000. Reduced approximately 10 pct 
for reproduction. 


increased rapidly with deformation as shown by the 
data of Table I. 

Carbide fragmentation as well as the formation of 
step bands would be expected to increase the rate of 
spheroidization. In some areas fragmentation is so 
severe that very little thermal energy would be nec- 
essary to spheroidize the fragments and spheroidi- 
zation probably proceeds with extreme rapidity. An 
example of such fragmentation is shown as Fig. 4. 


Fig. 4—Pearlite 
compressed 50 
pet, etched with 
picral. X1000. 
Reduced approx- 
imately 10 pct 
for reproduction. 
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Internal Friction and Young's Modulus of Hexagonal and Cubic Cobalt 


M. E. Fine and E. H. Greener 


Tue internal friction (1/Q) of cobalt Fig. 1 (meas- 
ured by an electrostatic dynamic method’) near 
250°C begins to increase rapidly on heating and 
continues to increase until 560°C, the highest tem- 
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Technical Note 


perature measured. In the plot of log of 1/Q against 
1/T, above 250°C the data nearly fit two straight 
lines intersecting at 400°C, approximately the tem- 
perature of the hexagonal-cubic transformation. 
The higher temperature branch corresponds to an 
effective activation energy of 6500 cal per mole, the 
lower temperature branch 11,000 cal per mole. 
Young’s modulus Fig. 2 increases approximately 
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Fig. 1—Internal friction of cobalt as function of tempera- 
ture. Internal friction is plotted on a logarithmic scale. 
The cobalt contained as impurities 0.05 pct Fe, 0.02 pct Si, 
and 0.04 pct Ni. The grain size was about 1.5 x 10°39 mm. 
Measurements were conducted at pressures of 0.02 mi- 
cron. Resonant frequency was about 60 kc per sec, strain 
amplitude 107’ to 10-8, Before each measurement speci- 
men was at temperature at least 15 min. Data for one run 
on one specimen are given. Two specimens were studied 
with several runs on each. The results were essentially 
identical. 


linearly from 25° to 400°C. The temperature co- 
efficient of modulus over this range is 4.3 X 107* 
per deg C. Above 400°C the modulus-temperature 
plot is also nearly linear but the coefficient is 

3.6 X 10-* per deg C. The value at 27°C, 21 X 10” 
dynes per sq cm, agrees closely with that reported 
by Street.” The absence of a large change in modulus 
in the range of the transformation is related to the 
fact that the two structures have the same arrange- 
ment of near neighbor atoms. 

An attempt was made to investigate internal fric- 
tion and Young’s modulus as functions of strain 
amplitude. Below 480°C variation of the driving 
voltage by a factor of 10 did not change these prop- 
erties appreciably. With our present apparatus we 
were unable to investigate strain amplitude above 
480°C, since it was necessary to drive the specimen 
with maximum available voltage to obtain any data. 

Previous investigation of the expansivity’ of this 
cobalt as well as other investigations of the trans- 
formation in cobalt* have shown that the transfor- 
mation takes place over a temperature range and 
that hysteresis is observed. While there is some 
evidence for hysteresis in our data, this investiga- 
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tion is not very sensitive to hysteresis since there 
is no large change in either modulus or internal 
friction during the transformation. 

Of the various sources of internal friction in 
cobalt which come to mind, stress-induced mag- 
netostriction does not seem to be the major effect 
since the magnetostriction of cobalt is zero near 
400°C.° If stress-induced magnetostriction were 
important, a dip in internal friction at this tem- 
perature would occur. .It seems unlikely that grain- 
boundary relaxation is the major effect since the 
internal friction peak due to grain-boundary relax- 
ation occurs over a much narrower temperature 
range. For example, the half width of the grain- 
boundary relaxation peak in aluminum is about 
100°C.° 

The internal friction of all metals at high tem- 
peratures increases exponentially with temperature. 
This increase usually has been attributed”® to for- 
mation of jogs at dislocation intersections. In Al’ 
and Cu® this effect becomes important at T/T of 
0.57, and 0.50, respectively, where 7,, is the melt- 
ing temperature. In Co the rapid increase in inter- 
nal friction begins at about 525°K, 7/T,, is 0.3. 
Interestingly, the values of 7/7, in these metals 
are arranged in order of their stacking fault ener- 
gies. 
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Fig. 2—Young’s modulus of cobalt as function of tempera- 
ture. For experimental details see legend for Fig. 1. 
Thermal-expansion data of identical cobalt’ were used in 
the calculations. 
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No theory based solely upon the transformation 
can account completely for the observed internal 
friction effects in view of the absence of a decrease 
in internal friction above the transformation tem- 
perature range, 380° to 450°C. However, the small 
difference in free energy of the two structures (AF ), 
that is, the low stacking fault energy, is perhaps a 
significant factor. The associated pairs of half dis- 
locations would be relatively far apart. The poten- 
tial wells for the dislocations would be shallow. One 
might then expect considerable oscillation of dislo- 
cations under cyclical stressing. On heating the 
hexagonal phase the internal friction would increase 
since not only is there more thermal energy avail- 
able to aid the motion but the magnitude of AF de- 
creases. On heating the cubic phase the magnitude 
of AF increases opposing the increase in thermal 
energy. This may account for the fact that the in- 
crease in internal friction with heating above the 
transformation is not as rapid as below. In the re- 
gion of the transformation strain energy associated 
with the transformation probably prevents the in- 
ternal friction from becoming much larger. 
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Processing and Properties of Cobalt-Platinum 


Permanent-Magnet Alloys 


The study of cobalt-platinum alloys has been of interest since they represent a class 
of permanent-magnet material in which the disorder-to-order transformation plays a 
controlling role. The magnetic properties of alloys in the range 40 to 60 at. pct have 
been found to be greatly influenced by composition and heat-treatment. The peak prop- 
erties of 4700 coercive force and 9,000,000 gauss-oersteds energy product were obtained 
by controlled cooling and aging. These high values combined with ductility and machin- 
ability give the alloys useful characteristics although their high cost limits their appli- 


cation. 


D. L. Martin 


Tue cobalt-platinum alloys have been of interest 
in the study of permanent-magnet materials ever 
since the discovery by Jellinghaus that they had un- 
usually high coercive-force values.’ The high co- 
ercive force was associated by Jellinghaus with the 
disorder-order reaction which occurred in these 
alloys. This was later verified by Gebhardt and 
K6ster in a detailed study.” 

An investigation of the structure, mechanism, and 
kinetics of the disorder-order transformation and 
resulting property changes in cobalt-platinum alloys 
has been in progress for some years. Certain 
phases of this study related to equilibrium rela- 
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tions, and to the mechanism and kinetics of the or- 
dering reaction have been published previously. * 
In this paper, the results of the processing and 
heat-treatment studies on 40 to 60 at. pct Co al- 
loys are presented. The magnetic properties have 
been found to be influenced greatly by the composi- 
tion, by the cooling rate from the disordering treat- 
ment, and the final ordering time and temperature. 
Coercive force values, H,, of 4700 oersteds and en- 
ergy values, (BH),,, approaching 9,000,000 gauss- 
oersteds have been obtained by controlled cooling 
and ordering. 


PROCESSING OF THE ALLOYS 


The composition range of interest for permanent- 
magnet properties centers around the equiatomic 
composition CoPt. In this region the alloys are dis- 
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Table 1. Composition and Properties of the Cobalt-Platinum Alloys 


| DENSITY RESISTIVITY, 25 LATTICE PARAMETER 
ALLOY! g/cc MIGROHM-CM DISORDERED | ORDERED 
W% | A% | DISORDERED DISORDERED. ERED a aoc th 
A |15/300| 18.04 42.1 3.829 |3.831 
B 16.34 50.8 3.801 [3798 3746 967 
C 15.95 39.6 26.0 3.768 [3804 3708 975 
3.792  |3812 3708 973 
D (227/493) 1587 41.3 25.9 
(228|494 15.64 3803 370! 973 
F (256532! 15.30 
3749 (3771 3.694 
4567) 14. 77 
H (443/725) 12.6 27.3 3.680 


ordered, face-centered cubic at high temperatures, 
and ordered, face-centered tetragonal at low tem- 
peratures. The phase diagram for the system is 
shown in Fig. 1, and the location of each alloy stud- 
ied is indicated. The chemical composition, den- 
sity, resistivity, and X-ray parameters are listed in 
Table I. 

The alloys, with the exception of F, were pre- 
pared by melting, casting, and hot-working into rods 
or wire. Alloy F was prepared by pressing and sin- 
tering of powders, and hot fabrication of the sin- 
tered bar into rod and wire. 

Melting— The alloys were prepared by melting 
100 to 150 g of cobalt and platinum in a high-fre- 
quency induction unit under an atmosphere of ni- 
trogen or ina vacuum. Zircon, zirconia, and mag- 


nesia crucibles were used satisfactorily for melting. 


The first few ingots were formed by allowing the 
melt to solidify in the crucible, but later the molten 
metal was cast into quartz tubes or copper molds. 
The analyses of the alloys showed only a small loss 
of cobalt during melting. 


The main melting problem is to keep the sulfur 
content at a low level to prevent brittle cracking 
during hot-working. Care in selecting low-sulfur 
cobalt melting stock minimizes this problem. 

The small ingots (*/ in. diam by 3 in. long) were 
homogenized at 1400°C prior to hot-working to 4- 
in. rod, the size used for the magnetic specimens. 

Sintering—One alloy, F, was prepared by powder- 
metallurgical methods. Cobalt and platinum powder 
were mixed thoroughly before pressing into a round 
bar that was sintered 5 hr at 1450°C. The sintered 
bar was hot-swaged to size, and it seemed to de- 
form as easily as the cast ingots. 

While the author has a preference for the melting 
process, it appears that satisfactory material also 
can be prepared by sintering. The difficulties to be 
expected with the powder methods are those associ- 
ated with porosity and a fine-grained structure. 

Fabrication— The disordered phase is softer and 
more ductile than the ordered phase. Fabrication 
of the cast and sintered bars into rod and wire was 
accomplished by hot-swaging above the ordered re- 
gion (e.g., 1000°C) down to a size of about 7/10 in. 
diam, and cold-swaging and drawing into small- 
diameter wire (0.020 in.). The cold-working was 
carried out on material that had been quenched to 
retain the disordered phase at the working temper- 
ature. 

The hot swagability of the alloys appeared to be 
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influenced by the grade of cobalt used as melting 
stock. The cause of this brittleness was not traced 
to any particular impurity. However, in a parallel 
study, sulfur was shown to be the cause of hot em- 
brittlement in cobalt, and therefore, it was as- 
sumed that sulfur also was responsible for the in- 
tercrystalline embrittlement observed in some of 
the cobalt-platinum alloys. 

In the preparation of alloy C, two precautions 
were taken to minimize hot-shortness: 1) Cobalt 
that had been hot-swaged successfully to 4-in.-diam 
rods was used as melting stock, and 2) a small 
amount of manganese (0.1 pct) was added to the melt 
to tie up sulfur. The resulting alloy was easily hot- 
worked and did not contain intercrystalline cracks. 

Chemical Analyses—A lack of agreement between 
density values and chemical composition for several 
alloys resulted in the development of a new analyt- 
ical method for the determination of cobalt in co- 
balt-platinum alloys. This method separates cobalt 
and platinum by anion exchange, and the eluted co- 
balt determined by controlled potential electrodepo- 
sition.’ The composition results obtained from the 
anion-exchange determination seemed to be more 
reliable than the results from the platinum sulfide- 
precipitation method. The anion-exchange results 
indicate no loss of cobalt during processing where- 
as the platinum-sulfide analytical method indicated 
a loss of several pct cobalt during processing. Geb- 
hardt and K6éster also reported no loss of cobalt 
during melting in agreement with our findings using 
the anion-exchange method. * 


HEAT-TREATMENT OF THE ALLOYS 


The magnetic properties of the cobalt-platinum 
alloys are sensitive to the phase structure and thus 
to heat-treatment. The general treatment consists 
of heating to a high temperature to disorder, cooling 
to room temperature, followed by isothermal order- 
ing at 600°C. The optimum permanent-magnet 
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Fig. 1—Phase diagram for the cobalt-platinum system 
(after Gebhardt and Késter? and Newkirk, et al.4 The 
composition of each alloy studied is indicated at the bot- 
tom of the diagram. 
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properties are obtained at an intermediate stage of 
the transformation from disorder to order. 

During heat-treatment the specimens, % in. diam 
by % in. long, were protected from oxidation by 
sealing in argon-filled quartz, Vycor, or glass vials 
depending upon the temperature. The disordering 
temperature was in the range 900° to 1000°C and 
the ordering temperature 500° to 800°C. 
naenes Testing—The specimens were tested by 

istic methods in an isthmus electromagnet with 
B and H measuring coils as described by Bozorth.°® 
Two test procedures were followed. One involved a 
- point-by-point determination of the second quadrant 
curve and the other a single, open-circuit induction 
measurement on a standard sample. 

The point-by-point method enabled us to obtain 
saturation induction B,, residual induction B,, co- 
ercive force H¢ or H,;, and the maximum energy 
product (BH),,, but was time-consuming. * 


*The terms commonly used to describe the permanent- 
magnet properties are defined below; a more detailed de- 
scription of magnetic terms has been made by Bozorth,® 
and Clark?: 

Saturation induction Bs, is the limiting value of intrinsic 
induction (8-H) as the magnetizing field H is increased. 

Residual induction B,, is the residual value of induction B 
for a specimen in a closed circuit when the magnetizing 
field is reduced to zero, after the specimen has been satu- 
rated. 

Coercive force H,, is the second quadrant, /-axis intercept 
of the hysteresis curve. It is the value of demagnetizing 
field required to reduce the induction 8 to zero after the 
sample has been magnetized to saturation. 

Intrinsic coercive force H,;, is the demagnetizing field re- 
quired to reduce the intrinsic induction ( 8-H) to zero after 
the specimen has been magnetized. H,; will always be 
larger than H,, and for materials like cobalt-platinum the 
difference is significant. 

Maximum energy product (BH),, is the maximum value of 
B * H for points on the second-quadrant demagnetization 
curve. It is frequently used to describe magnetic quality 
of permanent-magnet materials as it represents the avail- 
able potential energy which the magnet can furnish for ex- 
ternal use. 


The second procedure was much quicker since it 
involved only the measurement of the open-circuit 
induction B, on the sample after magnetizing in a 
field of 20 to 24 kilo-oersteds. This was accom- 
plished by pulling the magnetized specimen out of a 
coil and measuring the galvanometer deflection in a 
calibrated circuit. From the open-circuit B, value 
and the demagnetization coefficient for the specimen, 
it is possible to compute the open-circuit H of the 
specimen. 

To compare different specimens by the open- 
circuit test it is necessary to standardize on a fixed 
length to diameter ratio. For this study, an L/D ra- 
tio of 1.50 was chosen since it was a convenient size 
to handle. For a ratio of 1.50 the relation between 
By, and H, was assumed from experimental meas- 
urements to be: B, =—4.3 H,. 

The simplicity of the open-circuit test is illus- 
trated in Fig. 2, where the B, and H, values are 
indicated for a specimen with an L/D of 1.50. 

Either the value of B, or the B,H, product may be 
used to indicate the magnetic quality of the material. 
Variations in B, or B,H, with heat-treatment or 
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Fig. 2—Relation of the open-circuit B) value to the B-H 
curve. Data are for an alloy D specimen, with an L/D 

of 1.5 after cooling at rate of about 150°C per min from 
1000°C and aging 5 hr at 600°C. The point Bg-is the open- 
circuit value measured after applying a field of 24 kilo- 
oersteds, in contrast to 15 kilo-oresteds for the determin- 
ation of the curve. 


with composition are useful to point out the signifi- 
cance of changes that occur and at a considerable 
saving of time over the determination of the demag- 
netization curve. 

However, it should be pointed out that a single 
open-circuit value has significance as a relative 
figure of merit only if the demagnetization curves 
are similar in shape. For the evaluation and iden- 
tification of materials with different curves, such as 
cobalt-platinum and Alnico, the open-circuit values 
of two or more specimens of widely different length- 
to-diameter ratios would be needed to provide a 
more positive identification of the nature of the de- 
magnetization curve. 

By adjusting the L/D ratio for the type of mate- 
rial being studied, it is possible to obtain a close 
correlation between B,H, and (BH), energy prod- 
uct. An L/D of 1 is suitable for high coercivity ma- 
terials like cobalt-platinum compared to an L/D of 
4 to 5for Alnico 5. However, in this study we found 
a %-in.-diam by 4-in.-long piece to be too short to 
handle conveniently and for that reason a %-in.-long 
sample with a corresponding L/D of 1.5 was adopted 
as the standard size. 

The effect of 600°C aging on B,H, product and 
(BH )m of a cobalt-platinum alloy is shown in Fig. 3. 
Note that the B, H, product gives a good indication 
of the effect of.ordering time, although the B, Hy 
peak does not agree exactly with the (BH), peak. 

The practice followed was to study the effect of 
the various heat-treatment variables on the B,H, 
product and then, if considered necessary, to meas- 
ure complete curves on specimens retreated to the 
optimum condition. 

Variation of Magnetic Properties with Ordering 
Treatment—The transformation of the disordered 
cobalt-platinum phase to an ordered phase is a 
heterogeneous reaction in which particles of the 
ordered phase nucleate and grow at the expense of 
the disordered matrix.® 

The changes in magnetic properties that occur 
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Fig. 3—Comparison of ByHp product and (BH),, with aging 
at 600°C. The specimens (alloy C, 49.0 at. pct Co) were 
cooled at rate of about 100°C per min from 900°C prior to 


aging. 


with 500, 600, and 700°C ordering of the disordered, 
43.9 at. pct cobalt alloy are shown in Fig. 4. Sim- 
ilar results have been obtained for other alloys in 
the 40 to 60 at. pct range, Table II. These results 
are summarized as follows: 

1) The disordered phase has a higher saturation, 
Bs, and residual induction, B,, than the ordered 
alloy. This is shown in Figs. 4(@@) and (0) where the 
values beyond 10 hr at 700°C represent properties 
of the fully ordered alloy. 

2) The coercive force, He and H¢j, and the re- 
lated energy product (BH),, increase to a maximum 
and then decrease with additional aging time, Figs. 


Table Il. Summary of Magnetic Data for Quenched and Aged Specimens 


TREATMENT 
“at | Br | He | Hei |(BHm 
“ALLOY, SoLuTion | AGING | STRUCTURE 


| | Kg 
| 8 2 1000 | NONE  |oisoRDERED| 7.3/5.3 | | 
| ¢ [49.0] 5 900 | NONE [DISORDERED 8.3 | 5.5 
| 0 [493) 2  1000/ NONE [DISORDERED] 8.1 | 5.5 | 
(494) 2 1000 | NONE DISORDERED! 8.0 | 6.0 | 
F (53.2) 5 900 | NONE | DISORDERED] 8.6 | 5.4 | 
|567) 2 1000] NONE | DISORDERED|10.8 | 7.5 
T 
2 1000, 26 700 | ORDERED | 52/21 1051 06/03 
0 2 1000 48 700 | ORDERED | 5.5 | 28/08! 06 | 
|567/ 2 1000 | 48 700 | | 72/29] 06/06/05) 
8 (439) 2 1000 | 10 600 | oro+0is. | 7.4159] 24/26) 5.8] 
(490) .5 900 | 1.5 600 | oro+ois. | 7.2 6.0/2.4 | 3.6 | 
0 [493/ 2 000 | 0 600 | | 65 [5.7 37/5.0/ 66, 
E (494) 2 1000 | 25 600 | ois. | 6.9 [5.7 [3.1/4.6 | 5.4 | 
F ($32, 5 900 | 10 600 | oro+ois | 7.4 | 61 | 26/33] 4.9 
6 2 1000 | 24 600 | | 881681 20/231 59 


4(d), (e), and(f). However, note that the coercive 
force of the fully ordered alloys (500 to 1000 oer- 
steds, Table II) is still quite high relative to other 
permanent-magnet materials. 

3) The 600°C peak values of He, Hej, and (BH), 
are higher than the 700°C peak values, Figs. 4(d), 
(e), and (f). The 500°C tests were not conducted 
long enough to establish a maximum for alloy B, but 
for alloy D the 600°C peaks were also higher than 
the 500°C peak values.* The lower peak values at 
500°C are attributed to an interfering, recrystalli- 
zation reaction that does not develop at 600°C until 
after the maximum is exceeded. 

4) The rate of transformation increases with or- 
dering temperature. Note in Fig. 4(d) that the Hc 
peak occurs in % hr at 500°C. 

5) The energy product, (BH), peak occurs at a 
shorter aging time than the H- peak. Thus, the 
600°C (BH ),» peak occurs at 10 hr compared to 
about 20 hr for the H- peak. This is the result of 
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Fig. 4—Changes in magnetic properties with isothermal aging for solution-treated and quenched specimens of alloy B 


(43.9 at. pet Co). 
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the continuous decrease in B, with aging and its re- 
lated influence on the (BH ),,, product. 

6) The effect of increasing cobalt content on the 
magnetic properties is not as clear cut as might be 
expected (Table II). One reason is that the short 
specimen with a large demagnetizing effect is not 
ideal for measurement of magnetic properties on 
the low coercive, disordered phase. The general 
composition trend is for the saturation and residual 
induction to increase with cobalt content for both 
disordered and ordered phases. The alloys with 49 
to 50 at. pct Co have the highest coercive force and 
energy product values. 

The response of the alloys to the ordering treat- 
ment is quite different. This is shown in Fig. 5 
where a comparison of the aging curves for the six 
alloys is made. The optimum aging time varies 
from about 1 hr for alloy F to 15 hr for alloy G. No 
consistent composition pattern could be established 
between the alloys in their response to aging. The 
results show the alloys (B and G) further from the 
50 at. pct composition to be slowest in response. 
Factors other than composition variation may be 
involved, and, in the case of alloy F, it can be 
pointed out that this alloy was prepared by sinter- 
ing and might be expected to have a faster trans- 
formation rate because of a smaller grain size. 


Relation of Coercive Force to Structures—For 
isothermal aging, the maximum coercive force is 
obtained at an intermediate stage of the transfor- 
mation from disorder to order. This is shown in 
Fig. 6, where the X-ray results, electrical resist- 
ance changes, and coercive force are compared 
during 600°C aging. The maximum coercive force 
is reached after about 10 hr aging whereas the 
X-ray structure and electrical resistance results 
indicate that the alloy is not fully ordered until after 
about 100 hr. At the condition of maximum coer- 
cive force the amounts of ordered and disordered 
phases are about equal, as indicated by Debye- 
Scherrer surveys, and diffuse diffraction lines are 
observed which have been interpreted as evidence 
for a coherent bond between the ordered phase and 
the disordered matrix. 

It is not clear from this correlation whether the 
high coercive force is associated with a critical 
size, shape, and distribution of the ordered phase 
in the disordered matrix, or whether it is the co- 
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Fig. 5—Variations of isothermal aging characteristics of 
the alloys. Specimens were solution-treated at 900°C and 
water-quenched prior to ordering treatment. 
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Fig. 6—Correlation of coercive force, phase structure, and 
electrical resistance changes for alloy D (49.3 at. pct Co) 
during aging of specimens quenched from 1000°C. 


herency between phases and related crystal ani- 
sotropy changes that is important. 

The coercive force decreases rapidly with the 
disappearance of the disordered phase (about 100 
hr), but even after 400 hr the coercive force is still 
of considerable magnitude (1200 oersteds) compared 
to other permanent-magnet materials. This high 
value is undoubtedly associated with a high crystal- 
anisotropy energy of the tetragonal structure—esti- 
mated from torque measurements to be of the order 
of 10’ ergs per cu cm. 

The microstructural changes which accompany 
ordering will be reviewed here briefly since they 
bear on the magnetic properties. The disordered 
structure can be described as equiaxed grains sim- 
ilar to those observed in any face-centered-cubic 
material such as copper. At a stage corresponding 
to maximum coercive force the structure consists 
of equiaxed grains with faint striations or ripples 
when observed at magnifications up to x 1000 with 
the light microscope but to consist of two phases 
when observed with the electron microscope. This 
is shown in Fig. 7 where small particles, believed 
to be ordered, are observed in a disordered matrix. 
This structure suggests that the good permanent- 
magnet properties of the cobalt-platinum might be 
explained on the basis of the single-domain particle 
theory. Since most of the particles are nearly 
spherical in nature, it seems that crystal anisotropy 
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Fig. 8—Micrograph 
~- of alloy C showing 
recrystallized 
areas at the grain 
boundary. Sample 
-- was cooled at 
_ about 100°C per 
min from 900°C 
to room tempera- 
=.' ture and aged 24 

- hr at 600°C. The 
H,; for this condi- 
tion was 3900 oer- 
steds. X500. Re- 
duced approximate- 
ly 32 pct for re- 
production. 


must be an important factor in order to account for 
the high coercive-force values. 

At a later stage of aging, after the coercive force 
has declined from the peak value, the striations ob- 
served under the light microscope are sharper and 
recrystallized grains are evident at grain bounda- 
ries, as shown in Fig. 8. The recrystallization 
process appears to be a secondary reaction in which 
a strained, ordered plus disordered structure is 
converted into a banded, strain-free ordered phase. 
The partially recrystallized structure is evidence 
of overaging and is undesirable since it results in 
lower permanent-magnet properties. 

After very long aging, a beautiful, banded struc- 
ture similar to that shown in Fig. 9 is observed. 
This structure is that of a fully ordered phase. The 
bands represent areas of different but related ori- 
entation similar to a twin relationship. Their origin 
appears to be related to the recrystallization growth 
process in some samples. In other, isothermally aged 


Fig. 9—Electron 
micrograph of alloy 
C showing banded 
structure in fully 
ordered sample. 
Sample was solu- 
tion-treated at 
900°C, quenched, 
and reheated for 

8 hr at 800°C. The 
H,; for this con- 
dition is estimated 
to be about 500 oer- 
steds. X10,000. 
Black particle is 
about 4 micron 

in size. Reduced 
approximately 32 
pet for reproduc- 
tion. 


samples a banded martensitic-type structure also 
has been observed, suggesting that deformation from 
transformation stresses may also be responsible 
for the formation of some bands. 

The magnetic properties of the fully ordered 
structure are low compared to the peak values, 
Table II, although still high compared to many com- 
mercial permanent-magnet materials. 

Effect of Cooling Rate—The rate of cooling from 
the disordering treatment prior to aging at 600°C 
has been observed to influence the permanent- 
magnet properties.'° This is shown in Fig. 10 for 
alloy C, where the properties are compared for 
slow-cooled and water-quenched specimens. Note 
that for the peak (BH),, condition, the By and B,- 
values are about the same for the two cooling treat- 
ments; whereas the coercive force, Hc, is much 
higher (4300 vs 2000 oersteds) for the slow-cooled 
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material. The net result is a much higher energy 
product value for the slow-cooled sample. 

A wide variation of cooling rate, from water- 
quenching to furnace-cooling, was studied. The in- — 
termediate rates were obtained by packing the spec- 
imens with alumina in crucibles of various dimen- 
sions and cooling in air. The cooling rates were 
measured at 750°C. 

The effect of cooling rate on peak B, H, product 
obtained after 600°C aging is shown in Fig. 11 for 
the six alloys. Note that there is an optimum cool- 
ing rate and that this rate is generally of the order 
of 100°C per min for most of the alloys. 

The (BH), as well as B,H,-values, for alloy D 
are plotted in Fig. 11(c) and a similar variation with 
cooling rate is shown. 

It is not understood how the rate of cooling from 
the disordering temperature influences the mag- 
netic properties, but apparently the nucleation and 
growth characteristics of the ordered phase are 
influenced. 

A comparison of the peak B, H,-value for each 
alloy in Fig. 11 shows that alloy D has the highest 
permanent-magnet properties. This is surprising 
in that alloy C and alloy E are close in composition 
to alloy D on the basis of cobalt content. 

In addition to a low B,H,-value, other results for 
alloy E are strange, Fig. 11@). The alloy is more 
sensitive to cooling-rate variations than is either 
C or D, and the peak B, H, -value appears to be 
shifted to a slower cooling rate. The reason for 
these differences is not clear, although impurities 
or grain structure are suggested as possible factors 
to consider. 

Effect of Disordering Temperature—The magnetic 
properties for some alloys were found to be depend- 
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ent upon the disordering temperature. Alloy G 
showed a pronounced variation with disordering 
treatment, Fig. 11(f). The specimens disordered 
at 1000°C had much higher B,H,-values for all 
cooling rates than did specimens disordered at 
900°C. The optimum cooling rate also was shifted 
to a lower value when the samples were solution- 
treated at 1000°C. 

The effect of solution temperature was less pro- 
nounced for alloy B. The data in Fig. 11(a@) show 
only a slight difference in B,H, product for speci- 


mens solution-treated at 900°C compared to 1000°C. 


Similarly, the (BH),, results for alloy D did not 
vary much with disordering treatment, Fig. 11(c). 

It is not understood why alloy G is influenced 
more than the other alloys by the solution tempera- 
ture but a possibility is that grain-size variations 
between the 900° and 1000°C solution-treatment 
may be greater. It is known that grain size gener- 
ally has an effect on reaction rates and, in addition, 
small grains are likely to promote the recrystalli- 
zation process that has been described previously, 
Fig. 8. Thus, a higher solution temperature, lead- 
ing to a larger grain size, could be beneficial by 
altering the kinetics of the reaction. 

Variation of Magnetic Properties with Composi- 
tion— The preceding sections have indicated wide 
variations between alloys in their response to heat- 
treatment and in magnetic properties. It is difficult 
to separate out composition effects from other fac- 
tors that influence the properties but an attempt will 
be made at least to indicate the trend. 

In Fig. 12 the peak (BH )-value obtained in this 
study for each alloy is plotted together with the as- 
sociated B, and H,-values. The position of the 
curves is open to question but the data do seem to 
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indicate that the peak values of coercive force and 
energy product are obtained for alloys near the 
50 at. pct composition. 

As drawn, the curves indicate that higher proper- 
ties should be realized for alloys C and E. These 
two alloys also. had fast reaction rates on aging, 
Fig. 5, and it is possible that higher values might 
have been obtained at lower aging temperatures 
where the aging time was less critical. Likewise 
the presence of impurities may be influencing the 
results. In this regard, perhaps the 0.1 pct Mn 
that was added to alloy C to eliminate sulfur 
embrittlement has a deleterious effect on magnetic 
properties. 

In considering the effect of composition, it should 
be remembered that coercive force is structure- 
sensitive and is likely dependent upon the size, 
shape, and distribution of the ordered phase, as 
well as the magnetic saturation and crystal ani- 
sotropy of the phases. Thus factors such as im- 
purities, grain size, and temperature, that can 
cause changes in structure, will influence the mag- 
netic properties. Similarly, changes in magnetic 
saturation or crystal anisotropy of the phases by 
alloying or by coherency may be expected to change 
the bulk magnetic properties. For this reason, the 
location of the optimum properties near the equi- 
atomic alloy may be related to the high tetragonality 
of the ordered phase in this region, Table I. 


SUMMARY 


The processing of the cobalt-platinum alloys has 
been described. The alloys may be prepared either 
by melting or by powder-metallurgy methods. The 


Tensile Properties of Ti-20U and Ti-30U Alloys 


H. A. Robinson, O. J. Huber, and P. D. Frost. 


Uranium is a £-stabilizing, eutectoid-forming 
element when alloyed with titanium. Udy and 


H. A. ROBINSON, O. J. HUBER, and P. D. FROST, Members AIME, 
are Senior Research Engineer, Cities Service Res. & Dev. Co., Project 
Leader, and Chief in Light Metals Division of Battelle Memorial Insti- 
tute, Columbus, Ohio. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


alloys possess good ductility and they can be fabri- 
cated by hot or cold deformation. 

The effects of isothermal aging, solution temper- 
ature, and cooling rate from the disordering tem- 
perature have been studied for six alloys covering 
the general range 40 to 60 at. pct Co. 

During isothermal aging of an initially disordered 
alloy, the coercive force and energy product in- 
crease with aging time, attain a maximum, and then 
decrease in value with additional ordering. The ag- 
ing time to give maximum coercive force or energy 
product depends upon the temperature and compo- 
sition. 

The highest coercive force of 4700 oersteds and 
energy product of 9 x 10° gauss-oersteds were ob- 
tained on an alloy containing 49.3 at. pct Co by 
controlled cooling from the disordering treatment 
prior to aging. The optimum cooling rate varied 
between the alloys but was, in general, of the order 
of 100°C per min at 750°C. 
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Technical Note 


Boulger’ have reported that an alloy of 48.6 pct 
uranium in titanium retains B-phase when quenched 
from the 6-region, while compositions of approxi- 
mately 30 pct uranium transform to martensite dur- 
ing such quenching. Since the eutectoid reaction is 
rather sluggish, titanium-uranium alloys should be 
capable of being strengthened by the 8 — a trans- 
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Table |. Tensile Properties of Heat-Treated Titanium-Uranium Alloys 


Solution ; Ultimate 
Treatment Aging Treatment Reduction Yield Strength Tensile 
Nominal Time, Temp, Time, Temp, Elongation® of Area,4 at 0.2 Pct Strength,® 
Composition, Pct Hr °F Hr °F Pct in 1 In. Pct Offset,» Psi Psi 
Ti-20U As Rolled - ~ 14.5 50.5 90000 133000 
1-4 1300 and Fumace Cool 18.0 28.0 80000 107000 
1 1350 48 800 11.0 24.5 106500 143500 
1 1350 24 950 12.5 26.0 103000 136000 
1 1350 8 1100 15.5 26.0 94000 119000 
1 1450 24 950 11.0 28.5 118000 152500 
1 1450 8 1100 14.0 34.0 100000 128500 
1 1600 8 1100 5.5 9.5 95500 120500 
Ti-30U As Rolled - - 9.0 35.5 136000 176000 
1-% 1300 and Furnace Cool 14.0 27.5 104000 135000 
1 1350 48 800 8.5 28.5 150500 179500 
1 1350 24 950 9.0 19.0 133000 163000 
1 1350 8 1100 9.5 19.0 122000 149500 
1 1425 24 950 1.5 6.5 = 179000 
1 1425 8 1100 7.5 12.0 117500 149500 
1 1600 8 1100 1.0 2.0 - 133500 


®Average of two. 
>Single value. 


formation in the duplex (solution plus aging) type of 
heat-treatment used with better known titanium 
a-f alloys. A preliminary investigation was made, 
therefore, to determine the tensile properties at- 
tainable in binary titanium-uranium alloys. 

The nominal compositions of 20 and 30 pct ura- 
nium were selected for study. The alloys were cho- 
sen as representing a compromise between one hav- 
ing a low £-transus temperature and one having suf- 
ficient uranium to make it respond to heat treatment. 
Since the alloys must be worked in the 2-phase (a 
plus £) region to avoid grain coarsening and conse- | 
quent loss of ductility, a low §-transus makes fab- 
rication difficult. Thus, according to the published 
equilibrium diagram, the alloy containing 30 pct 
uranium should have a §-transus of approximately 
1400°F, whereas that of the 20 pct uranium should 
be 1475°F. Although the 20 pct uranium alloy ap- 
peared to be more desirable, from the standpoint 
of permitting fabrication at higher temperatures 
without exceeding the 8-transus, it was felt such 
an alloy might not retain sufficient 6-phase on 
quenching from solution treatment to permit ade- 
quate hardening during subsequent aging. 

The 2 alloys were double melted in a consum- 
able-electrode furnace using 120 Bhn titanium 
sponge and uranium nibbles. The ingots, approx- 
imately 15 lb each, were forged to 1/s-in. square 
bars from 1700°F. Specimens from the forged bars 
were heat-treated. The §-transus of the 20 pct al- 
loy was found to be between 1525° and 1550°F and 
that of the 30 pct alloy approximately 1525°F. Both 


values are somewhat higher than are indicated by 
the phase diagram; the higher values are probably 
the result of higher oxygen and nitrogen contamina- 


tion levels in these melts compared with the small 
button melts of iodide titanium used in the phase- 
diagram determination. 

Final forging to /-in. square bars and rolling to 
Y,-in. round bar stock were done at 1400°F, a tem- 
perature more than 100°F below the f-transi. Stand- 
ard %4-in. by 1-in. gage section tensile specimens 
were used to determine the properties appearing in 
Table I. These specimens were tested at a head- 
speed strain rate of 0.02 ipm to the yield strength 
and then 0.10 ipm to fracture. 

Both alloys responded to heat-treatment, produc- 
ing materials with tensile strength in the range 
from 100,000 to 180,000 psi with adequate ductility 
for most structural applications (see Table I). As 
would be expected, both alloys exhibited a loss in 
ductility when a solution treatment at 1600°F, which 
is above the §-transus in both cases, preceded the 
aging treatment. 

It is interesting that both the 20 and 30 pct alloys 
show a relatively larger spread between the yield 
and ultimate tensile strengths than is generally ob- 
served in commercial heat-treatable a-f titanium 
alloys. 
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The Activities of Aluminum and Iron in lron-Aluminum Melts at 1600°C 


R. D. Pehlke 


Tue impending commercial importance of iron- 
aluminum alloys has served as a stimulus for re- 
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search on the preparation and properties of these 
alloys. However, the activities of the components 
of the binary system remain undetermined. The 
experimental determination of the thermodynamic 
properties of binary solutions of iron and aluminum 
has been hindered by the high liquidus temperatures 
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and the complexity of the solid-state reactions. The 
phase diagram of the iron-aluminum system has 
been determined however, data being contributed 
from several researches and summarized by 
Hansen. 

The iron-aluminum system exhibits a eutectic at 
654°C and Na, = 0.99 and the liquidus extends 
through a maximum to Na) = 0.664. If the assump- 
tion is made that an intermetallic compound of the 
composition Fe,Al, corresponding to the maximum 
in the liquidus forms with negligible solid solubility 
and a congruent melting point of 1173°C, the chem- 
ical potential of aluminum can be calculated for 
melts in equilibrium with the assumed intermetallic 
compound, using the following equation derived by 
Hauffe and Wagner” which expresses the change in 
chemical potential of component 2 in going from 
liquid of mole fraction X, to liquid of mole fraction 
N, in equilibrium with the intermetallic compound 
at temperature 7: 


N 


where AH; is the heat of fusion, @ is the absolute 
melting point, A; is the decrease in the liquidus 


temperature at the concentration difference N, — X,. 


From the foregoing data, and setting AH/6 = 3.5, 
it is possible to calculate Ay for aluminum in the 
liquid alloys from the eutectic down to 0.664 mole 
fraction aluminum. The values obtained are not the 
chemical potentials relative to the pure component, 
however. They are the relative values within the 
composition range, i.e., a series of values of Awa) 
(relative to the pure component) — 0, where 0 is 
assumed a constant which can be determined from 
the difference between Aya) Calculated relative to 
the pure component and calculated from the Hauffe- 
Wagner relationship at the eutectic point. Then 
utilizing the inverse temperature relationship of 
log y in regular solutions, the activity coefficients 
can be converted from temperatures on the liquidus 
curve of the intermetallic compound to 1600°C. 

The distribution of aluminum between molten iron 
and silver at 1600°C was investigated by Chipman 
and Floridis® who determined the activity coefficient 
of aluminum in liquid iron up to 0.40 mole fraction 
Al. An extrapolation between these experimental 
values and the values calculated in the foregoing 
gives the activity coefficient of aluminum in iron- 
aluminum melts over the entire composition 
range. The activity coefficients of iron in iron- 
aluminum melts are obtained by graphical integra- 


AT 1600°C 


Fig. 1 


Fe Al 


tion of the Gibbs-Duhem equation. The activities of 
iron and aluminum in iron-aluminum melts at 
1600°C are plotted in Fig. 1. 

Using a reference point taken from the result of 
the Gibbs-Duhem integration in conjunction with 
relative values of Aure calc Obtained with the 
Hauffe- Wagner relationship, the y ° of iron in alu- 
minum was estimated to be 0.05. 

A maximum in the liquidus has been shown at the 
composition FeAl,.** If these results are valid, a 
recalculation would have to be made on the basis of 
another X, (mole fraction of component 1 in the 
intermetallic compound). A computation, assuming 
the maximum in the liquidus to correspond to the 
intermetallic compound FeAl, with negligible solid 
solubility and a congruent melting point, does not 
yield a result differing appreciably from the fore- 
going. 

The most probable sources of error arise in the 
assumptions of temperature independence of the 
heat of fusion and chemical potentials used in the 
Hauffe- Wagner derivation, that the entropy of fusion 
is 3.5 for the intermetallic compound Fe,Al,, and 
that the constant b, used to convert reference states 
is temperature independent, as well as the use of the 
regular solution approximation for a series of alloys 
exhibiting strongly nonideal behavior. 
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The Effect of Oxygen on the Impact Transition of lodide-Titanium 


E. H. Rennhack 


Tue presence of sufficient quantities of the inter- 
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stitial elements, carbon, oxygen, and nitrogen is 

known to decrease significantly the room-tempera- 
ture impact resistance of titanium. Hydrogen does 
not appear to affect impact strength unless present 
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Table |. Chemical Composition of lodide-T itanium* 


Element Wt Pct 
Manganese 0.004 
Iron 0.008 
Aluminum 0.02 
Lead 0.0045 
Copper 0.003 
Tin 0.0012 
Magnesium 0.0012 


*Analysis for interstitial elements was conducted on impact 
bars after vacuum annealing. 


as anhydride.’ Several authors”* have reported 
finding no transition from ductile to brittle-type 
fracture with decreasing temperature in pure iodide 
titanium; however, they report a definite transition 
occurs at 0.36 pct oxygen equivalent. The oxygen 
equivalent in this instance is obtained by assuming 
the effects of carbon, oxygen, and nitrogen in com- 
bination on the impact properties of titanium to be 
additive on the same basis as their effect on tensile 
strength; via., Oe = 7s (pct C) + pct O + 2 (pct N). 

As part of an extended investigation into the ef- 
fect of oxygen on the transitional behavior of iodide 
titanium containing oxygen as well as other addi- 
tives, it was found that a transition is in evidence 
at a lower oxygen equivalent percentage. 

Experimental— The iodide titanium used in the 
present work was supplied by The New Jersey Zinc 
Company (of Pa.). The chemical composition is 
shown in Table I. 

A 400-g ingot of titanium containing 0.14 wt pct 
oxygen was prepared from four 100-g buttons, each 
of which was triple melted under a purified argon 
atmosphere with a tungsten-tipped electrode. The 
oxygen was added by encapsulating the necessary- 
amount of rutile titanium-dioxide of 99.7 pct purity 
in the iodide crystal bar before melting. Each but- 
ton was cold-rolled to a thickness of approximately 
0.125 in. and sheared into pieces about /2-in. 
square. The pieces from each button were mixed 
and double melted to form the 400-g ingot which was 
3-in. diam and approximately 0.85-in. high. 

The final ingot was cold-rolled 50 pct with the 
rolled slab being given an intermediate anneal in 
argon for 30 min at 800°C (1472°F) after an initial 
reduction of 25 pct. Subsize Charpy V-notch im- 
pact bars* whose thickness parallel to the axis of 
the notch was one half that of the standard Charpy 


bar (the other dimensions were the same), were 
machined from the rolled ingot perpendicular to 
the direction of rolling. All impact bars were vac- 
uum annealed for 1 hr at 670°C (1238°F). This an- 
nealing treatment resulted in an average grain di- 
ameter of 0.023 mm.*° Analysis for the interstitial 


*ASTM Specification E91-51T. 


elements was carried out after vacuum annealing 
and is presented in Table II. 

The oxygen and hydrogen contents were deter- 
mined by vacuum fusion analysis,® while the amount 
of nitrogen and carbon were determined by standard 
Kjeldahl and combustion analyses, respectively. 

Results— The results of impact tests carried out 
between —196°C (—321°F) and 200°C (392°F) are 
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Table Il. Interstitial Composition of Impact Bars 


Element Wt Pct 

Oxygen 0.14 

Hydrogen 0.006 

Nitrogen 0.004 

Carbon 0.03 
Oe = 0.168 pct 


shown in Fig. 1. It can be seen that a transition 
from ductile to brittle-type behavior is in evidence 
at an oxygen equivalent of 0.17 pct. Based on the 
mean temperature taken from that portion of the 
curve exhibiting maximum slope, the transition 
temperature was estimated to be 35°C (95°F). 

Another criterion which was employed to substan- 
tiate the existence of a transition was made by plot- 
ting the percent increase in width of the impact 
specimens after fracture as a function of tempera- 
ture. Measurements for determining the percent 
expansion were taken on the hammer side of the 
specimens directly opposite the notch. These re- 
sults are shown by thé dashed line in Fig. 1. It can 
be seen that both curves are almost identical thus 
enhancing the possibility that the present finding is 
real. 

Additional results concerning the transition be- 
havior of iodide titanium as affected by oxygen be- 
low 0.17 pct oxygen equivalent will be reported at a 
later date. 


° 


LEGEND 


EXPANSION IN WIDTH - PER CENT 
ABSORBED ENERGY - FOOT POUNDS 


© ABSORBED ENERGY 
@ EXPANSION IN WIDTH 


208 -160 -120 -80 -40 ° 40 80 120 160 200 240 
TESTING TEMPERATURE -C 
Fig. 1—Effect of temperature on energy absorbed and ex- 
pansion in width for iodide titanium having an oxygen 
equivalent of 0.17 pct. 
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Vacuum Melting: Influence of Hydrogen 


Pretreatment of Crucibles on Oxygen Content 


of lron Charges 


The effect of hydrogen pretreatment of alumina, magnesia, and zirconia crucibles on 
reduced oxygen levels in iron charges has been studied. Hydrogen treatment of commer- 
cial high-purity magnesia crucibles was observed to produce as high as 70 pct reduction 
in oxygen content in iron melts. Hydrogen treatment of the commercial high-purity grade 
zirconia crucibles produced a 25 pct reduction in oxygen levels in iron melts. An average 
reduction of Knoop hardness of 47 pct was recorded on the iron charges melted in hydro- 
gen-treated crucibles. On the basis of the experiments and the free-energy diagram, it 
appears that the major source of reducible oxygen to the iron charge is the suboxides and 
impurity oxides rather than the major oxide of the crucible. Suitable pretreatment of the 
crucibles to reduce and remove these oxides yields low oxygen levels in iron melted in 


the crucibles. 


T. J. Bosworth 


Durie the last decade, attempts to produce more 
pure and uniform alloyed metals have brought about 
the development of many new melting techniques. 
Notable among these are vacuum -induction melting, 
inert and consumable-electrode melting, the cold- 
mold technique, and numerous techniques for re- 
moval of impurities by chemical reaction. However 
great the achievements in this field, metals must 
still be melted in contact with media of varying re- 
activity; i.e., gas, ceramic, and slag. 

Studies have been made to attain an understanding 
of the reactions that take place during melting, in- 
cluding slag-metal reactions and equilibria, equilib- 
rium of hydrogen and water vapor, and carbon di- 
oxide and carbon monoxide with oxygen in molten 
iron. These reactions have been treated quite 
thoroughly. There is one condition, however, that 
has been widely overlooked, and, to the author’s 
knowledge, only cursive investigation has been 
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made of it. This is the reaction between the ce- 
ramic crucible material and the iron charge. 

In recent years, Hadley and Bianchi’ made a 
series of studies on hydrogen deoxidation of iron 
in magnesia crucibles. Bianchi? studied crucible- 
FeO equilibria in the temperature range 1525° to 
1650°C in high vacuum with, however, inconsistent 
results. Richardson and Jeffes* in their series of 
articles on thermodynamic reactions in the making 
of iron and steel refer to Wentrup and Hieber’s* 
work on iron and aluminum deoxidation. Their work 
included melting iron in alumina crucibles and 
measuring the aluminum and oxygen content in the 
iron. Because of the low values obtained, question 
has arisen of their analytical accuracy.* Dastur 
and Chipman® obtained values on hydrogen-oxygen 
equilibrium in molten iron contained in alumina 
crucibles similar to those obtained in experiments 
in the present program. Hochmann’® studied re- 
moval of impurities in chromium irons in high 
vacuum. His results with respect to oxygen level 
in chromium-iron melted in magnesia crucibles are 
consistent with results we have obtained. 


AUGUST, 1958-489 


2 
tan- 
lot- 
+ 
a 
can 
1S 
is 
a 
e- 
| 
= 


In the present work, it was not intended to make a 
thorough study of the exact mechanism of crucible- 
metal reactions, but rather to find a crucible mate- 


rial that could be used in vacuum-melting operations 
with minimal crucible contamination of the melt. 


CRUCIBLES AND CRUCIBLE MATERIALS 
Since the present investigation was designed to 


C 0.003, O, 0.0042, N, 0.00032, Al 0.001 
Co 0.003—0.006, Cu < 0.001, Mn 0.002, Mo < 0.003 
Ni 0.006, Si 0.015, Pb < 0.01, Sn < 0.005 


ND 


ND 


Before preparing for remelting, the material had a 
Knoop hardness value of 111. Upon hot and cold- 


simulate normal vacuum-melting conditions as Table Il 
nearly as possible, commercially available high- 
purity magnesia, zirconia, and alumina crucibles 
were fabricated from raw materials obtained from Commercial high-purity 1 0.0178 74 
commercial vendors. These crucibles, however, alumina as received py a 
exhibited poor mechanical and thermal character- 4 0.0168 84 
istics, and accordingly, were discarded in favor of 5 0.0198 80 
the prefabricated crucibles. Attempts were made Pill 75 
to fabricate crucibles of TiO, reduced to TiO, but sin 
upon firing, these became very fragile and required Commercial high-purity 1 0.0176 71 
handling with extreme care. This type of crucible 2 
for Lhr 3 0.0188 98 
was studied briefly. 4 0.0179 85 
The prefabricated crucibles were divided into two 5 0.0229 88 
groups, (1) as received and (2) as received and sub- sie ied ee 
sequently hydrogen fired in the range 1600" to 
1800°C for 1 hr. Comercial high-purity 1 0.0200 103 
The magnesia crucibles, as received, were a 
light-brown color, suggesting the presence of iron 4 0.0194 79 
oxide. Upon hydrogen firing, these turned clear 
white in color, suggesting the removal of the iron Mean oauek Level 0.0189 
oxide by hydrogen reduction and partial vaporiza- . 
tion of the iron. The alumina crucibles, as received, 
were clear white, but upon hydrogen firing turned a at 1750°C for 1 hr 3 0.0155 
dirty gray. It was thought at first that the furnace 4 0.0140 68 
was contaminating the crucibles. Subsequent firing 
in other furnaces, however, produced similar ef- Mean Oxygen Level 0.0153 
fects. Furthermore, laboratory-fabricated alumina 
crucibles remained white during hydrogen firing. 4 
These observations suggested that partial reduction 3 0.0148 68 
of the impurity oxides in the commercially produced Ingot 0.0121 76 
crucibles was the source of the color change. The he eet. ee 
zirconia crucibles on hydrogen firing turned from a Commercial high-purity 1 0.0186 86 
pale brown to a pale yellow, suggesting the removal as received 
of small amounts of iron oxide. 4 0.0162 86 
The titania crucibles were milk white before fir- ; 5 : rip = 
ing; during final firing they turned to shades of blue — : 
and gray. The dark-gray sections appeared to be he, eee 
comprised of large grains that were loosely bonded ; 
together. X-ray diffraction studies of different sec- at 1700°C i lhe 3 0.0096 84 
tions showed only slight reduction to TiO. 4 0.0110 81 
5 0.0103 78 
MATERIAL Mean Level 0.0097 
The high-purity iron used for these experiments Commercial high-purity 1 0.0124 86 
has the following analysis, in wt pct: 
4 0.0095 92 
Table |. Nominal Analysis of Crucible Materials 
Magnesia Mean Oxygen Level 0.0099 
AO, 9875 MgO 7.0 ZO, 945 hyduogen fired at 1350°C 2 0.0184 
MgO 0.02 Fe,0, 0.1-0.2 Fe,0, 0.18 Ingot 0.0181 62 
CaO 0.01 TiO, 0.27 Mean Oxygen Level 0.0180 
Na,O 0.34 Al,0, 0.02-0.05 
K,O 0.01 *Analytical error — above 0.01 wt pct = + 0.0009, below 0.01 wt 
TiO, 0.03 pet = + 0.0003. 


490-AUGUST, 1958 


TRANSACTIONS OF 


THE METALLURGICAL SOCIETY OF AIME 


lo} 


u 
ll 
b 
p 
: | 
| 
i 
| 
F 
: pl 
Ti 


working an ingot of this analysis, the oxygen level 
usually rose to 0.0065 pct. 


PROCEDURE 


A crucible was charged with approximately 200 g 
of iron and melted under high vacuum (< 10x). Im- 
mediately after the charge became molten, a quartz 
sample tube was dipped into the melt and a sample 
taken, solidification being accomplished in about 5 
sec. Subsequent samples were taken every 5 min. 
During the holding period, the temperature of the 
molten metal varied between 1550° and 1600°C, a 
temperature variation not uncommon in vacuum- 
melting practice. 


DISCUSSION 


The Knoop hardness of each sample was recorded 
in an attempt to obtain a measure of purity. It has 
been postulated %°* that pure iron has a room tem- 
perature Knoop hardness number of from 70 to 80. 


& 


Untreated Alumina Crucible 
Fig. 1—Iron sample taken approximately 10 min after 
charge was completely molten. Note subgrain structure. 
Etch 5 pet picral. X500. Reduced approximately 12 pct 
for reproduction. 


Untreated Magnesia Crucible 
Fig. 3—Iron sample taken immediately after charge was 
completely molten. Etch 5 pct picral. X500. Reduced ap- 
proximately 12 pct for reproduction. 
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Values as low as 50 were recorded. However, the 
average hardness was about KHN 75 which, if one 
accepts this postulate, indicates a high degree of 
purity in the material here employed. 

The vacuum-fusion analyses show a tendency for 
the attainment of a constant oxygen content im- 
mediately on completion of melting. Variation in 
some samples of each heat that are not within the 
limits of the analytical error may be attributed to 
several causes; among these are: heating of the 
sample during cutting on the abrasive wheel, and 
contamination from handling. 

The experimental results show that, although 
temperature varied during the individual experi- 
ments, and also from heat to heat, reproducibility 
of results is good. All samples melted in the un- 
treated crucibles showed, to a varying degree, a 
structure that appeared to be subgrain boundary 
distribution of a second phase, Figs. 1—4. 

An interesting aspect to consider is the free 
energy of the oxides. Referring to a free-energy 


Treated Alumina Crucible 
Fig. 2—Iron sample taken approximately 10 min after 
charge was completely molten. Note absence of subgrain 
structure. Crucible fired in dry hydrogen at 1600°C for 
1hr. Etch 5 pet picral. X500. Reduced approximately 
12 pet for reproduction. 


Treated Magnesia Crucible 
Fig. 4—Iron sample taken immediately after charge was 
completely molten. Crucible fired in dry hydrogen at 
1700°C for 1 hr. Etch 5 pet picral. X500. Reduced approx- 
imately 12 pct for reproduction. 
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diagram, one notes that the free energies of forma- 
tion of Al,O,, MgO, and ZrO, in the temperature 
range of {550° to 1650°C are in a spread of about 
30 kcal. at the widest point, and each one has an 
individual variation of about 10 kcal. By virtue of | 
the narrowness of this range, it may be assumed, 
that for all practical purposes, the free energies 

of reaction at these temperatures are equal for 
these oxides. Referring to Fig. 5 and Table I, one 
can see that the impurities in the crucible materials 
used might tend to form complex oxides with the 
major oxide. It appears probable that these com- 
plex oxides, rather than the major oxides, form the 
principal source of reducible oxygen to the charge. 
Of the impurities in the crucibles, Fe,O, is con- 
sidered to be the major contaminant to the iron 
charge, with TiO, and the alkali oxides following in 
that order. The iron oxide upon firing at elevated 
temperature (1500°C and above) in the presence of 
hydrogen tends to be reduced with removal of 


oxygen. 
Fe,O, (s) + 3H, (g) ~ 2Fe (1) + 3H,O (g) 


During the elevated temperature firing, there is 
also a partial reduction of other oxides which might 
be completed if further firing at higher tempera- 
tures were to take place. The firing at elevated 
temperature also tends to increase the density of 
the crucibles. Magnesia crucibles, however, show 
a definite weight loss if held at high temperatures 
for long periods of time owing to the reduction of © 


MgO to magnesium metal and oxygen and the vapor- 
ization of the magnesium. 

The results listed in Table II indicate that the 
hydrogen firing of the alumina and zirconia cru- 
cibles may have been too low, if we accept the va- 
lidity of the argument just presented. Tempera- 
tures of 1800° to 1900°C might produce a more pro- 
nounced effect in impurity reduction which would be 
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reflected by reduced oxygen levels in the iron 
samples. 

The data in Table II show that the FeO-O equilib- 
rium in vacuum is essentially reached after the first 
few minutes of melting. Assuming the presence of 
complex or suboxides of iron or impurity elements 
in the crucible material, it would seem that the at- 
tainment of this equilibrium involves their reduc- 
tion. When the impurity oxides in the crucible wall 
which are most readily available to the action of the 
molten charge have been reduced, a constant oxygen 
level is achieved in the molten bath. One can think 
of this process as producing an actual attack or 
selective “etching” of the crucible walls. Hence, 
the attainment of equilibrium may be considered to 
coincide with the establishment of a constant inter- 
face area between the charge and the crucible. 

Finally, it should be pointed out that from the 
foregoing data, magnesia crucibles show a higher 
degree of purification from the pretreatment given 
them than the other materials. However, magnesia 
crucibles are not as physically stable or as dense 


after firing as the other materials used in this study. 


SUMMARY 


From the foregoing experimental data, it has been 
concluded: 

1) The major source of reducible oxygen to the 
iron charge appears to be the suboxides and im- 
purity oxides, rather than the major oxide, as indi- 
cated by the experimental data and the free-energy 
diagram. 

2) Suitable pretreatment of the crucibles yields 
low oxygen levels in iron without the further action 
of a hydrogen atmosphere on the iron charge. 
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The Improved Wheaton-Najarian 


This paper describes recent development work on the Wheaton-Najarian 
Vacuum Condenser for Zinc at Josephtown Zinc Smelter, wherein, to dissi- 
pate the heat of condensation, the “airlift” action of gases bubbling through 
the molten zinc in the condenser is utilized to circulate the zinc through an 
outside “cooling well” and cooling it continuously. 


H. K. Najarian 


AN earlier paper’ gave an account of initial devel- 
opment of the Wheaton-Najarian Vacuum Zinc Con- 
denser at the Josephtown Zinc Smelter of the au- 
thor’s company. This paper is a progress report of 
further development work over the years directed 
toward improving the efficiency and increasing the 
capacity of the condenser. 

In this type of zinc condenser, zinc vapor with ac- 
companying noncondensable gases from electro- 
thermic zinc smelting furnaces is passed upwardly 
through a mass of molten zinc confined in a refrac- 
tory-lined U-tube. The zinc vapor condenses in the 
molten zinc and the noncondensable gases are drawn 
out of the condenser by suction applied over the 
surface of the molten zinc. The heat of condensa- 
tion of zinc, amounting roughly to 1000 Btu per lb of 
zinc condensed, is absorbed by the molten zinc and, 
in turn, is dissipated continuously to keep the tem- 
perature of molten zinc in a range to permit effec- 
tive condensation. 

At the time of publication of our first paper, we 
had at Josephtown Smelter five units of 69-in.-bore 
metal furnaces and one larger metal furnace having 
96-in. bore. Each 69-in. metal furnace had a con- 
denser with 22-ft overall length. The 96-in.-bore 
furnace had a condenser with overall length of 
31 ft. Condensers were of circular cross section, 
with corrugated steel outer shell and carborundum 
lining. Diameter of these condensers was 32 in. in- 
side the refractory lining. Molten metal in the con- 
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denser was kept cool by spraying cold water on the 
outside of the condenser shell. Under good operat- 
ing conditions, 22-ft condensers produced some 

12 tons of metal per day; and the 31-ft condenser, 
about 22 tons. When the furnaces produced zinc 
vapor at higher rates, invariably the condenser 
temperature would rise to levels where excessive 
blue powder would form and accumulation of ac- 
cretions in the condenser would be accelerated. 
We found that, with the system of cooling in use, 
we had to provide heat-exchange surface of some 
150 sq ft to condense 1000 lb of metal per hr with 
reasonable efficiency. 

The wall of the condensers was made up of %-in.- 
thick corrugated-steel shell having next to it several 
layers of mica and inner refractory lining of spe- 
cial carborundum shapes to fit the corrugation in 
the steel shell, and having a minimum thickness of 
about 2 in. Relatively low rate of heat transfer 
through the thick condenser wall and slow internal 
circulation of the molten zinc limited the rate of 
heat exchange between hot metal within the con- 
denser and the cold water flowing over the outer 
steel shell. The thickness of the condenser wall 
was about minimum that we considered suitable for 
continuous operation. As we learned to operate the 
electrothermic furnaces with higher power input, 
producing zinc vapor at higher rates, it became ap- 
parent that we needed condensers having larger 
heat-exchange surfaces. 

Our 96-in.-bore furnace had 6 single-phase 
power circuits with transformers rated at 500 kva 
each and normally good for power input of 3000 kw. 
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TAPPING WELL 
UNIT 


LOCATION OF REPAIRS TO CONDENSER 


Fig. 1—Experimental cooling tube suspended under the 
main condenser. 


It was discovered that we could overload the trans- 
formers considerably without adverse effect. The 
condenser on this furnace had heat-exchange area 
of some 250 sq ft. By raising the power input to 
the furnace, we could make the furnace produce 
vapor at about 30-tons-per-day rate; but the 31-ft 
condensers didn’t have the needed heat-exchange 
area to keep the molten zinc cool enough for ef- 
ficient operation. Even at 25-tons-per-day rate, 
condenser temperature ran in a 550° to 600°C 
range. 

We ruled out the idea of making the condenser 
longer to get more heat-exchange area. The in- 
clined bottom section of this condenser was already 
too flat for effective scrubbing of the gases. Agita- 
tion and scrubbing action in the condenser is at its 
best when the slope of condenser is 20° or more 
from the horizontal. Scrubbing action becomes very 
poor when slope of the condenser falls below 15° 
from horizontal. Rock oxide accumulates along the 
gas-passage area at a much faster rate and lowers 
the heat-exchange rate. 


Therefore, our first attempt to increase the cool- 
ing surface of the condenser was to hang a cooling 
tube underneath the condenser and connect it to the 
condenser with 2 conduits, whereby the hot metal 
from the condenser would run down through one 
conduit into one end of the cooling tube below and 
cooler metal from the opposite end of the cooling 
tube would run back into the condenser through the 
second conduit. This auxiliary cooling tube had the 
same cross sectional area as the inclined corru- 
gated bottom section of the condenser and was of 
the same construction throughout. Fig. 1 shows the 
arrangement of condenser and cooling tube. 

We made several trial runs with this condenser. 
The cooling tube reduced molten-metal temperature 
in the condenser at the start. However, within a 
few days after starting the condenser, cooling ef- 
fect of the tube would begin to decrease rapidly, 
owing to accumulation of accretions along the roof 
of the cooling tube; and in a matter of 10 days or 
so, accretions would almost completely fill the tube, 
shutting off the circulation of molten metal. The 
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longest run made with this arrangement of con- 
denser was of 3 weeks’ duration, and part of that 
time the condenser ran with the cooling tube com- 
pletely stopped up. 


TWIN-CONDENSER DESIGN 


The next design we tried was a twin condenser, 
Fig. 2. This condenser had 2 identical inclined con- 
denser tubes set side by side and having the same 
slope. Two equalizer cross-connecting conduits, 
one near the lower end and another near the upper 
end of the inclined condenser tubes, were used to 
equalize the amount of molten zinc in the 2 legs. 
Gas from the furnace entered the twin condensers 
through a common header; and, at the discharge end 
of the condenser, another header connected the gas- 
discharge ends of the 2 tubes into a single upleg 
leading into the gas washer. This twin condenser 
was first installed on one of the new 96-in.-bore 
furnaces being built at the time and operated quite 
satisfactorily for several runs. We were unable to 
maintain equalized gas flow through the 2 legs; 
usually one of the tubes would rob the other. Asa 
result, accretions would build up much faster in one 
leg and plug it up. Maintenance on the twin-type 
condenser proved excessive and increase in capacity 
actually yealized was disappointing. Two units of 
twin-type condensers were built and operated for 
several years at the smelter of Cia. Metallurgica 
Austral S.A. in Argentina. These units have since 
been replaced with newer type condensers. 

Experience gained by development work up to 
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Fig. 2—Experimental twin condenser. 
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this time led us to believe that it might be better 

to build the condenser with a different and larger 
cross section to get more effective cooling. If we 
could spread the gas passing through the molten 
metal over a wider channel directly under the in- 
clined roof of the condenser, spray cooling might be 
more effective at the area where heat generation 
was greatest. Accordingly, we made the cross sec- 
tion of the condenser triangular or “ovate” with in- 
side perimeter twice that of the older circular con- 
densers. Three sides of this ovate section are 
curved and joined by curves of smaller radii to pro- 
vide an arch effect to the refractory lining. The 
steel shell is corrugated and carborundum shapes 
designed to fit the corrugations, Fig. 3. 


‘““OVATE’’ CROSS SECTION CONDENSER 


The design of this condenser cross section proved 
quite satisfactory and is used as standard on all 
units. Length is the only variable in condensers de- 
signed for different capacities. All the then existing 
96-in. furnaces and several built later were equipped 
with the ovate cross-section condensers, mostly 
28 ft in length. These units proved effective at pro- 
duction rates under about 30 tons of metal per day. 
However, maybe due to larger cross section, these 
long condensers had more frequent failures of steel 
shell by cracking and also crushing of carborundum 
brick lining caused by alternate heating and sudden 


cooling of shell by cold-water sprays. When we ran 
the furnaces beyond about 30 tons-per-day produc- 
tion rate, these larger condensers began to run too 
hot, made too much blue powder, and accretions in 
the condenser built up at a faster rate. The furnaces 
had potential for producing zinc vapor at substan- 
tially higher rate merely by increasing the power 
input, but we felt we were near the limit of con- 
denser size as far as physical dimensions were 
concerned. 

To condense more zinc without sacrificing ef- 
ficiency, we had to resort to some better method of 
cooling the zinc in the condenser. It seemed logi- 
cal to pump the hot metal into a heat-exchanger 


Fig. 3—Present standard “ovate” condenser shell and re- 
fractory lining. 
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Fig. 4—Looking down the interior of incline tube of con- 
denser, showing the dam. Arrow shows conduit opening 
leading to outside cooling well. 


outside the condenser for cooling and then return it 
to the condenser. But pumping hot, corrosive mol- 
ten zinc out of the condenser operating under vacuum 
with some sort of conventional mechanical pump 
didn’t look promising. So, our thoughts turned 
toward exploring the possibility of utilizing the 
“air-lift” effect of the gases bubbling through the 
molten zinc to do the pumping. 


MODIFYING THE CONDENSER 


The existing condensers had two “baffles” sub- 
merged in the mass of molten zinc; one near the 
gas-inlet end, and the other, midway of the con- 
denser. These baffles had large openings both at 
top and bottom and served primarily to prevent 
surging of the molten metal and, secondarily, to 
establish a temperature-equalizing circulation, 
upward along the roof of the condenser and down- 
ward along the floor of the condenser. Gases 
bubbling upwardly carried along some of the 
molten metal much as an “air-lift,” and extra 
“head” of this metal at the upper end forced the 
downward circulation of metal along the floor of 
the condenser tube. Now, if we could prevent down- 
ward flow of the molten metal within the condenser 
and provide an outlet, we might be able to divert 
some of the molten metal out of the condenser and 
to an outside vessel, where it could be cooled and 
returned to the condenser. Accordingly, we con- 
verted the upper baffle located midway the con- 
denser to a “dam,” merely by closing the bottom 
opening, Fig. 4. We retained the large opening on 
top directly under the inclined roof of the condenser 
to permit gases and entrained molten metal to flow 
upwardly without hindrance. Closing the lower 
opening except for a small drainage hole prevented 
downward flow of molten metal along the floor of 
the condenser. 

Alongside the condenser was placed an open-top 
elongated vessel, which we call a “cooling well,” 
made of steel outer shell lined with carborundum 
brick backed by insulation. Two insulated conduits 
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of about 8 in. inside diameter connect the cooling 
well with the condenser. The first conduit connects 
one end of the cooling well with the condenser at a 
point just above the new dam, Fig. 4. The second 
conduit connects the opposite end of the cooling well 
with the lower end of the condenser just below the 
gas-entrance chamber, Fig. 5. 


OPERATION 


When the condenser is in operation, and the gases 
are bubbling upwardly through the molten zinc, part 
of the molten metal is entrained with gases and 
carried along toward the upper reaches of the mass 
of molten zinc, raising the level of molten zinc at 
the upper gas-outlet end of the condenser to an ele- 
vation higher than the level otherwise attained 
solely by the suction of the vacuum pumps. This 
added “head” of molten zinc forces some of the 
molten zinc continuously, as long as the gases bub- 
ble through the molten zinc, out of the condenser 
into the cooling well. From the cooling well, the 
molten zinc flows back into the lower end of the 
condenser by gravity, regardless of pressure con- 
ditions inside the condenser. Variations in partial 
vacuum in the gas-outlet end of the condenser have 
no effect on the operation of the “pump.” 


As the hot metal circulates through the cooling 
well, it is cooled in contact with hairpin cooling 
coils, Fig.6. Temperature of metal in the condenser 
is regulated by varying the immersion of the cooling 
coils in the molten metal. The volume of molten 
metal in circulation is dependent on the amount of 


Fig. 5—Diagram showing condenser with cooling well and 
operation of condenser metal cooling system. 
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Fig. 6—Assembly of condenser, cooling well, and hair- 
pin cooling coils. 


zinc vapor and carbon monoxide gas flowing through 
the condenser. When the furnace is producing zinc 

vapor at the rate of 2 to 2-7/2 tons per hr, some 800 
to 900 tons of metal per hr circulate in the system. 
Temperature of the molten metal in the condenser 

normally is kept in the 485° to 510°C range, unless 
there is reason for maintaining it at a higher level. 
Condensing efficiency with such low condenser tem- 
peratures is on the order of 97 to 98 pct of theoret- 
ical. Temperature rise in the molten metal in the 


condenser is held to 10° to 15°C. Hot metal flowing . 


out of the condenser into the cooling well is only 
about 15° hotter than the cooled metal flowing back 
from the cooling well into the condenser. Simple 
calculation will show that to limit the temperature 
rise in the condenser metal to 10° to 15°C re- 
quires enormous quantities of metal in circulation, 
and this is accomplished by this simple built-in 
“air-lift” pump which uses no additional power and 
has no wearing parts. 

The new type condensers with outside cooling 
well” were installed on all existing metal furnaces. 
Since cooling of condenser metal does not depend 
on heat-exchange area of the condenser walls, the 
new units of the condenser have better insulation 
and have provision to take brick expansion. Con- 
densers built in recent years are shorter and 
steeper. The condenser operates smoothly with 
practically no pounding or vibration, and cracking 
of steel shell and failure of carborundum brick by 
crushing has been eliminated completely. Condensed 
metal is tapped out of the cooling well. 


INCREASED CAPACITY 


After operating the new-type condensers with 
cooling well for some months, it appeared that the 
condenser had higher capacity potential than the 
96-in. furnaces with 6 circuits; so, we added 2 more 
Single-phase circuits to one of the furnaces, bring- 
ing the total rated transformer capacity to 5600 kva. 
We made a closely supervised test run with this 
furnace and condenser which began on August 10, 
1954, and ended on April 24, 1955, a total of 254 
days from power-on to power-off time. As a result 
of performance of this unit, two power circuits have 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


TAP 
HOLe 
COOLING 
WELL 
CONDENSER | 
A 
co 
Zn VAPOR 
Co. GAS 
MOLTEN 
ZINC 
gi 
as 


sed 


AW 


ore 


> 


va. 


alt 
ive 


OF 
ME 


Fig. I— —Tapping metal out of the cooling well. 


been added to all the 96-in. furnaces. The record 
of the test run was as follows: 

Test Run—The furnace operated for an initial pe- 
riod with relatively low power input to establish a 
core and stable conditions. 

Then for 13 full weeks, the power on the furnace 
was kept at a recorded average of 4217 kw. Av- 
erage metal production for this 13-week period was 
44.52 tons per day. 

For the next 3 full weeks, average power input 
was 4770 kw. Average metal production for the 
3-week period was 50.71 tons per day. 

For the next 7 full weeks, average power input 
was 5533 kw. Average metal production for the 
7-week period was 53.30 tons per day. 


For the last period of 11 full weeks, average 
power input was 5712 kw. Average metal produc- 
tion was 55.58 tons per day. 

The feed to the furnace was the usual sized sinter 
and coke and an average 4.5 tons of metallic dross 
and scrap. Power-off time for maintenance, and so 
on, was 2 pct of the total run. Average power used 
for the entire run was 1.182 kwhr per lb of zinc 
metal tapped out. After the first 4 months of oper- 
ation, the slag accumulation at the lower electrode 
zone made it more difficult to control the heat dis- 
tribution in the furnace and resulted in lower single- 
pass recovery. This test run‘shows not only the 
capabilities of the Josephtown electrothermic zinc 
smelting furnaces and vacuum condensers, but points 
to their potentialities. 


HIGHLY EFFICIENT PRODUCTION 


Our latest condenser units hold some 40 tons of 
molten metal as condensing medium; and with 15 
tons or more of metal per min circulating through 
the cooling well, the rate at which heat of condensa- 
tion can be dissipated becomes almost limitless. 
We have condensed zinc in these condensers at rates 
higher than 70 tons per day without undue sacrifice 
of efficiency. 

The high rate of metal circulation through the 
cooling well and turbulent flow through the con- 
denser provide ideal conditions for making zinc al- 
loys in the condenser. By the simple expedient of 
feeding alloying materials into the stream of molten 
zinc flowing through the cooling well, we produce 
the many “tailor-made” zinc alloys required by the 
steel industry for continuous galvanizing. These 
specification alloys are made continuously in the 
condenser and have uniformity of composition not 
easily duplicated by batch-type alloying methods. 
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Further Studies of the lron-Chromium System 


A study utilizing neutron diffraction, electrical resistance, and chemical extraction has been 
carried out to clarify the chromium-rich part of the miscibility gap previously proposed for this 
system, This gab appears to be more symmetrical than previously supposed and is very flat. 
This flatness is believed to be the result of a cooperative phenomenon perhaps of magnetic ori- 
gin; in particular, it is believed that the chromium-rich phase is antiferromagnetic. The pres- 
ence of antiferromagnetism is believed to result in an additional strengthening mechanism very 
similar to that for ordered precipitates. Likewise, it is proposed that the quenched alloys which 
are known to be ferromagnetic have antiferromagnetic regions which accounts for the maximum 
in hardness around 75 pct Cr. It is also believed that the existence of antiferromagnetism in 
other alloys of transition elements might explain some of their anomolous characteristics. 


R. O. Williams 


R. O. WILLIAMS, Member AIME, presently Senior Research Metall ur- 
gist, The Cincinnati Mitling Machine Co., Cincinnati, Ohio was formerly 
associated with the General Electric Research Laboratory, Schenectady, 
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Tue iron-chromium phase diagram at low temper- 
atures has recently been constructed as shown in 
Fig. 1(a)' based upon that work and the work of 
Fisher, et al.* This system exhibits a number of 
extraordinary features but perhaps the most strik- 
ing is the odd shape of the miscibility gap (in the 
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Fig. 1—Low-temperature phase diagram 
for the Fe-Cr system. 
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absence of o-formation) where the flatness up to 

60 pct Cr has been well established but the phase 
boundaries at higher chromium content remain in 
some doubt. The reason for the present investiga- 
tion was to clarify this chromium-rich region. The 
conclusion that a phase separation occurs is in 
agreement with recent work in Germany.** 

A critical analysis of available data, however, 
would not eliminate the possibility that the diagram 
was actually as sketched in Fig. 1(b). Such a di- © 
agram would provide a good explanation for the 
marked asymmetry of the hardening behavior as 
shown in Fig. 2 which was constructed from data 
of Williams and Paxton.’ Quenched alloys around 
75 pct Cr would thus be considered to be strong 
because of short-range order and the strength would 
not be expected to increase much with progressive 
ordering and presumably would decrease if the do- 
mains became large although such a stage has not 
been observed. The importance of the ordering in 
the particles surrounded by the disordered matrix 
recently has been considered and could provide the 
explanation of the greatest increase in the middle of 
the diagram.® The system then becomes similar to 
the Al-Ag system at low temperatures according to 
recent thermodynamic data® and an analysis supple- 
mented by experimental data of others.° 

The original suggestion of the hydrostatic inter- 
action between the dislocations and the particles as 
applied to this system has been worked out in detail 
and appears more or less capable of explaining the 
strength of this system,’ particularly in the iron- 
rich alloys. It does not, however, provide any satis- 
factory explanation for the chromium-rich alloys as 
shown in Fig. 2. 


It is important to distinguish between the fore- 
going possibility of ordering and the earlier sug- 
gestions of ordering as giving rise to the aging in 
this system. It has been suggested by Tagaya, 
et al,® Masumato, et al,° and Imai and Kumada’° 
that this system gives an ordered structure, Fe,Cr, 
and possibly FeCr and this idea has gained con- 
siderable support from the French.'”’* While many 
of the physical changes which are observed do sug- 
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(6) Ordering possibility. 


gest ordering the strength, the recovery temper- 
ature, and the chromium-rich phase are not con- 
sistent with such ordering. These difficulties do 
not arise with the possibility of Cr,Fe and a wide 
2-phase field as shown in Fig. 1(d). 


EXPERIMENTATION 


The 2 alloys required for this study were pre- 
pared from hydrogen-treated electrolytic chro- 
mium and iron arc-melted in a cold crucible in an 
argon atmosphere. A 24-hr 1300°C homogenization 
was carried out in dry hydrogen. It is expected that 
these alloys would contain no more than 0.2 pct 
metallic impurities, 0.01 pct total carbon and nitro- 
gen, and perhaps 0.1 pct oxygen since deoxidation 
was not always complete. These alloys are thus 
considered as high purity. The experimentation 
consisted of electrical resistivity measurements 
and neutron diffraction on samples of 75 at. pct Cr 
composition and chemical extraction of a lower Cr 
alloy. 

For the neutron diffraction the 75 at. pct alloys 
were machined into chips which were heated at 
750°C in vacuum and quenched. Half the sample 
was saved as a control and the other half aged as 
follows: 495°C—200 hr, 478°C—100 hr, 463°C— 
170 hr, and 440°C—1000 hr. These 2 samples were 
run at the Brookhaven National Laboratory through 
the efforts of Dr. J. S. Kasper and the results of 
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both are given in Fig. 3. There was no significant 
difference between the quenched and the aged alloy. 
There was no suggestion of ordering in either 
sample based on the absence of the (100) and the 
(111) lines. The slight peak at about 14.5° would 

be due to neutrons of half the normal wave length. 

The resistivity sample was cut from the cast but- 
ton since hot-rolling up to 1050°C produced only 
minor reduction prior to cracking. The resistivity 
was measured as before.’ Following a quench in 
water from 750°C the sample was aged at 497°C to 
give the results in Fig. 4. These results are quite 
similar to those reported previously for lower chro- 
mium alloys at 475°C but the rate is somewhat 
slower. 

The earlier work showed a marked time depend- 
ence of the resistance following a rapid tempera- 
ture change in the range of 450° to 550°C which was 
attributed to the change in equilibrium concentra- 
tions which the new temperature demanded. This 


sample behaved similarly but somewhat more slowly 


as shown in Fig. 5. 

As before the temperature required for resolution 
of the precipitate was found by measuring the re- 
sistivity during slow heating of roughly 5 deg per 
day to give the data in Fig. 6. The break corres- 
ponding to resolution was 560°C which is signifi- 
cantly lower than that previously estimated. The 
temperature dependence of the resistivity in the un- 
aged and aged condition are given in Fig. 7. This 
figure shows that the decrease in resistance in this 
alloy is retained to a much lower temperature than 
for those lower chromium alloys previously studied. 
It is also evident that the resistance of the sample 
quenched from 750°C is significantly higher than 
when quenched from 563°C. This kind of behavior 
had been shown previously for the hardness and 
Curie temperature’ and it is not surprising that it 
also should exist for the electrical resistance. This 
behavior has been associated with increasing atomic 
clustering approaching the top of the miscibility gap. 

The samples of the 35 wt pct Cr alloy were ma- 
chined into chips which were sealed under vacuum 
in Pyrex and given the following treatment. Cooling 
from 550° to 500°C was done at an average rate of 
2.6 deg per day and the samples held at 500°C for 
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ANGLE OF DIFFRACTION. 26, DEGREES 
Fig. 3—Neutron diffraction data on an aged and unaged 75 
at. pct Cr-Fe alloy. 
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75 ATOMIC % Cr-Fe ALLOY 


QUENCHED FROM 750°C 
AGED AT 497°C 


TIME, HOURS. 
Fig. 4—Resistivity change of a 75 at. pct Cr-Fe alloy aged 
at 497°C. 


8 days, and 1 sample was removed. The second 
sample was then cooled at an average rate of 1.6 
deg per day to 472°C and held for 21 days. 


47°C TO 500°C 


z 497°C TO 468°C ( AFTER 2200HR. AT 497 °C) 
= 
= 
= 441°C TO 471°C 
75 ATOMIC %Cr-Fe 
44i°c 
0 4 8 10 20 40 80100 
TIME,HOURS 


Fig. 5—Time dependence of electrical resistivity of an 
aged 75 at. pct Cr-Fe alloy following a temperature 
change. 
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Fig 6—Resistivity recovery of an 75 at. pct Cr-Fe alloy 
with increasing temperatures. 
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Fig. 7—Temperature dependence of resistivity of an 75 at. 
pet chromium-iron alloy in the aged and unaged condition. 


A sample was leached for 4 days in a mixture of 
HCl, picric acid, and alcohol in a similar manner to 
the work of Fisher, et al.* The chips retained their 
physical shape but were now black, fairly hard and 
brittle and nonmagnetic. Chemical analyses for 
both chromium and iron in the solid samples and 
the leaching solution accounted for all but 1.8 pct of 
the iron.and 0.5 pct of the chromium which is con- 
sidered to be good. These analyses showed the 
. leached-out material to be 85.2 pct wt Fe and 14.8 
pct wt Cr whereas the residue was 13.8 pct Fe and 
86.2 pct Cr. A chemical analysis of the starting al- 
loy showed 0.5 pct Cr,O, and correcting the residue 
for this brings the iron content up to 14.0 pct which 
is not significantly different. A second sample 
whith was similarly handled but with somewhat less 
care gave the residue as 14.5 pct Fe and the dis- 
solved phase as 15.0 pct Cr in good agreement with 
the foregoing. 

There was one complication in that the weight of 
the residue particles as air dried exceeded the total 
reported weight of iron and chromium by 17 pct and 
vacuum drying at 100°C reduced it by 1.0 pct. Vac- 
uum drying at 450°C apparently further activated 
the sample because the sample became hot on ad- 
mitting air and the weight now exceeded the Fe and 
Cr by 20 pct. This is considered to be the result of 
strong adsorption in the small channels and holes in 
the leached sample. The nature of the adsorbed 
substances has not been deduced. 

The sample aged just to 500°C did not provide a 
suitable sample for analysis. The few particles 
which were liberated were dispersed in the liquid 
and not readily recoverable. Even in case of the 
472°C sample some small amount of particles were 
dispersed and a few of these were placed upon a 
plastic film and viewed in an electron microscope 
and Fig. 8 is representative. It will be seen that 
the particles of roughly 8000A are collected to- 
gether in clusters. There is some suggestion that 
these particles are actually made up of smaller 
particles of roughly 1000A. 
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DISCUSSION 


No evidence in support of the proposed phase di- 
agram in Fig. 1(b) has been found. The neutron dif- 
fraction and chemical analyses prove beyond rea- 
sonable doubt that an ordered phase Cr, Fe does not 
exist. Rather the new data are in fair agreement 
with the diagram of Fig. 1(a) although the miscibil- 
ity gap is more symmetrical and does not extend to 
such high temperatures on the chromium side (and 
hence the possibility of an upper eutectoid does not 
exist). These data and the previous ones have been 
combined into what is considered to be the most 
nearly correct diagram which is given in Fig. 9. 
Eliminating the upper eutectoid causes the same 
difficulty previously experienced in trying to fit 
these data to those of Cook and Jones.** However, 
by using the same arguments previously advanced 
supplemented with the experimental data of Duwez 
and Martens,“ the indicated move of the phase 
boundary in the chromium-rich side seems rea- 
sonable and provides consistency. Recently some 
experimental data have been reported on high- 
purity alloys which show o -formation below the 
previously reported eutectoid temperature.’* Ex- 
cept for the lowest experimental point these data 
agree well with the earlier investigation but the 
cause of this disagreement is not known. 

It is not surprising that the chemically dissolved 
material analyzed higher in chromium than shown 


by the phase diagram since any solution of the pre- - 


cipitate would cause this. The reasons why better 
agreement is not obtained for the residue are not 
obvious but the following factors could be impor- 
tant: Incomplete solution of the iron-rich phase, 
incomplete precipitation or adsorbtion on the sur- 
face of the residue. It is felt that the best explana- 
tion is incomplete precipitation brought about by 
growing rather large particles at temperatures 
above 500°C which could not be equilibrated at the 
lower temperatures. In particular diffusion within 
the chromium-rich particle must take place and this 
is expected to be relatively slow owing to lower dif- 
fusion rates than in the iron-rich phase, Certainly 
chemical equilibrium in particles 8000A is not ex- 
pected below 500°C. 


t 


Fig. 8—Extracted particles from an aged 35 wt pct chro- 
mium-iron alloy at X5000. Reduced approximately 37 pct 
for reproduction. 
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The rate of change of the time-dependent elec- 
trical resistivity is lower for this 75 pct Cr-Fe al- 
loy which is consistent with the explanation pre- 
viously offered. The changes represented before 
would correspond mostly to diffusion in the iron- 
rich phase. Here, however, one is following dif- 
fusion in both phases where the rates are sig- 
nificantly different and no simple analysis could 
be expected. 

The point has already been made that this gap is 
very flat on top compared both to quasi-chemical 
theory and to other gaps which are known. Like- 
wise, the earlier report showed that this flatness 
was not associated with actual o-formation. One 
way to modify the quasi-chemical type of approach, 
to force a better agreement, is to suppose that the 
interaction energy between unlike nearest neighbors 
becomes more positive with decreasing tempera- 
tures. If this energy were dependent upon magnetic 
effects then this increase seems reasonable. The 
“magnetic” gap given in Fig. 9 was calculated as 
follows: The top of the gap was taken as 560°C and 
the interaction energy was taken to be proportional 
to the saturation moment of an iron-like material 
with a Curie temperature of 640°C. This givesa 
maximum interaction energy of 6000 cal per mol at 
low temperatures. While this calculation has pro- 
vided a fairly good fit to the experiments it is clear 
that it is not a definitive calculation because of its 
arbitrariness. It does, however, make a suggestion 
of some kind of cooperative phenomenon rather 
attractive, and permits the system to be ideal at 
high temperatures as has recently been shown.”® 
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Fig. 9—Revised low-temperature phase diagram of the 
iron-chromium system. 
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There is a second way in which the gap can be 
very flat and not require any temperature depend- 
ence of the interaction energy. If for some reason 
the heat of solution, AH, were relatively flat and 
constant through the center of the system then the 
gap would spread unusually rapidly as observed. 

The suggestion of magnetic interactions as being 
partly responsible for the miscibility gap has an 
interesting additional aspect. Chromium has been 
shown to be antiferromagnetic and this suggests 
that the phase separation which takes place gives 
a ferromagnetic phase and an antiferromagnetic 
phase. 

Magnetic ordering can give rise to new diffraction 
lines because of magnetic interaction with the neu- 
trons and the absence of new lines as (100) thus 
fails to provide support for the foregoing idea. To 
calculate the expected intensity is rather difficult in 
that the magnetic structure, the amount of the phase, 
the magnetic moments and form factors, the size of 
coherently diffracting volume, and the degree of 
ordering must be postulated or known. These fac- 
tors can be such that the intensity of such lines 
would be low and they can be rather wide and con- 
tained in the background. For these reasons the ab- 
sence of new lines is not considered strong evidence 
against the foregoing suggestion. 

This provides an interesting possibility of a new 
type of strengthening as the result of precipitation. 
If a unit dislocation passes through a material which 
has an antiferromagnetic arrangement of the atoms 
it will create in general an antiferromagnetic do- 
main wall which, because of its energy, will repre- 
sent a strengthening mechanism. It would be a 
simple matter to calculate this effect just as done 
for chemical ordering® if the energy of this wall 
were known. If this energy were as high as 100 
ergs per sq cm then significant strengthening 
would result. 

It is reasonable to suppose that the maximum 
strength of the unaged alloys which comes at about 
70 to 80 pct chromium is the result of this domain 
wall being created in the antiferromagnetic regions 
of the alloys. The reason that the strength drops 
off with still higher chromium contents could be due 
to increasing mobility of these walls or the in- 
creased frequency of double dislocations which 
would not create a wall similarly to chemically 
ordered materials. The reason foreign atoms 
could anchor such walls is that they tend to take up 
lower energy positions and orientations (if they have 
a magnetic moment) and would tend to resist any 
motion of a wall. Thus, while the chemical ordering 
does not exist, a similar effect is possible through 
the ordering of the magnetic moments to form an 
antiferromagnetic arrangement in the chromium- 
rich alloys and precipitate. This requires, however, 
the simultaneous existence of ferromagnetism and 
antiferromagnetism in these alloys and this is not 
believed possible by some workers in the field (see 
reference 16 for example) but the matter does not 
seem to be closed. A very good example of the 
complexities which alloys containing atoms having 
magnetic moments can exhibit are shown by the 
recent study of copper-manganese.*” Likewise, 
Zener recently presented ideas which suggests 
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some new magnetic effects not consistent with clas- 
Sical theory. 

There has been some interesting magnetic work’® 
on the chromium-rich alloys and some neutron dif- 
fraction™ on iron-rich alloys. Exactly what these 
results mean in terms of the foregoing ideas cannot 
be decided at this time, but such results eventually 
must be used to evaluate the merits of these ideas. 

There is a number of other alloy systems which 
are considered anomalous and it would appear pos- 
sible that these or similar ideas of the creation of 
antiferromagnetic regions (but not necessarily new 
phases) might help explain such systems. One such 
system is the nickel-rich solid solutions of chro- 
mium which exhibit aging. This has been attributed 
to ordering, both long range and short range, but 
neutron diffraction by Roberts and Swalin® elimi- 
nates this possibility fairly well. They also suggest 
antiferromagnetism as a possible explanation. The 
only additional point to be made here is the sugges- 
tion that some short-range diffusion is required to 
give this antiferromagnetism. This is consistent 
with the kinetics observed. While this diffusion 
presumably results in a greater departure from 
randomness, it is not apparent that it need be of 
the degree or kind to show up by neutron diffraction. 

The understanding of these kinds of systems is 
very difficult because of the limited kinds of ex- 
periments which provide definitive information. 

The importance of understanding is very great, 
both theoretically and practically, because of the 
large number of alloys of transition metals which 
exhibit characteristics which are presently con- 
sidered anomalous. In particular, if the creation 
of antiferromagnetic regions increased the elec- 
trical. resistance, a possibility which cannot pres- 
ently be eliminated, then this could explain the re- 
sistance decrease on cold-working as observed for 
some alloys since, as already discussed, this could 
reduce this magnetic arrangement due to creation 
of domain walls. Such a suggestion is consistent 
with experimental observations of some of the sys- 
tems. 


CONCLUSIONS 


1) The electrical behavior of chromium-rich iron 
alloys aged within the miscibility gap show similar, 
but slower, aging behavior to the iron-rich ones. 

2) On the basis of this electrical resistivity the 
gap appears to be almost flat between 30 and 75 wt 
pct Cr and is almost symmetrical. 

3) The electrical resistivity also shows an effect 
of quenching from above the miscibility gap just as 
shown previously for hardness and Curie tempera- 
ture. 

4) This marked flatness of the gap is considered 
to result from a cooperative phenomenon, pre- 
sumably of magnetic origin. 

5) The chromium-rich precipitate is believed to 
be antiferromagnetic and thus exhibits a new 
strengthening mechanism quite similar to atomic 
ordering. 

6) It is likewise believed that the chromium-rich 
alloys possess some antiferromagnetism even when 
they are ferromagnetic, and it is this which is be- 
lieved to cause the odd hardening behavior of the 
chromium -rich alloy. 

7) It is suggested that this antiferromagnetism 
is important in the strengths of both the solid solu- 
tions and the precipitated system. 
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Copper-Nickel Alloys 


Intergranular Cavitation in Stressed 


It has been shown’ that cavities are formed in the grain-boundaries of copper and 
70:30 brass (as well as in magnesium) by the application of tensile stresses at elevated 
temperatures. Fora given rate of strain, cavities are formed in brass at a lower tem- 
perature than in copper, and they are larger; it was thought that this earlier onset of 
cavitation in the alloy might be caused by the distortion produced in the metal lattice b 
the alloying element. If the cavitation is caused by the vacancy-migration mechanism ,”* 
the distortion of the lattice would reduce the energy required for vacancy formation, and 
thus provide vacancies more readily to assist in the cavitation process. 


B. J. Reid and J. N. Greenwood 


Ir was decided to study a range of alloys to find 
out whether increasing amounts of an alloying ele- 
ment would cause any progressive increase in, or 
modification of, the cavitation in copper. Nickel 
was chosen for this purpose, since it is soluble in 
copper throughout the whole range of alloys. A 
further advantage was its low vapor pressure, 
which enabled the preparation of the alloys in vac- 
uum and the consequent reduction of their hydrogen 
content. It has been suggested that cavities may be 
nucleated by the migration of hydrogen atoms to the 
less regular atomic spacing at the boundary, and 
their combination to form molecules. The latter 
being too large to diffuse back into the lattice, form 
stable cavities into which vacancies could condense. 


PREPARATION OF ALLOYS 


All alloys, ranging from pure OFHC copper to 
43.7 at. pct of nickel (carbonyl), were prepared in 
a vacuum furnace employing high-frequency induc- 
tion heating. When a charge was melted, vigorous 
gas evolution occurred initially, after which the 
pressure was reduced to 10-* mm Hg, using an oil- 
diffusion pump. After remaining molten for a further 
¥% to 1 hr to aid degassing, the melt was allowed to 
solidify in the crucible. In this way contamination 
by gases evolved from the surface of a separate 
mold was avoided. The list of alloys prepared is 
shown in Table I. 

The percentage of hydrogen present in the OFHC 
copper was reduced from 0.0054 at. pct to 0.0012 at. 
pct, as measured by a vacuum-fusion method. 

The alloys were cold-rolled to 0.03-in.-thick 
strip, and were homogenized in vacuum for 1 hr at 
900°C after every 30 pct reduction. At a thickness 
of 0.05 in., the strip was held at 450°C for 24 hr 


B. J. REID, presently associated with Metal Manufacturers, Ltd., 
Port Kembla, N. S. W., was formerly Research Scholar, Baillieu Labora- 
tory. J. N..GREENWOOD is Research Professor of Metallurgy, Bailliev 
Laboratory, University of Melbourne, Australia. 


under high vacuum (10° mm Hg) in an attempt to 
reduce the hydrogen content still further. Tensile 
specimens were prepared with a gage length of 1 in., 
and were finally annealed for 2 hr at 800°C to give 
an average grain diameter of 0.1 mm. 


TENSILE DEFORMATION 


The specimens were deformed in a tensile strain- 
ing machine operated by a synchronous motor at a 


constant rate, equivalent to 1.7 pct per hr on a 1-in. 
gage length. The specimen and grips were contained 
in a vacuum jacket. A pressure of 10-* mm Hg was 
maintained, which was sufficient to prevent surface 
tarnishing of a specimen held at 650°C for 24 hr. 
Tests were made between 20° and 650°C and the 
temperature was controlled to within +3° over the 
gage length. The load was measured by the deflec- 
tion of a cantilever spring. 

a) Mechanical Properties—The ductility curves 
shown in Fig. 1 fall into two groups. Figs. 1(a) and 
(b) for copper and the 5 pct nickel alloy, respec- 
tively, show a continuous fall in ductility with a 
steep fall between 200° and 400°C. Figs. 1(c) to (f) 
show the same sudden loss of ductility between 200° 
and 400°C. With higher temperatures, however, 
there is a recovery in ductility values to a maxi- 


Table |.* Alloys Studied 


After Melting 
Nominal Pct Ni by 
Wt before Melting At. Pct Cu At. Pct Ni 
0 (OFHC copper) 99.98 nil 
5 94.28 5.7 
10 89.15 10.8 
20 78.31 21.7 
30 66.32 33.7 
40 56.29 43.7 


*For convenience, the various alloys are referred to by the 
nominal weight percentage of nickel in them. 
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Fig. 1—Elongation to fracture at various temperatures; rate of strain 1.7 pct per hr. a) OFHC copper vacuum 
melted; 5) copper — 5 pct nickel; c) copper — 10 pct nickel; d) copper — 20 pct nickel; e) copper — 30 pct nickel; 


f) copper — 40 pct nickel. 


mum at about 550°C, followed by a further rapid 
fall. 

The recovery is greatest with the 10 pct nickel 
alloy with which higher values of ductility are ob- 
tained between 500° to 600°C than at ordinary tem- 
peratures. With 30 and 40 pct nickel present the 
recovery of ductility was very slight. 

The tensile strength after 200°C fell approxi- 
mately linearly for each alloy. A typical set of 
stress-strain curves (strain being proportional to 
time) for the 20 pct nickel alloy is shown in Fig. 2. 

b) Mode of Deformation—A detailed examination 
of the surface deformation of the 10 pct alloy was 
made at different temperatures. For this the 
specimens were electropolished initially. The 
straining was stopped at different stages and the 
surface re-examined. The changes up to a tem- 
perature of 400°C follow a familiar pattern. Up to 
300°C the deformation is accompanied by coarse 
slip. As the temperature is increased the visible 
coarse slip decreases and movement at grain 
boundaries increases. At 400°C there were evi- 
dences of intercrystalline cracking. 

Some specimens, repolished after straining, were 
examined microscopically. It was found that the 
recovery of ductility was associated with irregular 
boundary migration. Fig. 3 shows 4 typical struc- 
ture of the 20 pct alloy after 18 pct extension at 
400°C. The arrow shows the direction of tensile 
stress in each case. There is slight evidence of 
migration. Fig. 4 shows the structure of the same 
alloy after 6.7 pct extension at 525°C. The irregu- 
lar outline of both grain and twin boundaries is 
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clearly shown as well as the presence of new small 
grains. 

Fig. 5 shows clearly recrystallization at grain 
boundaries when the 10 pct alloy was strained at 
550°C. Although cavitation was visible under these 
conditions after a small amount of deformation, 
fracture did not occur until after 50 pct elongation. 
It must be realized that some of the recrystalliza- 
tion noted may have occurred after fracture and be- 
fore the specimen cooled. 

Deformation at temperatures above that corre- 
sponding to the maximum ductility yields grains 


Fi. 
" 600" 
| 670°" 
4 8 ‘6 20 24 28 


TIME IN HOURS 
Fig. 2—Stress — time of strain (1.7 pct per hr) for copper 
— 20 pct nickel at various temperatures. 
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Fig. 3—20 pct nickel alloy after 18 pct 
extension at 400°C. X500. Reduced 
approximately 14 pct for reproduction. 


Fig. 6—20 pct nickel alloy after 4.8 pct Fig. 8—20 pct nickel alloy after frac- 
ture at 400°C. X500. Reduced approx-_ ture at 650°C. X200. Reduced approx- 
imately 14 pct for reproduction. 


extension at 650°C. X500. Reduced 
approximately 14 pct for reproduction. 


\ 


Fig. 4—20 pct nickel alloy after 6.7 pect Fig. 5—10 pct nickel alloy after 50 pct 
extension at 525°C. X500. Reduced ap- extension at 550°C. X200. Reduced 
proximately 14 pct for reproduction. 


approximately 14 pct for reproduction. 


Fig. 9—30 pct nickel allow after frac- 


imately 14 pct for reproduction. 


In all cases the tensile stress directions is left — right -—— 


with smooth boundaries. This is shown in Fig. 6 
relating to 4.8 pct extension of 20 pct nickel alloy 
at 650°C. X-ray diffraction examination confirms 
that in such’ cases complete recrystallization has 
occurred. 

c) Intergranular Cavitation—In all alloys cavities 
formed similar in appearance and occurrence to 
those found previously in copper and other alloys. 
A comparative study of the amount of cavitation 
present in the different alloys showed that the num- 
ber and size of cavities increased from pure copper 
up to alloys containing 20 pct of nickel, and there- 
after decreased markedly. 

To determine the amount of deformation required 
to initiate visible cavitation a series of experiments 
was carried out with the 20 pct nickel alloy. After 
straining at different temperatures, the specimens 
were examined microscopically after various de- 
grees of extension. The results are plotted in Fig. 7. 
Two series of points are shown, the lower for ab- 
sence and the upper for presence of visible cavita- 
tion. Somewhere between these limits the phenom- 
enon appears. It will be seen that at 250°C (with 
the straining rate employed) cavities were visible 
after 32 pct extension while at 600°C they were vis- 
ible after 1 pct. From Fig. 7 which also shows the 
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curve for elongation to fracture, it is evident that 
the existence of cavities at the grain boundaries did 
not prevent the recovery of ductility associated with 
recrystallization. 

In Fig. 3 cavities are shown in a 20 pct alloy after 
18 pct extension at 400°C. This is about 5 pct ex- 
tension above the minimum required for cavitation. 

Fig. 8 is from the same alloy after fracture (21 
pct) elongation at 400°C. Both of these specimens 
were hand polished and very lightly etched. It is 
seen that the series of cavities leads to an inter- 
crystalline crack. The presence of serrations on 


60 T 


Fig. 7—Elongation 
required to cause 
cavitation at differ- 
ent temperatures in , 4% 
copper—20 pct nickel > 
alloy. Novisible cavi- 90 ‘e 
tation — A; cavities 
visible at X500 — 0. 
Note: upper curve 
shows the elonga- | 
tion to fracture at 
corresponding tem- i 4 A 
peratures. - ¥ 200 600 
TEMPERATURE - °C 
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one side of the crack suggests that the formation of 
cavities preceded the cracking. It is, however, not 
suggested that cracking necessarily needs cavities 
for its initiation. Cases have been noticed in these 
alloys, particularly at triple boundary points, where 
there is no sign of associated cavitation. 

The primary association of cavities with bound- 
aries approximately normal to the tensile stress is 
4 Clearly shown in Fig. 9 which is from a 30 pct nickel 
alloy after fracture at 650°C. 


SUMMARY 


The main observations can be summarized as fol- 
lows: 


1) At some temperature during the deformation 
under constant strain rate of 1.7 pct per hr all the 
alloys of copper containing up to 44 at. pct nickel 
show the phenomenon of intergranular cavitation. 
The cavities appear preferentially in the boundaries 
normal to the tensile stress. 

2) There is no obvious difference between the 
extent of cavitation in OFHC copper as received’ 
and after vacuum melting. 

3) The number and size of cavities (in general) 
increases with nickel content up to 20 pct and then 
falls off markedly. 

4) Cavitation becomes visible at a higher tem- 
perature the higher the nickel content. For pure 

copper, cavities are visible (x 500) in the grain 
boundaries after straining at 200°C; with 20 pct 
nickel at 250° to 300°C; with 30 to 40 pct nickel at 
500°C. 

5) The type of fracture changes from trans to in- 
tercrystalline as the temperature of straining is 
raised. However, with nickel content of 10 pct and 
more, under conditions when grain-boundary migra- 
tion occurs, the fracture is a mixture of the two 
types. 

6) For alloys containing 10 pct and more of nickel 
the fall of ductility with temperature is arrested at 
400 to 500°C. With 10 and 20 pct nickel there is a 
marked recovery, followed above 600°C by a further 
rapid fall. This latter effect is most pronounced 
with the 10 pct alloy and is scarcely evident with the 
30 and 40 pct alloys. 

7) The recovery of ductility is associated with 
grain-boundary migration on a micro scale and also 
with recrystallization. It appears that the forma- 
tion of intercrystalline cracks from strings of cav- 
ities is arrested by the migration. When the tem- 
perature is sufficiently high (600°C), the grain 
boundaries remain smooth, and strings of cavities 
again unite to form cracks. 


8) Grain-boundary migration appears at higher 
temperatures the higher the nickel content. 

9) In any given alloy cavitation appears with less 
deformation the higher the temperature. 

10) With the 20 pct alloy cavitation begins (at the 
rate of strain used), as the mode of deformation 
changes from slip to grain translation; i.e., in the 
temperature range 250° to 400°C. This effect is 
then complicated as the temperature is further 
raised owing to grain-boundary migration. 
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DISCUSSION 


The present work confirms the conclusion reached 
previously’ that the formation of approximately 
spherical cavities in grain boundaries during ten- 
sile deformation leads to intercrystalline cracking. 
In the cases of copper, and a-brass this was always 
accompanied by a reduction of ductility. 

The loss of ductility is associated with a change 
in the mode of deformation in which grain transla- 
tion becomes important. This would cause distor- 
tion of the lattice in the immediate neighborhood of 
the boundary. It is considered that this localized 
deformation creates the vacancies which condense 
to form cavities. Another source of vacancies is 
the equilibrium density associated with thermal 
vibration. Because cavitation occurs more readily 
at higher temperatures it would appear that these 
vacancies are also available for the formation of 
cavities. 

A new factor has been found in the alloys of nickel 
with copper. This is the recovery of ductility at 
temperatures above 400°C even though cavitation 
already has commenced. For example the 20 pct 
alloy at 525°C shows cavitation at 5 pct extension, 
yet does not fracture until 37 pct. A continuation of 
the original slope of the curve in Fig. 1(d) would 
lead to an expectation of fracture after 10 pct ex- 
tension. 

The cessation of intercrystalline cracking under ~ 
these circumstances coincides with the appearance 
of serrations in the grain boundaries. It is evident 
that such a condition must effectively stop grain 
translation and the resultant formation of vacancies 
leading to cavities. 

Ivanova and Oding* consider that micro-pores are 
present in the boundaries and that regions of tensile 
and compressive stress alternate. The vacancies 
produced by deformation in the regions of high ten- 
sile stress diffuse to regions of lower stress and 
condense, thus enlarging the micro-pores. Gifkins® 
makes a similar suggestion. The existence of these 
micro-pores and the alternating regions of tensile 
and compressive stress would explain the growth of 
cavities in the boundaries. Our observations have 
shown that when these are seen at an early stage, 
they are approximately spherical, equispaced or 
spaced at multiples of the smallest spacing, which 
is that of the distance separating accompanying 
slip lines. 

Although the hydrogen content of the alloy was 
reduced by vacuum melting, this does not neces- 
sarily mean that hydrogen plays no part in stabi- 
lizing or even nucleating the cavities. More critical 
conditions would be needed to decide the main nu- 
cleating factors. 

Although visible cavitation was not noted in the 
30/40 pct alloys until 500°C it would appear from 
the loss of ductility at lower temperatures that the 
same phenomenon is occurring. Cavities must 
reach a certain minimum size before they are vis- 
ible. 

It is not unreasonable to attribute the fall of 
ductility between 300° and 500°C in the two high- 
nickel alloys to the presence of cavities in the 
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grain boundaries too small to be visible. If this 
is so, it would appear that the presence of nickel 


above 20 pct increases the difficulty of formation 
of cavities. 
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Further Studies on the Metallurgy of Silicon Iron— 


Some Observations on Selective Oxidation 


Selective oxidation (preferential oxidation of a single alloy component) can be an im- 
portant oxidation mode in the case of alloys such as Si-Fe, Al-Fe, and so on, when heat- 
treating in atmospheres of low oxygen potential. It was the purpose of this work to iden- 
tify the oxide films formed on iron containing 3/4 pct Si at low oxygen potentials, and to 
make some observations on the H,O/H, ratios required to form them. 


A. U. Seybolt and E. 1. Alessandrini 


EXPERIMENTAL METHOD 


Hyprocen of varying water content offers a very 
convenient method of establishing a wide range of 
oxidizing power, or oxygen potential. The method 
chosen to provide a desired H,O/H, ratio was to 
nearly saturate hydrogen at room temperature by 
bubbling the gas through water at room temperature, 
and then to wring out the excess water by passing 
the wet gas through a long glass spiral immersed in 
a refrigerated liquid at a desired dew point. After 
oxidation, the samples were examined by electron 
diffraction in order to identify any film which might 
be present. 


PREPARATION AND TREATMENT OF SAMPLES 


The samples were prepared from a Si-Fe alloy 
made in the laboratory using electrolytic iron and 
96 pct ferro-silicon, vacuum-induction melted, hot- 
rolled then cold-rolled to 0.015-in. thickness. After 
the cold-rolling the samples were annealed at 
1000°C. Transmission Laue X-ray patterns showed 
very little evidence of preferred orientation, but it 
is likely that a weak texture could have escaped 
notice. The chemical analysis was as follows: 

3.34 Si, 0.01 Al, 0.001 O, 0.006 C, 0.002 N. 

Before each sample was oxidized, it was polished 
through 4/0 emery paper, cleaned and dried using 
benzene, carbon tetrachloride, acetone, absolute 
alcohol, and ether. 

The method of oxidizing the samples was as fol- 
lows: Samples about 72 by 1 by 0.015 in. were held 
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in the upper, cool part of a vertical vacuum furnace 
until the desired temperature was established in the 
furnace, Fig. 1. The sample was then lowered into 
the uniform hot zone where it was heated quickly to 
the desired temperature, and subjected to hydrogen 
of controlled moisture content (dew point) as men- 
tioned previously. Temperatures from 400° to 
1000°C were used, and dew points from room tem- 
perature to —78°C were explored. In general, the 
runs lasted about 6 hr, but a few runs were of dif- 
ferent duration, as will be indicated later. After 
the predetermined period of time had elapsed, the 
specimens were withdrawn by the hollow stainless 
steel-quartz holder to a cool zone at the top of the 
furnace. 


EXPERIMENTAL RESULTS 


The results are summarized in Table I. Most of 
the electron-diffraction patterns were obtained by 
glancing-angle reflection, but in a few cases it was 
possible to strip the oxide films from the surface by 
a total immersion in a 3 pct bromine-methanol solu- 
tion. Some of the thinner stripped films yielded 
quite satisfactory transmission patterns. However, 
both diffraction techniques yielded the same results; 
the patterns while most frequently showing a (low) 
tridymite, also showed a (low) cristobalite in some 
cases. A few patterns showed evidence of both 
phases. Because of the known nonequilibrium be- 
havior of silica, it is not surprising that both forms 
of silica could coexist on one sample. It was noted 
that at fairly low dew points such as —40°C, there 
was a tendency for diffuse diffraction rings, sug- 
gesting a very small crystallite size. Also some 
subsequent experiments to be reported later show 
that thin silica films can be amorphous. 
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Table |. Electron Diffraction Observdtions on Oxidized 3.3 Pct Si-Fe 


Sample Surface Diffrac- 
Temp, 0°C Dew Point Time, Hr __ tion Pattern 
400 
600 Room temperature. 6-72 Low tridymite 
800 Low cristobalite 
1000 or 
Both 
800 Room temperature 6 Low tridymite 
to -45°C Low cristobalite 
or 
Both 
800 Below -45°C 2-% - Iron pattern 
15-% only 


None of the diffraction patterns showed evidence 
of preferred orientation. This circumstance is 
probably related to lack of a strong texture in the 
alloy sheet itself. 

It was not a primary object of these experiments 
to obtain equilibrium data on the formation of silica 
on 3% pct Si-Fe. However, it was possible to show 
that the critical hydrogen dew point for a specimen 
temperature of 800°C was below —45°C, but above 
—78°C. This observation is consistent with the ac- 
tivity of silicon in iron at the 37/4 pct Si level. The 
silicon activity, determined during an investigation’ 
of Fe-Si-N alloys, is 3.5 x 107° at 800°C, referred 
to pure solid silicon as the standard state, and pre- 
dicts a critical dew point of about —56°C for oxi- 
dation to SiO, at 800°C. This agreement makes it 
appear unlikely that appreciable oxidation could 
have occurred during either heating the samples to 
temperature or in cooling them after a run. 

The concentration of water in the hydrogen is 
conveniently reported as a dew point, since that is 


a direct experimental parameter. However, dew 
point may be readily converted to a more fundamen- 
tal quantity, such as Py.9/Py,, as in the following 
example: At —40°C the vapor pressure of ice is 
0.0966 mm or 0.0966/750 = 1.29 x 10°* atm. Since 
Pu, = ~1 atm, evidently Pyo/Pu, = 1.29 x 10-*. In 
Table II are listed some typical diffraction data for 
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Fig. 1—Controlled oxidation apparatus. 


both the low tridymite and the low cristobalite films. 
Film thicknesses could be estimated from the gain 
in weight, nominal specimen area, and average cris- 
tobalite-tridymite density. The film produced ap- 
peared to be approximately in the 200 to 2200A 
range, depending upon moisture content and tem- 
perature. 


DISCUSSION OF RESULTS 


As is well known, the chemistry of the oxides of 
silicon is a complicated and incompletely under- 
stood subject. Metastable existence of various 
forms of silica is the rule. High tridymite, for ex- 
ample, is stable between 870° and 1470°C, but it 
also can exist as a metastable phase at lower tem- 
peratures depending upon the impurities associated 


Table Il. Some Typical Electron-Diffraction Data 


I Typical Reflection-Type Pattern 


Showing Agreement with X-Ray Clark? 
Data for «-Tridymite ASTM X-ray Data 
d (A) + 0.02 Int. D(A) Int. 
2.29 Ss 2.29 20 
2.09 M 2.07 10 
2.03 M 2.03 10 
1.87 M 1.87 10 
1.71 M 1.68 10 
1.60 M 1.61 10 
1.63 M 1.53 10 
1.47 MW 1.43 10 
1.40 MW 1.39 10 
1.33 s 1.33 20 
1.26 M 1.24 20 
1.15 M 1.15 50 
1.10 M 1.10 20 


II Typical Reflection-Type Electron- 
Diffraction Pattern Showing Agree- 


ment with the X-Ray Pattern for a- Swanson and Tatge’ 


Critobalite ASTM X-Ray Data 
d (A) + 0.02 Int. d (A) Int. 

2.43 M 2.468 6 

2.13 M 2.121 4 

1.65 Ss 1.642 1 

1.44 W 1.432 2 

1.32 W 1.301 2 

1.19 Ww 1.184 2 
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Fig. 2—Electron diffraction pattern of low tridymite. 


with it. On cooling to room temperature, high tri- 
dymite transforms spontaneously to low tridymite 
(a-tridymite), the orthorhombic form. 

At temperatures above 1470°C, high cristobalite 
is stable, but it can form at much lower tempera- 
tures as a metastable form under certain conditions 
such as during the devitrification of amorphous 
(fused) silica. On cooling to low temperatures, high 


Hydrogen in Titanium-Aluminum Alloys 


The effects of hydrogen on the properties of binary Ti-Al alloys containing 2.5, 5, 
and 7 pct aluminum and ternary alloys of the same compositions with added interstitial 
elements oxygen, nitrogen, and carbon were studied. Aluminum increases the apparent 
hydrogen solubility of the a-phase, resulting in a marked increase in resistance to im- 
pact embrittlement. In the Ti-5Al and Ti-7Al alloys, for example, the addition of 180 
and 305 ppm hydrogen, respectively, did not cause embrittlement, while unalloyed tita- 
nium was embrittled by as little as 75 ppm. The role of aluminum in increasing hydro- 
gen solubility of the a-phase probably accounts for the excellent hydrogen tolerance of 
a-B alloys containing considerable amounts of aluminum. There is some evidence that 
aluminum retards the vate of hydride precipitation. If so, these alloys may be suscep- 


tible to slow-strain embrittlement. 


L. W. Berger, D.N. Williams, and R. |. Jaffee 


Una.toyep a-titanium is extremely sensitive to 
small amounts of added hydrogen in that there is a 
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cristobalite transforms to low (q@) cristobalite (te- 
tragonal). 

The following sequence of events could reasonably 
be expected during the selective oxidation of Si-Fe. 
1) Formation of a thin film of amorphous SiO,, 

only a few angstroms thick. 

2) Amorphous SiO, on thickening, or longer 
standing, converts to high cristobalite. This is 
initially more likely than high tridymite since high 
cristobalite is a more random structure. 

3) At longer exposure at high temperature, the 
high cristobalite transforms wholly or in part to 
high tridymite. 

4) On cooling to room temperature, the high 
cristobalite and high tridymite transform, respec- 
tively, to low cristobalite and low tridymite. 
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marked decrease in notch properties. For example, 
as little as 100 ppm hydrogen is sufficient to lower 
the room-temperature notch-impact strength from 
over 100 to less than 20 in.-lb.* This loss of im- 
pact strength has been associated with the presence 
of hydride phase in the microstructure. Hydrogen 
in the amounts encountered in commercial practice 
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(up to 300 to 400 ppm), however, has little or no ef- 
fect on the unnotched tensile properties 
of unalloyed titanium.” 

It has been we that there is no hydride 
precipitation or significant embrittlement of Ti-5Al 
with up to 180 ppm hydrogen. The present investi- 
gation was initiated to explore further this beneficial 
effect of aluminum with regard to increased hydro- 
gen tolerance of a-titanium alloys as well as the 
effect of added interstitials on this tolerance. 


EXPERIMENTAL PROCEDURE 


Preparation of Alloys—Titanium sponge of 110 
Brinell hardness (max) was used as the base mate- 
rial in this investigation. Hardness and analytical 
results obtained on an arc-melted button of this 
material are shown in Table I. The aluminum al- 
loying addition was sheet stock of 99.99 pct mini- 
mum purity. 

Ingots prepared included binary titanium-alumi- 
num alloys containing 0, 2.5, 5, and 7 pct aluminum 
and ternary alloys containing the following inter- 
stitial levels for each aluminum content: 

Oxygen ............0.10 and 0.15 pct 
Nitrogen ...........0.02 and 0.05 pct 

Chemical analysis showed the actual analysis to 
be quite close to the desired analysis in all cases. 

All alloys were prepared by the consumable- 
electrode double-melting method. The first elec- 
trode was prepared by compacting the correct pro- 
portion of titanium sponge and aluminum under 
pressure, and then welding together the several 
compacts required to make an ingot of 5 to 6 lb in 
weight. Where oxygen or nitrogen was purposely 
added, gas additions were made to the sponge in a 
Sieverts apparatus prior to the compacting opera- 
tion. Carbon additions in the form of flake graphite 
were added directly with the other alloy ingredients. 
After the first melt, the individual ingots were 
quartered lengthwise, and the quarters were welded 
together to make up an electrode for the second and 
final melt. Radiographs of the final ingots revealed 
no segregation. 

Alloys with 2.5 pct aluminum were forged to 7% in. 
diam at 1800°F and then swaged to %-in. diam at 
1700°F. Materials with 5 and 7 pct aluminum were 
forged at 2000° to 2050°F and swaged at 1800°F to 
the same dimensions. Several rods ¥% in. diam by 
5 in. long of each material were then scalped and 
vacuum annealed for 6 hr at 1475°F prior to’hydro- 
genation. The final hot vacuum obtained was be- 
tween 0.3 and 0.6 y. 

Hydrogen additions were made by holding the ma- 
terial in purified hydrogen for / hr at 1475°F in 
order to absorb the gas, slow cooling to 1250°F and 
holding 1 hr for homogenization, and finally cooling 


Table |. Hardness and Analysis of Titanium Sponge Base Material 


Brinell Hardness (3000-kg load) 107 
Oxygen, wt pct 0.075 
Nitrogen, wt pct 0.006 
Carbon, wt pct 0.021 
Iron (vendor’s analysis), wt pct 0.11 
Hydrogen, ppm 45 
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rapidly in the apparatus to room temperature. After 
hydrogenation, the rods were hot swaged to a final 
diameter of 7 in. at the temperatures of 1560°, 
1600°, 1690°, and 1730°F for Ti, Ti-2.5Al, -5Al, 
and -7Al alloys, respectively. The swaging temper- 
atures shown were chosen in order to yield equal 
grain sizes for each material. After final fabrica- 
tion, the alloys were annealed for 1 hr at the swag- 
ing temperature and air-cooled prior to machining 
into test samples. Analysis of the samples after 
testing showed that the actual hydrogen content 
agreed closely with the intended hydrogen content. 

Evaluation—All alloys were tested initially for 
tensile and impact properties at the vacuum- 
annealed and 150-ppm hydrogen levels. For the 
binary alloys, 2 additional levels were studied. 
Where embrittlement was encountered at 150 ppm 
hydrogen, the alloy was evaluated subsequently at 
75 and 225 ppm. [If an alloy was not embrittled at 
150 ppm, additional hydrogen levels of 300 and 450 
ppm were prepared and tested. Interstitial-contain- 
ing alloys were evaluated at 1 additional hydrogen 
level dependent on whether or not 150 ppm was suf- 
ficient to cause embrittlement. 

Room-temperature slow-speed tensile tests were 
performed in duplicate for all alloys, using a uni- 
form crosshead speed of 0.005 ipm. Specimens 
were / in. diam with a reduced section of 7/ in 
diam and gage length of 7/2 in. Strain measurements 


were made by means of SR-4 resistance strain gages 
and a lever-type extensometer. Impact tests were ~ 


made on micro-impact specimens at —321°F, 
—40°F, 75°F, and 212°F, using a Tinius-Olsen test- 
ing machine at an impact velocity of 11.37 fps. 
Specimen details and testing procedures for both 
the tensile and the impact test were ceacribed in 
more detail previously. * 

Vickers hardness measurements were made on 
an undeformed section of the room-temperature 
impact samples after mounting and polishing. A 
load of 10 kg was used, and the reported value 
represents an average of 5 indentations. All spec- 
imens for microexamination were mounted in a 
room-temperature-setting resin in order to avoid 
possible solution of hydride which might have oc- 
curred on heating. Grain size was determined by 
visual comparison at X100 with standard grain- 
size charts. Finally, hydrogen analyses were de- 
termined by the diffusion-extraction method, which 
gives a tolerance of + 10 relative pct. 


EXPERIMENTAL RESULTS 


For the sake of increased clarity and simplicity 
of presentation, most of the data presented will re- 
fer to the binary Ti-Al alloys. This may be done 
since the addition of interstitials to the base alloys 
did not materially affect the results obtained with 
regard to the hydrogen-embrittlement condition. 

Mechanical Properties— Hardness, grain size, and 
tensile properties of titanium-aluminum-hydrogen 
alloys are shown in Table II. There is little effect 
of hydrogen on the Vickers hardness of unalloyed 
titanium in the range of hydrogen additions studied. 
The hardness of titanium-aluminum alloys, on the 
other hand, increases with increasing hydrogen 
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Table Il. Hardness, Grain Size, and Tensile Properties of Titanium-Alumi Hydrogen Alloys 
ile P 
Vickers Tensile Properties (Average of Two Samples) 
Hydrogen Hardness ASTM Reduction Elongation, 0.2 Pct Offset Tensile 
Content® Number Grain-Size in Area, Pet in Yield Strength, Strength, 
Ppm (10 Kg Load) Number Pct % In. Psi Psi 
Unalloyed Ti 
20 118 5 85 73 29000 46000 
80 114 5 74 61> 28000 47000 
150 118 5 81 57 32000 47000 
230 115 5 76 59 28000 47000 
Ti-2.5Al 
25 172 5 36 22 46000 66000 
75 177 5 32 16> 49000 65000 
150 178 6 37 19> 49000 67000 
245 183 6 27 17 50000 73000 
Ti-SA1 
30 238 4-6 37 15 73000 95000 
180 247 5 36 18> 87000 105000 
315 251 5-6 23 14> 83000 105000 
430 253 6 16 14 80000 107000 
Ti-7Al 
30 266 6 29 18 96000 114000 
170 283 5-6 39 17 108000 117000 
305 289 6 35 27 118000 125000 
415 294 6 22 16 126000 135000 


Determined by the diffusion-extraction method (tolerance + 10 relative pct). 
bSpecimens fractured on or outside gage marks; reported elongation value is extrapolated from measured extension Letween gage marks on 


specimen shoulders. 


content, the effect being more pronounced at high 
aluminum levels. 

The hydrogen additions studied have little effect 
on the strength of unalloyed titanium. Both elonga- 
tion and reduction in area decline slightly with in- 
creasing hydrogen content, but there is no major 
loss in ductility. Much the same behavior is shown 
for Ti-2.5Al, although there is some strengthening 
at the highest hydrogen level. 

Increased hydrogen is strengthening to both Ti-5Al 
and Ti-7Al, and this effect is greater for the higher 
aluminum -containing alloy. This strengthening ef- 
fect appears to be associated with increased hydro- 
gen solubility in these alloys, as will be discussed 
later. There is no detrimental effect of hydrogen 
on elongation for either of these alloys, but reduc- 
tion in area suffers at the higher hydrogen levels, 
particularly in the case of the Ti-5Al alloy. This 
loss in reduction in area is attributed to the dis- 
tribution of hydride phase. At the higher hydrogen 
contents, hydride occurs mainly at the grain bound- 
aries in these alloys. 

Tensile data for Ti-Al alloys with added inter- 
stitials revealed behavior similar to the binary al- 
loys. The strengthening effects in both the 5Al and 
7Al base materials was quite apparent. However, 
no loss in either ductility parameter was noted, 
probably because the maximum hydrogen content 
tested was 300 ppm. 

The effect of hydrogen on the notch-bend impact 
strength of binary Ti-Al alloys at testing tempera- 
tures of —321°F, —40°F, 75°F, and 212°F is shown 
in Fig. 1. Unalloyed titanium and the Ti-2.5Al alloy 
are both embrittled in impact by a hydrogen content 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


of 75 to 80 ppm at all testing temperatures. Em- 
brittlement does not occur in the case of the Ti-5Al 
and Ti-7Al alloys until hydrogen contents of 315 and 
415 ppm, respectively, are reached. The data for 
Ti-5Al agree well with previously obtained data for 
an iodide-base Ti-5Al alloy,* which indicated no 
embrittlement in impact up to 180 ppm hydrogen. 
The increased resistance of Ti-Al alloys to im- 
pact embrittlement by hydrogen is shown quite 
clearly in Fig. 2. Here, breaking energy at room 
temperature versus hydrogen content is plotted for 
the binary alloys. It is seen clearly that the impact 
strength of unalloyed titanium and Ti-2.5Al drops 
sharply at the initial hydrogen addition of 75 ppm 
while the Ti-5Al and Ti-7Al alloys show no em- 
brittlement up to at least 180 and 305 ppm, respec- 
tively. Similar results were obtained for all of the 
interstitial-containing alloys. While interstitial 
additions generally lower the impact strength of the 
5 and 7 pct aluminum alloys, the hydrogen tolerance 
appears to be relatively unchanged. In the Ti-2.5Al- 
base alloys, there is some indication of better im- 
pact strength with added interstitials at low hydro- 
gen contents. Fer all alloys, the hydrogen embrit- 
tlement in impact correlated well with the initial 
appearance of hydride in the microstructure as will 
be illustrated in the following section. 
Microstructure—In all cases, impact embrittle- 
ment can be associated with the appearance of 
hydride in the microstructure. For example, hy- 
dride was encountered in unalloyed titanium with 
the first addition of 80 ppm hydrogen, and the im- 
pact energy was lowered seriously. Hydride as- 
sociated with loss of impact energy was first ob- 
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Fig. 1-The effect of testing tempera- 
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served for Ti-2.5Al, Ti-5Al, and Ti-7Al at hydrogen 
contents of 75, 315, and 415 ppm, respectively. It 
appears, therefore, that increasing the aluminum 
content has either increased the hydrogen solubility 
of Ti-Al alloys or retarded the rate of hydride pre- 
cipitation, resulting in increased tolerance to im- 
pact embrittlement as well as the strengthening ef- 
fects in tension noted previously. This increase in 
room-temperature hydrogen solubility with increas- 
ing aluminum content based on metallographic and 
impact results is shown in Fig. 3. 

Of further interest is the observation that hydride 
in the high-aluminum alloys occurred mainly at the 
grain boundaries as illustrated in Fig. 4. The hy- 
dride observed in unalloyed titanium and the Ti- 
2.5Al alloys, on the other hand, was uniformly dis- 
tributed and of a Widmanstatter nature, as shown in 
Fig. 5. It is believed that the grain-boundary dis- 


70 \ 
\ 


Breaking Energy, in- Ib 


10 
° 100 200 300 400 500 
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Fig. 2—The effect of hydrogen content on the room-tem- 
perature impact strength of titanium-aluminum alloys. 
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tribution of hydride is responsible for the loss in 


’ tensile reduction in area noted earlier for Ti-5Al 


and Ti-7Al when hydride appears, as contrasted 

with the behavior of Ti and Ti-2.5Al, which do not 
lose appreciable tensile ductility when Widmanstatten 
hydride appears. 


DISCUSSION 


In the preceding section it has been shown that 
increasing the aluminum content in titanium with 
or without added interstitials results in increased 
tolerance to impact embrittlement caused by hydride 
formation. The obvious reason for such an in- 
creased tolerance would be the increased solubility 
of hydrogen with increased aluminum content. This 


/ 


Hydrogen Content, ppm 


Fig. 3—Room-temperature solubility of hydrogen in the 
titanium-aluminum system as determined by microstruc- 
tural examination. 
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Fig. 4—Ti-5A1 binary alloy containing 315 ppm hydrogen 
showing hydride formed only at the grain boundaries. 
Etchant: 11/2 pet HF, 31/2 pet HNOg, 95 pet H,O. X250. 
Reduced approximately 25 pct for reproduction. 


statement ties in well with the high hydrogen toler- 
ances observed for a-f alloys containing consider- 
able amounts of aluminum™”® in terms of the pro- 
posed mechanism’ of slow-strain embrittlement. 

In a-f alloys hydrogen embrittlement appears to 
be associated with the diffusion of hydrogen in the 
B-phase to the a-f interface during deformation 
where concentration of hydrogen occurs with the 
possible ultimate formation of a third phase. The 
beneficial effect of aluminum, therefore, is clearly 
the result of altering the partition of hydrogen be- 
tween a and £ by increasing the solubility of hydro- 
gen in the a-phase. This altered partition lowers 
the amount of hydrogen in 6 requiring more total 
hydrogen to embrittle the alloy. 

Although aluminum appears to increase the solu- 
bility of hydrogen in a-titanium at room tempera- 
ture, it is worth while to speculate on the possibility 
that the effect of aluminum is to retard the rate of 


Fig. 6—Section through a deformed region of a fractured 
tensile specimen of Ti-5A1 containing 180 ppm hydrogen 
showing hydride formed by straining. Etchant: 1'/2 pet HF, 
31/2 pet HNOg, 95 pet H,O. X250. Reduce approximately 

25 pet for reproduction. 
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Fig. 5—Unalloyed titanium containing 230 ppm hydrogen 
showing Widmanstitten hydride. Etchant: 11/2 pct HF, 
31/2 pet HNOs, 95 pet H,O. X250. Reduced approximately 
25 pet for reproduction. 


rejection of hydride from the a-phase rather than 
increase hydrogen solubility. That is, the presence 
of aluminum may result in a semi-stable a-phase 
supersaturated with hydrogen at room temperature. 
Some evidence backing this viewpoint was obtained 
in examining tensile fractures of the binary alloys. 
These specimens were mounted in longitudinal sec- 
tions so that both undeformed and deformed areas 
could be examined microscopically. For the Ti-5Al 
alloy containing 180 ppm hydrogen, no hydride was 
observed in the unstrained areas, but, as shown in 
Fig. 6, hydride was observed in the strained areas. 
This observation leads to the conclusion that all of 
the hydrogen in solution was not in equilibrium and 
that the rejection of hydride may be induced by 
straining. It is important, therefore, to consider 


the possibility that alloys of the type studied may be 
susceptible to slow-strain embrittlement. 
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Determination of Gases in Steel 


by Vacuum Fusion-Mass Spectrometry 


A method has been developed for determining gases in steel in which the gases are 
extracted by vacuum fusion and analyzed by mass spectrometry. This method is es- 
pecially applicable for determining small amounts of oxygen and nitrogen. The lower 
limit of detection for both oxygen and nitrogen is 0.0001 pct with an average deviation 
of about 0.0001 pct for oxygen and 0.00008 pct for nitrogen. Hydrogen analyses by this 
method are in good agreement with analyses by vacuum tin-fusion. A complete analysis 
of all gases extracted from a steel sample can be accomplished in 40 min. 


J. F. Martin, J. E. Friedline, L. M. Melnick, and G.E. Pellissier 


Ir has long been known that certain of the gaseous 
elements exert particular effects on the physical 
and mechanical properties of steel. With the recent 
advent of new experimental steelmaking practices it 
is now possible to obtain steels with extremely low 
contents of such elements as oxygen and nitrogen. 
Present methods for determining these two gases 
are of insufficient sensitivity as applied to steels 
made by these newer practices, and therefore a new 
technique was considered necessary. 

A review of the literature showed that the conven- 
tional vacuum-fusion method’ was the procedure 
most suitable for modification to obtain a sensitive 
method for determining the gaseous elements pres- 
ent in steel simultaneously. However, for trace 
amounts of gases it is impractical to increase the 
sample size because of the physical limitations of 
the apparatus and the increased degassing time 
which would be necessary. Also, when only one of 
the desired gases is present in trace amounts, 
quantitative separation by conventional vacuum fu- 
sion is almost impossible. Since small analytical 
mass spectrometers are now commercially avail- 

i able, it was decided to use this instrument in con- 
junction with conventional vacuum fusion for both 
qualitative examination and quantitative determina- 
tions of the gaseous elements in steel. This tech- 
nique has already been used with success for the 
analysis of copper and lanthanum.*~* 


APPARATUS 


A vacuum-fusion unit was first designed and built, 
Fig. 1. This unit was designed especially for the 
determination of small amounts of nitrogen and/or 
oxygen in steel since an acceptable method (vacuum 
tin-fusion)® was already in use for the determination 
of hydrogen in steel. The vacuum system was con- 


J. F. MARTIN, J. E. FRIEDLINE, L. M. MELNICK, and G. E. 
PELLISSIER, Member AIME, are associated with the U. S. Steel Corpo- 
ration, Applied Research Laboratory, Monroeville, Pa. 
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structed of Pyrex glass throughout. Mercury check 
valves were used in place of stopcocks in the high- 
vacuum section of the system. Ferromagnetic 
samples are normally introduced into the vacuum 
system through a mercury lift. In case of a break 
in the lift, the mercury is prevented from entering . 
the furnace by a self-locking, mercury safety check 
valve, Fig. 2. This check valve, developed at our 
laboratory, is a modified T/S ball-and-socket joint 
placed in the sample inlet system between the mer- 
cury and the furnace. A sudden entry of mercury or 
air pushes this valve into the closed position, com- 
pletely blocking the top of the mercury lift. The 
check valve is held in the closed position by the vac- 
uum of the apparatus. A separate entrance tube also 
was placed in the system, so that samples which 
would amalgamate with mercury, or which are non- 
magnetic, could be introduced into the furnace. 

A slightly modified Guldner-Beach furnace is used 
in this system.°® The optical flat was connected to 
the system by a ground-glass joint to facilitate 
cleaning, a quartz delivery tube was substituted for 
Pyrex, and the crucible was used uncovered. Fusion 
takes place in a high-purity graphite crucible insu- 
lated by —200-mesh high-purity graphite powder. 
The crucible set (crucible and funnel) is suspended 
in a quartz crucible. The furnace envelope and the 
sample inlet system are exhausted by 2 single-stage, 
mercury-diffusion pumps in series. The first of 
these is a high-speed pump, which will work only 
with a very low backing pressure. This pump is 
used to exhaust the gases from the furnace as ra- 
pidly as possible. The second mercury-diffusion 
pump is used as a backing pump for the first; the 
capacity of this pump is much lower. However, it 
will work efficiently against a back pressure of 
3mm of mercury. To assure positive pumping, a 
modified Naughton and Uhlig condenser’ is used. 
With the use of proper valving the second pump is 
also used as a circulation pump in the catalyst 
system. 
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Fig. 1-Vacuum-fusion apparatus for 
extracting gases from steel. Se 


To MS 


ML—Mercury lift 


C —Mercury safety check valve 
A —Graphite crucible 


FP —Forepump 


DP —Mercury-diffusion pump 


S  —Stopcock 


The measuring system consists primarily of a 
McLeod gage in a known volume. The initial known 
volume is 700 cc, and it is connected to 3 expansion 
volumes, two of 1000 cc and one of 500 cc capacity. 
Therefore up to 3200 cc of gas at a pressure of 
2 mm of mercury can be contained in these volumes. 
Connected directly to the measuring system is the 
catalyst. The catalyst, described by Walter,® is a 
mixture of rare earth and copper oxides. It is 
maintained at a temperature of 325°C. A freeze- 
out trap is incorporated in this part of the system 
so that the water vapor or carbon dioxide may be 
frozen out when the unit is being used for conven- 
tional vacuum-fusion analysis. 

The exhausting system consists of a 3-stage, 
mercury-diffusion pump backed by a mechanical 
forepump. A liquid-nitrogen trap was inserted in 
the system between these 2 components to prevent 
back diffusion of the oil vapors from the mechanical 
forepump. Mercury check valves were used in 
place of barometric-length, mercury cut-offs to 
assure positive closures and reduce the amount of 
mercury needed in the system. Also, the replace- 
ment of all stopcocks by mercury check valves pre- 
cludes the possibility of adsorption by stopcock 
grease and eliminates a possible source of leaks 
in the high-vacuum section. 

A direct high-vacuum line connects this vacuum- 
fusion apparatus to a Consolidated Electrodynamics 
Corp. Model No. 21-610 mass spectrometer. A 
complete description of this instrument is beyond 


Jo Furnoce 


To FP, 
FF, 


C —Mercury cut-off 

K —Catalyst furnace 

T —Trap 

V —Calibrated volume 
G —McLeod gage 
MS—Mass spectrometer 


the scope of this paper, and it may be found in lit- 
erature supplied by the manufacturer. 

The mass spectrometer was calibrated for the 
following gases: Hydrogen, oxygen, nitrogen, car- 
bon monoxide, carbon dioxide, argon, methane, and 
water vapor. Since this instrument has good reso- 
lution only to mass number 44, it was not calibrated 
for sulfur compounds. 


PROCEDURE 


Prior to the analysis of any samples, blank con- 
ditions were established. Blanks were collected 
after each crucible change and at the beginning of 
each day. 

Since no standard steel samples certified for 
oxygen and nitrogen content were available, the 8 
cooperative steel samples of the National Bureau 
of Standards’ were analyzed for these gases, and 
the results were compared with the reported values. 
These samples are all low or medium-carbon 
steels, and include Bessemer screw stock, rimmed 
steel, and a 1 pct manganese steel. 

The analysis of the aforementioned steel samples 
was used to set up a standard operating procedure. 
In setting up this procedure some of the gas mix- 
tures were transferred directly to the mass spec- 
trometer after a pressure measurement, while 
others were catalytically oxidized prior to transfer 
to the mass spectrometer. It was found that after 
oxidation a reproducible gas sample could not be 


Bor Magnet 


Fig. 2—Mercury check valve. 
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transferred to the mass spectrometer because of 
the difficulty in pumping over the water vapor. The 
gas mixture after transfer was in effect enriched 
in carbon dioxide and nitrogen. Thus, high values 
were obtained for oxygen and nitrogen, whereas low 
values were obtained for hydrogen. Hence, all sub- 
sequent analyses were made on the unoxidized gas 
samples. Analyses were made for hydrogen, nitro- 
gen, and oxygen in various grades of steel. All re- 
sults were normalized to 100 pct. Following is the 
procedure. 

The Guldner-Beach furnace is charged by floating 
a graphite crucible upon a %-in. base of —20-mesh 
graphite powder inside a clear quartz tube. The 
crucible is surrounded with loosely packed —200- 
mesh graphite, and a graphite funnel is inserted into 
the neck of the crucible. A 7/-in. layer of —20- 
mesh graphite is then placed over the —200-mesh 
graphite. The quartz tube and its contents are sus- 
pended by platinum wires from the top of the fur- 
nace. The furnace system is sealed using Apiezon W 
wax and a T/S 71/60 joint. 

The furnace portion of the system is evacuated by 
closing stopcock S14 and partially opening stopcock 
S15 until the mechanical forepump FP1 just begins 
to become noisy. When FP1 becomes quiet, FP2 
may be started, and after it quiets down, S15 is 
closed and mercury cut-off C10 is closed. Mercury- 
diffusion pumps DPI, 2, and 3 are turned on, and the 
system is evacuated until a vacuum in the order of 
10 w is reached. The high-frequency induction unit 
is started, and the furnace is outgassed for 2 hr at 
2400° to 2500°C, or until the pressure reading on 
the McLeod gage is of the order of 3 » at a temper- 
ature of 2400°C. 

A blank is determined in the following manner: 

The furnace temperature is lowered to 1650°C, all 
mercury cut-offs except C2 are raised, and the fur- 
nace gases are collected for 10 min. The collected 
gases in the analytical portion of the system are 
isolated by raising C2, and the pressure of the gas 
is measured by means of a McLeod gage. Fora 
pressure reading of 10 uw or under, the blank may 
be neglected. If the pressure is over 10 yu fora 
10-min period, the blank is collected for an hour, 
a pressure reading is taken, and the blank is then 
transferred to the mass spectrometer by lowering 
cut-offs C9 and C3. Mass spectrometric analysis 
of the blank is then carried out. 

For analysis of steel, a sample about % in. sq or 
% in. diam is used. The sample weight will vary 
between 0.5 and 15 g, depending on the gas content. 
The oxide film is removed on a slow-speed grinding 
wheel, using 180-grit silicon-carbide paper. Next, 
the sample is washed successively in acetone, ben- 
zene, and acetone. All traces of solvent are re- 
moved by holding the sample in a stream of warm, 
dry, oil-free air. The sample is then weighed to 
the nearest mg on an analytical balance. 

The previously prepared sample is introduced 
through the mercury lift (ML) by means of a mag- 
net. The system is evacuated until the pressure 
falls below 0.2 yu to dispel any afr carried through 
the mercury by the sample. All mercury cut-offs 
are then raised except C2. The sample is dropped 
into the graphite crucible, which is at a tempera- 
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ture of 1650°C, and normally 10 min (which is usu- 
ally sufficient time to return to a blank rate of gas 
collection) is allowed for the gases given off to be 
collected in the analytical portion of the vacuum- 
fusion unit. Cut-off C2 is raised, and the pressure 
of the gas given off by the sample is determined on 
the McLeod gage. Should the pressure be too high 
to determine, one or more of the calibrated ex- 
pansion volumes (V1, V2, V3) will have to be opened 
and the gas allowed to expand until a McLeod-gage 
reading can be made. During collection of the gas, 
a background pattern is run on the mass spectrom- 
eter. After the pressure reading, cut-off C3 is 
lowered to allow the gas to be pumped over to the 
mass spectrometer. The gas is again collected 
until a pressure of approximately 100 yu is allowed 
to build up in a 3-liter expansion volume; then 2 min 
is allowed for the gas to flow through the gold leak 
into the diatron of the mass spectrometer. During 
this time, the mass spectrometer is set to scan 
low-mass numbers to determine hydrogen. At the 
top of the hydrogen peak, a stop watch is started, 
and a second time interval of 1 min is allowed to 
pass while the instrument is readied for scanning 
higher mass numbers. After completing the full 
scan (mass numbers 2 through 44), the mass 
spectrometer is pumped out for 10 min in prepara- 
tion for the next sample. 

Following are the gases determined and the re- 
spective mass/charge peaks used: CO,—44, A—40, 
O,—32, H,O—18, CH,—15, CO—12, N,—14, and 
H,—2. From the calibrations with pure gases, and 
the contributions of the individual gases to the re- 
corded mass-spectrometric pattern of the unknown 
sample, the partial pressure of each gas may be 
calculated by conventional mass-spectrometric 
techniques. The percent of gas in the original 
sample may then be calculated using the ideal gas 
law. 


EVALUATION OF THE METHOD 


Blanks—In obtaining blanks, it was found that the 
time necessary to collect a sufficient amount of gas 
to analyze on the mass spectrometer was lhr. To 
save time, a blank was collected for 1 hr after each 
crucible change, and a 10-min blank was collected 
each day. A satisfactory blank was considered to 
be less than 8 y-liters of gas collected in a 10-min 
period. Table I lists the components found in a 
typical blank. From the composition of the blank, 
it was evident that only in the analysis for hydrogen 
is the blank of any significance. There are two pos- 


Table |. Composition of Blank Gas 


Constituent Range, Pct Average Value, Pct 

Argon 0-0.2 0.1 

Carbon monoxide 5-10 8 

Carbon dioxide 0.5—3 25 
Hydrogen 60-90 80 

Methane 0-—0.2 0.15 
Nitrogen 5-10 8 

Oxygen 1-2.5 2 

Water 2-6 4 


Amount of gas sample = 10 p-liters 
Time of collection = 1 hr 
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Table Il. Analysis of National Bureau of Standards Cooperative Steels for Oxygen and Nitrogen 


Avg NBS®# Experimental Avg NBS? 


Experimental 


Average Composition of Gas, Mole Pct 


Sample No. Pct Oxygen Pct Oxygen? Pet Nitrogen Pct Nitrogen> CO, A O,; H,O CH, CO N, H, 
1 0.018 0.023 0.003 0.003 0.19 0.04 0.17 0.11 0.07 91.39 5.51 2.48 
2 0.017 0.016 0.004 0.003 0.08 0.05 0.01 0.03 0.06 87.39 10.27 2.23 
3 0.017 0.011 0.014 0.012 0.11 0.04 0.02 0.09 0.07 57.25 39.19 3.26 
4 0.002 0.002 0.005 0.003 0.45 0.10 0.16 0.27 0.18 47.69 37.62 13.54 
§ 0.009 0.007 0.004 0.005 0.16 0.04 0.01 0.06 0.07 70.73 24.85 4.09 
6 0.007 0.007 0.004 0.003 0.19 0.10 0.01 0.05 0.12 68.35 17.86 13.35 
7 0.106 0.107 0.005 0.005 1.07 0.02 0.01 0.04 0.02 94.90 3.08 0.91 
8 0.017 0.020 0.004 0.004 0.07 0.03 0.01 0.03 0.05 87.86 8.75 3.18 


8All NBS results are averages of results submitted by 34 cooperating laboratories in 1936. 
bAll experimental results are averages of triplicate analyses. Average deviation from average values for both the oxygen and nitrogen results is 


0.001 pct. 


sible sources of the gas which makes up the blank: 
1) there is a constant degassing of the graphite 
crucible and insulating powder, and 2) under the 
reduced pressure some of the adsorbed gases on the 
walls of the vacuum system are freed. 

Trace amounts of argon and methane were found 
in the blank, each usually less than 0.15 pct of the 
total gas. In steels made under an inert atmosphere 
of argon, and in vacuum-melted steels where some 
alloy additions were made under a partial pressure 
of argon, no increase in the level of argon was de- 
tected. 

An inherent characteristic of all vacuum systems 
is the trace of water vapor which is always present. 
Mass-spectrometric analysis showed that in general 
the highest level of water vapor occurred with the 
first sample of the day, with the level becoming pro- 
gressively lower with each succeeding sample. 

Since in the vacuum-fusion furnace an excess of 
graphite heated to1650°C is always present, any 


oxygen from the steel will be converted to CO with 
possibly a trace of CO,. The amount of oxygen 
found as O, during analysis is usually less than 
0.10 pct, and this can be accounted for by the oxygen 
in the blank. 

Time for Analysis— The time required for the 
complete analysis of a single sample, including 
sample preparation and calculation of results, is 
about 70 min. However, when analyzing a series 
of samples, fusion and collection of the gases may 
be carried out for one sample while the mass- 
spectrometer pattern is being obtained for the pre- 
vious sample. In this way, complete analysis of a 
sample can be accomplished in 40 min. 

Precision and Sensitivity— Analysis of the co- 
operative steel samples of the National Bureau of 
Standards provided sufficient results to establish 
the validity of the method. The good agreement 
between the results obtained with the mass-spec- 
trometric system and the reported NBS values is 
shown in Table II. (It should be noted that these 
values were obtained in 1936. Since then, im- 
provements have been made in the technique for 
determining oxygen and nitrogen.) All samples 
were run in triplicate. The average deviation from 
the average values for both oxygen and nitrogen re- 
sults (for the range 0.002 to 0.107 pct O, and 0.003 
to 0.012 pct N,) was 0.001 pct. Also listed in Table 
II are the compositions of the extracted gases. It 
can be seen that CO, H,, and N, accounted for over 
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98 pct of each gas sample. Trace amounts of CO,, 
CH,, and H,O were found in most of the samples. 

Since the analysis for nitrogen and oxygen was of 
more importance in this study than the determina- 
tion of hydrogen, most of the samples were stored 
at room temperature, and the hydrogen contents are 
therefore low. Attempts were made to obtain sam- 
ples where either the nitrogen or the oxygen content 
predominated, and also where both nitrogen and 
oxygen contents were less than 0.001 pct. This was 
done to show the versatility of the vacuum fusion- 
mass spectrometric procedure. Although a satis- 
factory technique for hydrogen is presently being 
used in our laboratory (vacuum tin-fusion*“), this 
element also was determined in all samples. These 
results are shown in Tables III, IV, and V. In 
Table VI are hydrogen results obtained on samples 
stored in liquid nitrogen. 

In the analysis of steel 9 (see Table III), several 
samples were taken from a section of a sheet of 
hot-rolled, 3.20 pct silicon steel, 33 in. wide, 5 in. 
long, and 0.09 in. thick. Nine samples were ana- 
lyzed from various positions across the width of the 
sheet in the as-received condition. Adjacent sam- 
ples were annealed in a wet-hydrogen atmosphere at 
1250°F before analysis. Results for oxygen, nitro- 
gen, and hydrogen are given in Table III. Also given 
in Table III are average gas compositions and vol- 
umes, sample composition and weights, and several 
comparative Kjeldahl nitrogen values. 

For the material in the as-received condition, the 
average nitrogen and oxygen contents are both 0.004 
pet, the respective average deviations being 0.0006 
and 0.0007 pct. The hydrogen content was 0.73 ppm 
with an average deviation of 0.12 ppm. Asa result 
of the high-temperature annealing, both the nitrogen 
and hydrogen contents were reduced. The oxygen 
content was over 10 times greater than the nitrogen 
content, and the respective average deviations were 
both considerably reduced. 

Silicon from these samples tended to attack the 
walls of the graphite crucible, and it was found that 
adding graphite chips to the crucible after the gas 
had been extracted from the steel minimized this 
attack. As a result, up to 7 silicon-steel samples 
could be run consecutively with no noticeable get- 
tering by the silicon or attack of the crucible walls. 

Similar figures are presented in Table IV for a 
nickel-molybdenum-vanadium, rotor-forging grade 
of steel. Ten samples from top to bottom of a ver- 
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Table Ill. Determination of Gases in Steel 


Analysis of Steel 9 


Pct Nitrogen Pct Oxygen Hydrogen, Ppm Average Gas 
Kjeldahl VFMS* VFMS VFMS Composition, Pct 
0.006 0.005 0.004 0.46 co, 0.18 
0.006 0.005 0.004 0.92 A 0.06 
0.006 0.005 0.005 0.60 Oo, 0.07 
0.004 0.005 0.78 H, 0.54 
0.004 0.004 0.71 CH, 0.09 
0.004 0.005 0.89 co 58.10 
0.004 0.005 0.70 N, 32.64 
0.003 0.005 0.67 H, 8.25 
0.005 0.003 0.86 
Average 0.004 0.004 0.73 
Average deviation 0.0006 0.0007 0.12 
Average sgmple weight = 6.4 g. Average amount of gas = 560 y-liters 
After High-Temperature Anneal 
0.001 0.0002 0.005 0.25 co, 0.24 
0.001 0.0002 0.005 0.40 A 0.05 
0.001 0.0002 0.005 0.34 Oo, 0.02 
0.0003 0.005 0.38 H,O 0.35 
0.0002 0.005 0.61 CH, 0.11 
0.0002 0.005 0.47 co 90.36 
0.0005 0.005 0.52 N, 2.52 
0.0003 0.004 0.45 H, 6.30 
0.0002 0.005 0.59 
Average 0.0003 0.005 0.45 
Average deviation 0.00009 0.0001 0.09 
Average sample weight = 5.8 g. Average amount of gas = 375 y-liters 
Composition of Steel 9, Pct 
Cc 0.004 Cu 0.03 
Mn 0.046 Ni 0.02 | 
P 0.006 Cr 0.02 
Ss 0.002 Mo 0.01 
Si 3.20 Ti 0.005 
*VFMS — Vacuum fusion-mass spectrometry. | 
Table IV. Determination of Gases in Steel Table V. Determination of Gases in Steel 
Analysis of Steel 10 Analysis of Steels 11 and 12 | 
Pct Pct Hydrogen, Pct Pet Hydrogen, y 
Sample No. Nitrogen Oxygen Ppm Sample No. Oxygen Nitrogen Ppm 1 
A 0.0001 0.0004 0.27 11-A 0.025 0.0002 0.44 
Be 0.0002 0.0002 0.25 11-B 0.024 0.0001 0.70 t 
Cc 0.0003 0.0001 0.17 11-C 0.024 0.0002 0.42 < 
D 0.0002 0.0005 0.17 11-D 0.024 0.0001 0.68 
E 0.0002 0.0005 0.19 12 0.0005 0.013 0.79 t 
F 0.0003 0.0004 0.30 E 
a 
Typical Composition of Gas Sample 11, Pct I 
I 0.0003 0.0006 0.27 n 
0.0003 0.0002 0.20 co, 
A .04 
Average 0.0002 0.0004 0.22 0, 0.02 Pp 
H,0 0.05 s 
Average deviation 0.00006 0.0002 0.04 CH, 0.02 7 
co 97.44 
Composition of Steel 10, Pct Average Composition of Gas, Pct N, 0.51 Q 
H, 1.38 
= Average amount of gas = 156 p-liters. 
c 0.16 co, 0.05 Average sample weight = 5.6 g. 
Mn 0.45 A 0.05 
z eo to Mem tical slice from the middle of the ingot, were ana- 
Si 0.33 CH, 0.15 lyzed. This steel was made by vacuum melting, and 
Ni 2.80 Co 45.50 both the nitrogen and oxygen contents are low. The 
Mo 0.59 N, 23.00 light diff bet th 
Vv 0.031 H, 28.00 slig erences between the average deviations 1; 
obtained in these analyses and those given in Table 
*Gas extracted at 1800°C for 20 min. II are no doubt mainly a reflection of different de- ‘ 
Average sample weight = 14 g. Average amount of gas = 97y-liters. grees of segregation of the gases in the two series : 
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Table VI. Determination of Hydrogen in Steel 


Hydrogen, Ppm 
Vacuum 
Sample Type of Tin- Mass 
No Steel Fusion Spectrometer Deviation 
10-F Ni-Mo-V 0.31 0.30 0.01 
10-C 0.21 0.17 0.04 
10-G 0.21 0.21 0.00 
13 Ni-Mo-V 4.67 4.59 0.08 
14 4.64 4.63 0.01 
15 4.07 4.30 0.23 
16 4.42 4.46 0.04 


Average deviation 0.03 


Samples 10-F, 10-C, and 10-G are slices from a large section and 
13 to 16 are hydrogen-charged portions of sample 9. 


of samples. To determine whether extraction was 
complete, the fusion time was increased from 10 to 
20 min and the temperature raised from 1650° to 
1800°C for 3 of the samples. No increase was noted 
in the amounts of any of the constituents recovered. 

In Table V are results obtained on a low-metal- 
loid, vacuum-melted steel (sample No. 11), and on 
a 1 pct chromium steel (sample No. 12). These re- 
sults show the applicability of the procedure where 
either the oxygen or the nitrogen greatly predomi- 
nates. 

The comparatively small sample weights needed 
to detect trace amounts of nitrogen or oxygen, or 
both (see Tables III, IV, and V), illustrate one of the 
important advantages of the mass-spectrometric 
method over conventional techniques for analyzing 
gases extracted by vacuum fusion; e.g., fractional 
freezing and thermal conductivity. With the latter 
procedures much larger samples would be neces- 
sary. This would require longer outgassing times 
and more frequent crucible changes. Also, the de- 
termination of a trace amount of one constituent in a 
large amount of gas is often inaccurate by the con- 
ventional methods. 

Although the objective of this development ini- 
tially didnot include the determination of hydrogen, 
several samples were analyzed for hydrogen by 
this technique, and also by the vacuum tin-fusion 
procedure. These results are shown in Table VI. 
For samples 10F, C, and G the results by both 
methods are in good agreement. These results 
represent the high, low, and average values re- 
ported in Table IV. Excellent agreement of re- 
sults also was obtained on samples Nos. 13—16. 
These samples had been degassed and then hydro- 
gen-charged at high temperature and pressure. 


The results indicate that mass-spectrometric 
analyses for hydrogen are reliable. Since this 
method requires about 40 min per sample, com- 
pared to 10 min by vacuum tin-fusion, it is used 
for hydrogen only when analysis for oxygen and 
nitrogen is also required. 

Since mass spectrometry gives a good qualitative 
picture of the gases evolved by the steel, several 
high-sulfur (0.50 pct S) steels were analyzed to see 
whether any gaseous sulfur compounds (H,S, SO,, 
COS) were released on fusion. Presence of sulfur 
compounds after fusion of metals containing greater 
than 1 pct sulfur had been reported previously.° No 
trace of these sulfur compounds was found in this 
investigation. 


SUMMARY 


A method has been developed for determining 
gases in steel in which the gases extracted by vac- 
uum fusion are transferred directly to a mass spec- 
trometer for analysis. This method is especially 
applicable for determining small amounts of oxygen 
and/or nitrogen in steel. As little as 0.0001 pct of 
either gas may be determined. 

For small gas contents, this technique utilizes 
smaller samples than conventional vacuum -fusion 
analysis, thus reducing the outgassing time and the 
frequency of crucible changes. Complete analysis 
of a steel sample can be accomplished in 40 min. 
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The Relationship between Electrical and Thermal 


Conductivities of Titanium Alloys 


Electrical and thermal-conductivity measurements have been made on titanium and 
6 titanium alloys. The following expression was derived for calculating thermal con- 
ductivity from electrical conductivity: 


K = 0.626 oT X 10° + 0.00497 


where 


K = thermal conductivity, cal sec-! cm? cm°C™ 

go = electrical conductivity, 

T = temperature, deg Kelvin 
This expression gives calculated thermal conductivities that are not in error by more 
than 10 pct from the experimental values for A-55 titanium and the 6 alloys measured; 


namely, A-110AT, C-110M, C-130AM, Ti-6Al-4V, Ti-140A, and Ti-155A, which are 
representative of the presently available commercial a and a-§ titanium alloys. 


H. W. Deem, W. D. Wood, and C. F. Lucks 


THERMAL conduction in a gas, liquid, or amor- 
phous solid is accomplished by energy diffusion 
from molecule to molecule, a relatively slow proc- 
ess. For this reason, such materials have a low 
thermal conductivity. When a material is crystal- 
line, there is in addition a heat transfer by a vibra- 
tory motion of the crystal lattice. It is the contri- 
bution of this lattice conduction that makes a crystal 
a much better conductor than a gas, liquid, or 
amorphous solid. 

Lattice conduction, however, does not account for 
the relatively enormous thermal conductivity of a 
metal. This is explained by the freedom of move- 
ment of valence electrons. These valence electrons 
drift in a metal ip a direction toward a drop in elec- 
trical potential and, to a lesser degree, in the direc- 
tion of a temperature drop in the metal. 

Since both the electrical and thermal conductiv- 
ities of a metal depend upon the presence of free 
electrons, there should be some relatively simple 
relation between the two. Wiedemann and Franz in 
1853 first discovered an approximate empirical re- 
lation between the electrical and thermal conductiv- 
ities of metals at the same temperature. This ratio 
varies appreciably with temperature, and Lorenz 
later showed that by adding a temperature factor to 
the Wiedemann- Franz ratio the value of K/(oT) is 


H. W. DEEM, W. D. WOOD, Member AIME, and C. F. LUCKS, are 
associated with the Titanium Metallurgical Laboratory, Instrumentation 
Division, Battelle Memorial Institute, Columbus, Ohio. 
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constant, where K is the thermal conductivity, o the 
electrical conductivity, and 7 the absolute tempera- 
ture. This Lorenz constant shows a greater varia- 
tion for alloys than it does for pure metals, the ratio 
increasing slightly as the proportion of alloying ele- 
ments increases. It has been found that a closer 
correlation between electrical conductivity and 
thermal conductivity can be obtained by means of an 
equation of the form 


K = AoT+B [1] 


where A and B are constants. In this equation the 
term AoT is the contribution of electronic conduc- 
tion and B is the contribution of lattice conduction 
to the total thermal conductivity. 


EXPERIMENTAL MEASUREMENTS 


Electrical-resistivity and thermal-conductivity 
measurements on titanium and 6 titanium alloys 
serve as the basis for determining an equation of 
the K = AoT+ B type for titanium alloys. 

Specimens— Table I shows nominal compositions 
of the 7 metals on which electrical and thermal 
conductivities were measured. The electrical and 
thermal-conductivity specimens for each alloy were 
taken from stock of the same heat and usually from 
adjacent sections of the same bar. All of the metals 
measured were in a mill-annealed condition. 

Methods—Electrical-resistivity measurements 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table |. Nominal Compositions of Titanium Alloys 


Weight Pct® 


< 


Material Al 


A-55° 
A-110AT 5 
C-110M° 
c-130AM4 4 

5 


Ti-6Al-4V 
Ti-140A 
Ti-155A 


@Balance titanium. 

>Unalloyed, formerly designated RC-55. 
Formerly designated RC-130A. 
dFormerly designated RC-130B. 


were made using the voltage-drop method. The 
specimens were cylinders approximately 6 in. long 
and % in. diam with the voltage drop measured 
over the center 4 in. of the specimen. Titanium 
wires, spot-welded to the specimen, were used 

for current and potential leads. The specimens 
were protected by a vacuum of approximately 

5x 107° mmof Hg. A large storage battery was 
used to supply a direct current, the magnitude of 
which was measured by the voltage drop across a 
standard resistor in series with the specimen. 
Measurements were taken with the current flowing 
normally and reversed and the values averaged to 
minimize the effects of thermal and induced poten- 
tials. Errors of the electrical resistivities shown 
are estimated not to exceed 1 pct. 

The apparatus and method used in making the 
thermal-conductivity measurements were essen- 
tially the same as the steady-heat-flow method 
described by M. S. Van Dusen and S. M. Shelton.* 
The method, in brief, consists in heating one end 
of a specimen, measuring the temperature gradients 
along the specimen, and determining the rate of heat 
flow through the specimen by means of a metal 
standard of known thermal conductivity attached to 
the cold end of the specimen. Radial heat flow into, 
or away from the specimen is minimized by radia- 
tion shielding and an encircling guard tube in which 
temperatures are adjusted, as nearly as possible, 
to match those in the specimen and standard at 
corresponding levels. The radiation shielding used 
consisted of small pellets rolled from fractional- 
mil-thick tantalum foil, poured into the annular 
space between the specimen assembly and the guard 
cylinder. The specimens were protected by a vac- 
uum of approximately 5 x 107° mm of mercury dur- 
ing the measurements. Five 36-gage Chromel- 
Alumel thermocouples were wedged in holes equally 
spaced along the specimen, and two similar thermo- 
couples were placed in the Armco-iron standard. 
This permitted the calculation of 4 thermal-con- 
ductivity values, each at a different mean tempera- 
ture, for each thermal equilibrium. 

The absolute error of the experimental thermal- 
conductivity values is estimated not to exceed 5 pct, 
the chief uncertainty being the thermal conductivity 
of the Armco iron used as a reference standard. 
Comparisons of the experimental thermal conduc- 
tivities of the 7 metals measured can be made, how- 
ever, with an error estimated not to exceed 2 pct 
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because the reference standards for all measure- 
ments came from the same heat of Armco iron. 

Armco iron has been widely used as a reference 
standard for steady-heat-flow thermal-conductivity 
measurements because of its stability with thermal 
cycling. Initially, it was calibrated using Bureau of 
Standards melting-point lead. Other thermal- 
conductivity measurements, both comparative and 
absolute, indicate that the thermal conductivity of 
Armco iron is known to about + 3 pct. The thermal- 
conductivity values used for the Armco-iron refer- 
ence material are shown in Table II. 

Results—A least-squares analysis was made of 
the experimental electrical and thermal-conductivity 
values for the 7 metals, and an expression was de- 
rived which shows the thermal conductivity in terms 
of the electrical conductivity and temperature. The 
relation is as follows 


K = 0.6260T X 107* + 0.00497 [2] 


where 

K = thermal conductivity, cal sec>*cm™*cm°C™* 

o = electrical conductivity ohm~*cm™' 

T = temperature, deg Kelvin 

The expression and units in the equation are in 
the most conventional form found in the literature. 

Table III shows interpolated experimental elec- 
trical-resistivity and thermal-conductivity values 
for the titanium and 6 titanium alloys shown in 


Table I. Table III also shows values of thermal 
conductivity calculated from the derived expression 
and shows the differences, expressed in pct, of the 
calculated thermal-conductivity values compared 
with the experimental values. The average differ- 
ence is less than + 3 pct and, with the exception of 
the low-temperature data for Ti-155A, all differ- 
ences are less than 10 pct. 

The alloys measured to derive the expression are 
representative of the presently available a and a-f 
commercial titanium alloys. The expression should 
be useful in calculating thermal conductivity from 
electrical conductivity for other commercial a and 
a-f titanium alloys, with errors comparable to 
those shown in Table III. 


OTHER INVESTIGATIONS 


The Lorenz constant (A, in Eq. [1]) has been de- 
termined theoretically, using the free-electron the- 


Table Il. Thermal-Conductivity Values for Armco lron® 


Thermal Conductivity, 
cal sec”! cm™* 


0.175 
0.161 
0.144 
0.129 
0.115 
0.103 
0.094 
0.083 
0.071 
0.059 


Temperature, 
° 


®The Armco iron used as a reference standard in the steady-heat- 
flow, thermal-conductivity measurements made on titanium and titanium 
alloys. 
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Table lil. Interpolated Experimental Electrical and Thermal Conductivity of Titanium and Titanium Alloys, Also Calculated 
Thermal-Conductivity Differences 


Calculated© Calculatedc 
Experimental Values Experimental Values 
Thermal Con- Thermal Con- Thermal Con- Thermal Con- 
Temperature, Electrical Resis- ductivity cal ductivity, Temperature, Electrical Resis- ductivity cal ductivity, 
tivity> ohm-cm sec!cm~? Difference tivity ohm-cm sec”! cm"? Difference 
°F °Ke x 106 em°C-! Pct oF °Ke x 106 em°C"! Pct 
A-55 Ti-6A1-4V 
100 311 52 0.0451 -5.8 100 171 0.0174 6.3 
200 366 63 0.0442 -6.1 200 366 174 0.0184 -1.6 
300 422 72 0.0434 -4.4 300 422 177 0.0196 1.5 
400 477 83 0.0430 -4.4 400 477 180 0.0212 1.9 
500 533 92 0.0426 -3.3 500 533 182 0.0229 12 
600 589 101 0.0422 -1.9 600 589 184 0.0248 0.8 
700 644 110 0.0426 -2.1 700 644 185 0.0267 0.4 
800 700 118 0.0426 -0.9 800 700 187 0.0285 -0.4 
900 755 125 0.0434 -1.6 900 755 188 0.0303 -0.7 
1000 811 132 0.0438 -1.1 1000 811 188 0.0322 -0.6 
A-110AT Ti-140A 
100 311 148 0.0187 -3.2 100 311 78 0.0285 4.9 
200 366 154 0.0200 -1.0 200 366 86 0.0293 7.8 
300 422 159 0.0215 0.5 300 422 95 0.0301 9.0 
400 477 165 0.0229 0.9 400 477 103 0.0310 9.4 
500 533 170 0.0244 0.8 500 533 111 0.0320 9.4 
600 589 174 0.0260 0.8 600 589 119 0.0332 8.1 
700 644 177 0.0277 0 700 644 125 0.0346 4 
800 700 180 0.0294 -0.3 800 700 132 0.0362 5.5 
900 755 183 0.0311 -1.0 900 755 138 0.0378 3.7 
1000 185 0.0331 -2.1 1000 811 143 0.0396 2.0 
C-110M Ti-155A 
100 93 0.0263 -1.5 163 0.0198 -14.6 
200 366 100 0.0275 1 200 366 166 0.0207 -9.2 
300 422 108 0.0291 1.0 300 422 169 0.0217 -5.1 
400 477 115 0.0306 1.0 400 477 172 0.0229 -5.7 
500 533 122 0.0320 0.9 500 533 175 0.0241 -0.4 
600 589 128 0.0334 0.9 600 589 177 0.0255 wy. 
700 644 135 0.0346 0.6 700 644 179 0.0271 1.5 
800 700 141 0.0363 -0.8 800 700 180 0.0288 L7 
900 755 146 0.0382 -2.4 900 755 181 0.0307 1.0 
1000 811 151 0.0399 -3.3 1000 811 182 0.0329 -0.3 
C-130AM 
100 311 161 0.0167 1.8 
200 366 165 0.0184 2.2 
300 422 169 0.0200 3.0 
400 477 173 0.0217 y | 
500 533 176 0.0236 L3 
600 589 179 0.0253 1,2 
700 644 181 0.0272 0 
800 700 183 0.0291 -0.7 
900 755 184 0.0313 -1.9 
1000 185 0.0334 -3.0 


*Temperature, 7’, deg Kelvin, as used in expression. 


bElectrical conductivity, ¢, ohm~'cm~', as used in expression is the reciprocal of the electrical resistance in ohm-cm. 
°Thermal conductivity, as calculated from expression K = 0.626 o T x 10-® + 0.00497 compared to the experimental values. 


ory of metals, to be 
0.585 x 107*® cal ohm cm 


The experimental determination of this constant for 
alloys, however, shows considerable variation from 
this figure. A number of investigations have de- 
termined the values of constants A and B, and the 
results of these evaluations for 6 different alloy 
systems are shown in Table IV. 

The results obtained by using Eq. [2] as deter- 
mined by this research for titanium alloys are in 
general agreement with those obtained using the 
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equations shown in Table IV for other alloy systems. 
It is concluded, that Eq. [2] may be used, with a fair 
degree of accuracy, to calculate the thermal conduc- 
tivity of a and a-f titanium alloys if the more read- 
ily determined electrical conductivity is known. 
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Table IV. The Relationship between Thermal Conductivity and Electrical Conductivity for Different Alloy Systems 


Range of Percentage Differ- 
ences of Calculated-Versus- 


Temperature Experimental Values Using 
Alloy System Thermal Conductivity, K Reference Range, °C Equations Shown 
Aluminum  K =0.502 o Tx 10°* + 0.003 2 0 to 400 + 6 
Beryllium® = (0.614 -—59.49) T x + 64.02 — 0.036 3 50 to 350 t 6 
T 

Copper K = 0.571 o T x 10°* + 0.018 4 20 to 200 +10 
Iron K = 0.625 o T x 10° + 0.006 5 0 to 300 +10 
Magnesium K =0.516 o Tx 107° + 0.022 6 20 to 250 + 5 
Nickel K = 0.510 o T x 10° + 0.020 7 -125 to 1000 +10 

K = thermal conductivity, cal sec”! cm7? 

o = electrical conductivity, ohm™* 

T = temperature, deg Kelvin. 

@Beryllium metal, commercial, as received or heat treated. 

Rem-Cru, Incorp., of Midland, Penn., gave per- REFERENCES 


mission to use data on their Alloys A-110AT, 
C-110M, and RC-55. 

The Titanium Metals Corp. of America, Hender- 
son, Nev., gave permission to use data on their 
Alloys Ti-6Al-4V, Ti-140A, and Ti-155A. 

The Titanium Metallurgical Laboratory, Battelle 
Memorial Institute, Columbus, Ohio, sponsored 
certain needed electrical-resistivity measurements 
and the compilation of the electrical and thermal 
data. 

The permission given by these 3 organizations to 
publish the data is greatly appreciated. 
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pp. 242-251 

*R. W. Powell: The Thermal and Electrical Conductivities of Some Mag- 
nesium Alloys, Philosophical Magazine, 1939, vol. 27, pp. 677-686. 

™. E. Fine: Correlation between Electrical and Thermal Conductivity in 
Nickel and Nickel Alloys, AJME Trans., 1950, vol. 188, pp. 951-952; JOUR- 
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The Plastic Flow of Molybdenum at Low 


Temperature 


The plastic flow of molybdenum was studied in compression at temperatures below 
the ductile-to-brittle transition in tension. It was found that molybdenum is ductile in 
compression at all temperatures down to —196°C. The yield strength continues to in- 
crease with decreased test temperature below the tensile ductile-to-brittle transition 
temperature range. Difficulty was encountered in correlating the experimental data ob- 


tained with existing theories of plastic flow. 


G. A. Alers, R. W. Armstrong, and J. H. Bechtold 


Tue body-centered-cubic metals as a group show a 
rapid and very large increase in yield strength with 
decreasing test temperature.’ It is of fundamental 
importance to the understanding of the mechanism 


G. A. ALERS, Member AIME, formerly with Metallurgy Dept., 
Westinghouse Research Laboratory, is presently associated with the 
Physics Dept., Ford Motors Research Laboratories. R. W. ARMSTRONG, 
formerly with Metallurgy Dept., Westinghouse Research Laboratories, is 
presently associated with the University, Leeds, Eng. J. H. 
BECHTOLD, Member AIME, is Manager, Metallurgical Dept., Westing- 
house Research Laboratories, Pittsburgh, Pa. 
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of plastic flow that this general characteristic be 
examined carefully. Unfortunately, brittle fracture 
in low-temperature tensile tests prohibits the meas- 
urement of flow properties at very low tempera- 
tures. By using compression tests, fracture can be 
suppressed and the plastic flow of the bcc metals 
can be studied far below their tensile ductile-to- 
brittle transition temperatures. Molybdenum was 
chosen for this experiment and plastic-flow data 
were obtained down to —196°C. 
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MATERIAL PREPARATION 


The molybdenum used in these experiments was 
obtained from the Lamp Division of the Westing- 
house Electric Corporation. A pressed ingot of 
high-purity molybdenum powder was sintered in 
hydrogen to 97 pct of full density. The 27/2-in. square 
cross section as sintered ingot was rolled to 1-in. 
square bars at 1100°C. The material was then re- 
crystallized by annealing in hydrogen for 1 hr at 
1200°C. After this the bars were rolled at 1100°C 
to 0.300-in.-diam rod from which compression and 
tension specimens were machined. The final anneal 
of the specimens was 7/2 hr at 1250°C and produced 
a recrystallized grain structure of 1000 grains per 
sq mm or ASTM No. 7. Chemical analysis showed 
the following nonmetallic impurities: C—0.007 wt 
pct, N—0.012 wt pct, O—0.002 wt pct. 

The tensile specimens used are shown in Fig. 1. 
The compression specimens were in the form of 
right circular cylinders 0.200-in. diam and 0.300-in. 
long. Great care was taken to grind the end faces 
exactly parallel and these, in turn, exactly perpen- 
dicular to the specimen axis. In the actual test, the 
specimens were compressed between */2-in.-diam 
anvils with powdered graphite as a lubricant between 
the anvil and the specimen. 

; The compression tests were performed in a ten- 
sile testing machine by using a self-aligning jig de- 
signed by E. T. Wessel.* A schematic sketch of this 
jig is shown in Fig. 2. The testing machine operated 

at a constant rate of extension and autographically 
recorded the load-deformation curve. Temperatures 
below room temperature were obtained by spraying 
liquid nitrogen at a controlled rate into a chamber 
surrounding the compression jig as described by 
Wessel and Olleman.* All temperatures were meas- 
ured and controlled by thermocouples placed on the 
anvils or tensile grips. The compression tests 
were stopped after 20 pct reduction in height be- 
cause noticeable barreling of the specimens oc- 
curred at higher strains, especially at the lower 
temperatures. 

A small number of compression specimens were 
purified in the solid state by heating for 4hr ina 
vacuum of 3 x 107° mm of Hg at 2100°C. One of the 
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Fig. 1—Tensile specimen. 
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specimens recrystallized into a single crystal while 
the others recrystallized to a grain size of ASTM 
No. 6 (500 grains per sq mm). Chemical analysis 
after the heat-treatment showed that the carbon, 
nitrogen, and oxygen contents had been reduced to ~ 
the limit of detectability which was, for the analyt- 
ical techniques used, C = 0.0007 pct; N =< 0.006 pct; 
and O =< 0.008 pct. These specimens are referred 
to as the higher-purity samples while the remainder 
of the specimens which did not receive the 2100°C 
vacuum anneal are referred to as standard-purity 
samples. 


RESULTS 


In order to assure that the data from the com- 
pression tests were comparable with the data ob- 
tained from tension tests, both types of tests were 
run on the same material over the entire tempera- 
ture range. Fig. 3 shows the variation of the 0.01 
pct strain-yield strength with temperature as meas- 
ured in both compression and tension. Since the 
yield strengths compare favorably above —100°C 
(the temperature below which brittle fracture occurs 
during yielding in tension), it is reasonable to as- 
sume that the yield strengths measured in compres- 
sion below —100°C are the same as would have been 
measured in tension if brittle fracture had not oc- 
curred. All of the specimens exhibited considerable 


ductility in compression and even at —196°C were 
able to undergo 20 pct reduction in height without 
brittle transverse fracture. Some of the specimens 
tested at —196°C did crack longitudinally after 15— 
20 pct reduction in length, probably due to trans- 
verse tensile stresses resulting from “barreling” of 
the specimens. Since the shear stress is the same 
in both tension and compression, the conclusion can 
be drawn that brittle fracture is not governed by a 
critical shear-stress law alone. Although shear 
stresses may be necessary to nucleate brittle frac- 
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Fig. 3—Yield strength at 0.01 pct strain versus temperature 
€ = 2.8 x 1074 sec™!. 


ture, the propagation of the fracture must require 
tensile stresses. 

Fig. 4 shows the stress-strain curves obtained at 
various temperatures for the 2 degrees of purity 
used in these tests. The 0.01 pct strain-yield 
strength always occurred before the upper yield 
point. It can be seen readily that in the more im- 
pure samples there is a definite, sharp yield point 
in all the curves below about 400°C. However, the 
more pure samples did not show any sort of a yield- 
point phenomenon until the temperature was below 
about — 150°C. 

Fig. 5 shows the effects of temperature and strain 
rate on the yield strength. As is usually the case, 
an increase in strain rate results in an increase in 
the yield strength. Such a result indicates that some 
sort of a thermally activated rate process is con- 
trolling plastic flow. However, at the highest strain 
rate and at the lower temperatures, it appears that 
this general rule breaks down. The results show 
that below —75°C an increase in strain rate to 
3.6 x 107? sec™’ results in a decrease in the 0.01 
pct strain-yield strength. This effect becomes 
more pronounced at higher strains. 

The decrease in flow stress with increased strain 
rate at low temperatures is believed to be due to 
appreciable heating of the specimens during testing. 
By affixing a thermocouple directly to the specimen 
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Fig. 4—Compression test stress-strain curves. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


175 T T T T 
_ 
€ = 3.6x 107? 
| 
2 € = 2.8x sec 
a = 3.9 x 1075 onl 
@ 
> 
b 
25+ 
re) l l l l 
100 200 300 400 500 600  700°K 


-273 -I73 -73 +27 . +127 +227 +427 °C 


Fig. 5—Yield strength at 0.01 pct strain as a function of 
temperature and strain rate. 


surface it was found that at —196°C the surface 
temperature increased 9°C for every pct of plastic 
strain at a strain rate of 3.6 x 10°? sec™’. A lower 
strain rate produced a proportionately smaller tem- 
perature change and only the 3.6 x 107? sec™* 
strain-rate tests had to be disregarded because of 
nonisothermal conditions. Low-temperature me- 
chanical testing is particularly susceptible to non- 
isothermal conditions because the flow stresses 
involved are usually high, the thermal conductivities 
are usually low, and the specific heats are low. 

The effects of strain rate and temperature on the 
shape of the stress-strain curves themselves can 
best be discussed in terms of an empirical equation. 
It was found that each stress-strain curve could be 
fitted by the expression 


= Ko" [1] 


where o is the true stress, 5 the natural strain, and 
K and 7 are constants which depend upon the tem- 
perature and strain rate. Fig. 6 shows the depend- 
ence of m on the temperature for the strain rate of 
2.8 x 10-* sec™*. The shape of the n versus tem- 
perature curve is similar to that observed on other 
bec metals by previous investigators.**® Increasing 
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Fig. 6—Work-hardening exponent as a function of tempera- 
ture. 
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the strain rate seemed to shift the versus T curve 
slightly toward higher temperatures. 

The work-hardening of molybdenum at 3 pct strain 
is shown as a function of temperature in Fig. 7. The 
measure of work-hardening is taken as the slope of 
the stress-strain curve. Thus 


do 


Work-hardening = > = Kn6™" [2] 


It is interesting to note the very rapid rise in work- 
hardening at low temperature although the work- 
hardening coefficient n decreases. 


DISCUSSION 


The experiments reported herein were made for 
the purpose of obtaining data on the low-tempera- 
ture yielding and plastic flow of molybdenum which 
could be correlated with several existing theories, 
and thereby predict with some degree of certainty 

_ the probable reason for the marked temperature 
dependence of the yield strength of molybdenum. 

Previous measurements® showed that the yield 
strength followed the Zener-Hollomon’ relation 


o = [(€ exp Q/RT)’, 5] [3] 


where g is the true stress, € the strain rate, Q an 
activation energy, K Boltzman’s constant, JT the ab- 
solute temperature, ry is a constant depending upon 
the strain, and 6’ a structure factor. This equation 
has been shown to describe the experimental results 
from the tensile ductile-to-brittle transition tem- 
perature (—70°C) up to the highest temperatures of 
testing. The present compression-test data can be 
used to test this relation to much lower tempera- 
tures. Fig. 8 is a plot of log o versus 1/7, and 
since the low-temperature data do not fall on 1 
straight line, Eq. [3] cannot be considered a valid 
description over the whole temperature range. 

Two dislocation processes which must take place 
in order for plastic flow to be observed are the re- 
lease of dislocations from a source and the motion 
of the dislocations through the material. The rate 
of plastic flow may be determined by either of these 
processes. Both can be described by a general 
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Fig. 7—Work-hardening at a strain of 3 pct as a function of 
temperature. 
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Fig. 8—Molybdenum compression tests. Log yield strength 
versus 1/0x. 


equation if they involve the thermal activation of a 
dislocation over a barrier. This equation can be 
written as 


é = NAb ve XT [4] 


Here N is the density of sites at which the activation 
process can take place, A is the area swept out by 
the dislocation after activation, b is the Burgers 
vector, and v is a frequency of the order of the 
Debye frequency. The value of U depends upon the 
specific barrier and the mechanism by which the 
dislocation overcomes it. 

Seeger® has discussed the rate at which a disloca- 
tion can move through the lattice. He considers the 
barriers to be a forest of dislocations which has to 
be intersected by the moving dislocation line. The 
segments of dislocation line between these obstacles 
are free. This model leads to 


U = AH— V(o [5] 


where Ad is the energy necessary to move the dis- 
location past the obstacle. The V(o — o;) term is 
the work done by the external shear stress o op- 
posed by an internal stress o,; during the motion 

of the dislocation past the obstacle. The theory 
predicts that the magnitude of V must be consider- 
ably larger than the atomic volume, otherwise this 
model is not applicable. 

If N and A in Eq. [4] are assumed to be independ- 
ent of stress, (a change of them would affect the re- 
sult by a logarithmic dependence) Seeger’s mecha- 
nism predicts the linear relation 


o=-a— b'T [6] 
between stress and temperature. Here the con- 
stants a and 6’ are given by 


[7] 


V 
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Fig. 9—Yield strength at 0.01 pct strain versus reciprocal 
temperature. 


If the experimental results shown in Fig. 5 are 
forced to fit this equation by drawing 2 straight 
lines, one for the low temperature (below ~ 400°K) 
and one for the higher temperature data, a AH = 
0.75 electron volts and V = 100° is calculated for 
the low-temperature data. Within experimental 
error, AHis independent of strain and VY does not 
increase by more than a factor of 2 or 3 with strains 
up to 10 pct. Although the value of AZ is not un- 
reasonable, the small value for the activation vol- 
ume, V= 100° rules out Seeger’s intersection of 
forests of dislocations as the mechanism controlling 
the flow stress of molybdenum at low temperatures. 

Another thermally activated process has been dis- 
cussed by Cottrell and Bilby® wherein yielding is 
governed by the release of dislocations when the 
dislocation sources are surrounded by impurity at- 
mospheres. Fisher’® has made a simplified treat- 
ment of the Cottrell- Bilby model and predicts that 
the flow stress should be related to the temperature 
by the equation 


y.? 
o = Be 9] 


where B is a constant. Thus a plot of o versus 1/T 
should be a straight line. Fig. 9 shows such a plot 
and it appears that the data can be interpreted as 
agreeing with the theory at high temperatures. At 
very low temperatures, the data fall below the the- 
oretical line. This could be interpreted as indicat- 
ing that the stress for breaking the dislocation 

away from the atmosphere without thermal activa- 
tion is being approached. By using the data obtained 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


at different strain rates it is also possible to esti- 
mate the magnitude of the binding energy per atomic 
plane of the dislocation line. The binding energy 
calculated was 0.07 ev per plane which agrees 
reasonably well with the results of Hendrickson, 
Clark, and Wood” of 0.02 ev per plane from delay- 
time yielding experiments. Both of these values 

are considerably less than the expected binding 
energy. Thus the present results are approximately 
consistent with the results of other experiments but 
do not agree with the theoretical estimates. It 
should be emphasized, however, that Fisher’s treat- 
ment is a rather rough approximation of the Cottrell 
theory. 

There is another very serious objection to be 
made against the Cottrell-Bilby model; that is, the 
same temperature dependence is observed for the 
flow stress after appreciable deformation as is ob- 
served for initial yielding. From the Cottrell- 
Bilby model it would be expected that after appre- 
ciable deformation, the freed dislocations would 
permit additional plastic deformation at reduced 
stresses, especially at low temperatures. However, 
even in the high-purity molybdenum, appreciably 
deformed, where it is unlikely that sufficient solute 
was present to lock all dislocations, the metal 
strain-hardened rapidly at low temperatures. It is 
difficult to conceive that a mechanism involving re- 
lease of dislocations from a source such as the 
Cottrell- Bilby model can account for this observa- 
tion. The motion of dislocations through the lattice 
also must be greatly restricted. 

There is a possibility that the movement of dis- 
locations could be impeded by Peierls forces and 
give rise to the temperature dependence of the flow 
stress of molybdenum. Heslop and Petch” studied 
the temperature dependence of the lower yield point 
in a-iron and concluded that the Peierls force may 
actually play an important role. However, the prob- 
lem has not been treated satisfactorily from a the- 
oretical viewpoint and no attempt was made to cor- 
relate the experimental data with this mechanism. 


CONCLUSIONS 


Neither the Seeger dislocation-dislocation inter- 
action nor the Cottrell dislocation-interstitial im- 
purity interaction appears to be adequate in present 
form to explain the marked temperature dependence 
of the yield and flow strength of molybdenum. 

As expected, molybdenum could be deformed in 
compression without brittle fracture at tempera- 
tures well below the ductile-to-brittle transition 
in tension. Discontinuous yielding can be elimi- 
nated, or the temperature of its occurrence sig- 
nificantly lowered, by solid-state purification. How- 
ever, the temperature dependence of the yield 
strength and the flow stress beyond the yield-point 
elongation are not significantly changed by the puri- 
fication. 
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Hydrogen, Crack Initiation, and Delayed Failure 


in Steel 


Delayed failure in steel occurs by controlled initiation and growth of a crack. The 
incubation period for crack initiation was measured. Crack initiation and propagation 
are controlled by interaction between hydrogen concentration and triaxial stress state. 
The incubation period results from stress-induced diffusion of hydrogen to the point of 


crack initiation. 


H. H. Johnson, J. G. Morlet, and A. R. Troiano 


Tus paper describes the phenomenon of delayed 
failure‘and the kinetics of crack initiation and 
propagation in uniformly hydrogenated steel. The 
investigation was prompted by service failures of 
high-strength-steel components at applied stresses 
far below the conventional yield strength, after the 
part had successfully sustained equal or higher 
stresses for an extended time interval. 

This delayed failure phenomenon, often termed 
static fatigue, is associated’ with the presence of 
hydrogen. This is not surprising, since the volu- 
minous literature on flaking and hydrogen embrit- 
tlement demonstrates that hydrogen may exert a 
potent embrittling influence. Flakes, or internal 
hairline cracks in alloy-steel forgings, are re- 
lated to the presence of hydrogen retained from the 
steel-making process.” On the other hand, embrit- 
tlement arises from hydrogen introduced during 
surface treatments such as acid pickling or electro- 
plating.* 

Laboratory delayed failures have been induced in 
notch specimens of 4340 steel by electrolytic charg- 
ing of the specimen surface with hydrogen and sub- 
sequent static stressing.”*%° Static fatigue was ob- 
served over a wide range of applied stresses; 
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however, failure did not occur below a critical ap- 
plied stress, designated as the static fatigue limit. 

In this instance the extended time for failure re- 
sulted primarily from the macroscopic redistribu- 
tion of hydrogen. A crack formed to the depth of 
the hydrogen enriched “case” upon loading; further 
crack growth naturally awaited diffusion of hydrogen 
into the material ahead of the crack. The crack- 
propagation rate was therefore controlled primarily 
by the macroscopic diffusion of hydrogen into the 
specimen interior during the test. Thus, in this 
instance static fatigue was associated with the 
movement of a gross concentration gradient. 

However, delayed failure in steel of uniform hy- 
drogen concentration is of greater fundamental in- 
terest, as well as commercial significance. With 
a homogeneous hydrogen distribution a different 
mode of delayed failure might be expected. As the 
heterogeneous hydrogen distribution became more 
uniform, ** the initial crack-propagation rate de- 
creased markedly and, in fact, what appeared to be 
an incubation period for crack initiation was ob- 
served. However, the macroscopic concentration 
gradient precluded an accurate evaluation of these 
observations. 

Although the existence of an incubation period, up 
to this time, has not been established definitely, it 
is not amiss to point out some implications of the 
concept. It is of interest in all hydrogen-induced 
embrittlement phenomena, such as flaking, delayed 
failure, and hydrogen embrittlement. Much dis- 
cussion has centered around the possibility of an 
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incubation period for flake formation.® The concept 
also would yield insight into the extreme hydrogen 
embrittlement observed at slow testing speeds.’ 
The relative insensitivity of normal tensile and bend 
tests to the presence of hydrogen could be explained 
by an extended incubation period.»* These tests are 
completed in a few minutes; hence, embrittlement 
associated with longer incubation periods might not 
be detected. 


MATERIALS AND PROCEDURE 


Specimen Preparation—Material was taken from 
a commercial heat of electric-furnace aircraft 
quality SAE-AISI 4340 steel furnished, by Republic 
Steel Corp. in the form of hot-rolled /s-in. bars. 
The chemical composition is listed in Table I. 

Specimens used in this investigation were heat- 
treated to a tensile strength of 230,000 psi. Blanks 
were cut from the as-received stock, then normal- 
ized and stress-relieved before rough-machining. 
The specimens were austenitized for 45 min at 
1550°F in a neutral salt bath, oil-quenched, then 
tempered for 1 hr at 750°F (230,000 psi). 

Final machining was carried out to the dimen- 
sions shown previously.”**® A notch depth cor- 
responding to 50 pct of the cross-sectional area 
was utilized. Moderate notches were polished in 
the longitudinal direction after final machining. The 
tensile properties of this base material are pre- 
sented as a function of notch sharpness in Table II. 

Hydrogenation and Cadmium Plating—Electrolytic 
hydrogenation was employed. The specimens were 
degreased in carbon tetrachloride and then cathod- 
ically charged for 5 min in a 4 pct sulfuric-acid so- 
lution at a current density of 0.02 amp per sq in.’ 

As discussed later, a uniform hydrogen distribu- 
tion results from cadmium electroplating and baking. 
Immediately after electrolytic charging the speci- 
mens were cadmium-plated; the composition of the 
plating bath is given in Table III. 

A bright, adherent cadmium plate resulted from 
plating 25 min at a current density of 20 amp per 
sq ft. A cadmium anode was used and the plating 
bath was not agitated. This technique produced a 
cadmium plate of about 6.25 x 10~” in. thickness. 
In notched specimens the plate thickness decreased 
towards the base of the notch; however, in all cases 
a continuous plate resulted. After plating the spec- 
imens were baked at 300°F in an air furnace. 

Testing— Delayed failure and tensile tests were 
performed with concentric alignment fixtures which 
insured a maximum eccentricity of less than 
0.001 in. Tensile testing was carried out at a 
constant crosshead speed of 0.05 ipm. A constant- 
load lever-arm stress-rupture machine was used 
for delayed failure tests. All tests were performed 
at room temperature. 

Crack initiation and propagation during the de- 


Table |. Composition of 4340 Steel, Wt Pct 


Table Il. Tensile Properties of 4340 Steel for Several Notch 
Sharpnesses (230,000 Psi Strength Level) 


Notch Ductility, 
Notch Radius, In. Notch Strength, Psi Pct (RA) 
0.0018 300000 1.0 
0.010 318000 7.0 
0.020 323000 7.5 
0.030 332000 15.5 
0.25 264000 20 
2.0 230000 40 
@Sharp notch. 


Table lil. Composition of Cadmium-Plating Solution 


cdo NaCN NaOH 
32 gm/1 112 gm/1 12 gm/1 


Brightening Agent 
4.5 gm/1 


layed-failure test was studied by the electric- 
resistance technique developed by Barnett and 
Troiano.* This method utilizes a Kelvin double- 
bridge circuit and measures the change in electric 
resistance of the notch cross section upon initiation 
and growth of a crack. 


RESULTS AND DISCUSSION 


Uniform Hydrogen Distribution—The ability of a 
cadmium electroplate to delay hydrogen out-gassing 
is the essential factor in obtaining a uniform hydro- 
gen distribution. This behavior is indicated by the 
recovery characteristics of plated and of plated 
plus deplated specimens, Table IV. Both groups 
of specimens were hydrogen-charged and cadmium- 
plated under identical conditions; however, the cad- 
mium plate was chemically removed from one group 
just prior to the baking treatment. 

The deplated specimens exhibit complete re- 
covery while the plated specimens are severely 
embrittled. Evidently, hydrogen diffuses through 
cadmium much less rapidly than through steel. 

As a consequence, hydrogen diffuses into the steel 
until its distribution is uniform. A baking treatment 
of 0.5 hr at 300°F is sufficient, Fig. 1, to convert 
the initial high surface concentration of hydrogen 
to a uniform distribution at a concentration level 
sufficient to cause substantial embrittlement. Hy- 
drogen is concentrated in the surface layers of as- 
plated specimens, since full ductility is attained 
after removing the outer 45 pct of the specimen 
area.’ On the other hand, hydrogen has penetrated 
to the core of the baked specimens, since no im- 
provement in ductility is evident after removing 
over 70 pct of the specimen area. The flatness of 
this ductility curve reflects a uniform hydrogen 
distribution. 

The influence of these two distributions is vividly 


Table IV. Recovery Characteristics of Plated 
and Depiated Specimens 


Normal (unplated) ductility = 40 - 42.5 Pct RA 


Cc Mn Si Ni cr Mo 
0.402 0.82 0.29 1.72 0.85 0.25 Deplated,, Pct RA Plated, Pct RA 
H Bake 0.5 hr at 300°F 41.5 10.5 
0.012 0.015 0.00013 0.003 0.009 Bake 2 hr at 300°F 42.5 13.5 
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Fig. 1—Effect of baking treatment in causing uniform hy- 
drogen distribution. Mild-notch specimens, 230,000 psi 
strength level. 


indicated in the static-fatigue characteristics of 
sharp-notch specimens, Fig. 2. Long failure times 
are observed with as-plated specimens because the 
crack cannot propagate beyond the surface layer 
until hydrogen diffuses into the specimen core. In 
contrast, hydrogen has penetrated to the center of 
baked specimens prior to testing and therefore the 
fracture time is short. 

The concentration level of the uniform hydrogen 
distribution can be decreased by increasing the bak- 
ing time, Fig. 3. A baking time of 20 hr is sufficient 
to restore full ductility to unnotched specimens, 
presumably due to hydrogen outgassing.* Shorter 


*The attainment of full recovery indicates that the cadmium plate 
per se does not influence ductility. 


baking times result in varying degrees of embrittle- 
ment; in all cases the hydrogen distribution appears 
uniform. 

This method simulates commercial practice, 
wherein high-strength steels are cleaned electro- 
lytically or hy acid-pickling prior to electroplating 
and baking. The results are therefore of interest 
from a practical, as well as fundamental, viewpoint. 

Static Fatigue—The influence of hydrogen concen- 
tration and notch sharpness upon the static-fatigue 
behavior was evaluated with 4340 steel treated toa 


200 
iN 
150 
§ 125 e \ 
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w 
100} 
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| 
25 
Sor 0! 10 100 1000 


FRACTURE TIME — HOURS 
Fig. 2—Influence of hydrogen distribution upon the static- 
fatigue characteristics of sharp-notch specimens, 230,000 
psi strength level. 
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Fig. 3—Variation of hydrogen concentration level with 
baking time at 300° F. Mild-notch specimens, 230,000 psi 
strength level. 


uniform hydrogen distribution. The typical charac- 
teristics of static fatigue are depicted in Fig. 4. 
Delayed failure occurs over a wide range of applied 
stresses, and there is a critical applied stress—the 
static fatigue limit—below which failure does not 
occur. 

The static fatigue limit is of considerable interest 
since, for a given hydrogen concentration and notch 
sharpness, it is the lowest applied stress sufficient 
to initiate a crack.* In other words, the static fa- 
tigue limit is a threshold stress, above which failure 
is inevitable and below which the steel is undamaged. 

Influence of Hydrogen Concentration—Of primary 
interest is the influence of hydrogen concentration 
upon the static-fatigue behavior. Sharp-notch spec- 
imens were utilized; the hydrogen concentration was 
varied by using different baking times. 

Both the static fatigue limit and the fracture times 
increase with decreasing hydrogen concentration, 
Fig. 5. This recovery behavior is shown by an in- 
crease in the static fatigue limit from 75,000 psi to 
approximately 240,000 psi. Evidently, for a given 
notch sharpness the static fatigue limit is controlled 
by an interaction between hydrogen concentration 
and applied stress. 


NORMAL NOTCH STRENGTH * 300,000 PSI 


CHARGED NOTCH 
TENSILE STRENGTH 


8 


8 


‘\ 
\ 


APPLIED STRESS — 1000 PSI 


125 
STATIC FATIGUE LIMIT 
y BAKE 3 HR AT 300°F 
100 

75 

50 

0.01 10 100 1000 


FRACTURE TIME —~ HOURS 
Fig. 4—Static fatigue curve for sharp-notch specimens hy- 
drogenated, cadmium-plated, and baked 3 hr at 300° F. 
230,000 psi strength level. 
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Fig. 5—Static fatigue curves for various hydrogen concen- 
trations corresponding to different baking times at 300°F. 
Sharp-notch specimens. 230,000 psi strength level. 


The as-received hydrogen content is essentially 
nonembrittling, since significant delayed failure is 
observed only after electrolytic introduction of hy- 
drogen. This behavior is in accord with the sug- 
gestion that hydrogen may exist in steel in two 
forms,® since the amount of hydrogen introduced 
electrolytically was negligible compared to the as- 
received hydrogen content of 1.5 cc H, per 100 g. 
An exhaustive series of analyses established that 
conventional vacuum -fusion techniques, with a pre- 
cision of + 0.2 cc H, per 100 g, were unable to de- 
tect the presence of the electrolytically introduced 
hydrogen. Evidently, the as-received hydrogen is 
in an innocuous, probably molecular, state; severe 
embrittlement arises from a vary small quantity of 
atomic hydrogen, which is presumably in solution. 

These data reveal the extreme sensitivity of the 
stress-rupture test to hydrogen embrittlement. ”® 
For baking times in excess of about 7 hr the notch 
tensile test is insensitive, since the charged and 
uncharged notch tensile strengths are equal. How- 
ever, static fatigue limits as low as 125,000 psi 
indicate that delayed failure may still occur at very 
low applied stresses. The reason for this behavior 
will be cited later. 

Influence of Notch Sharpness—To examine this 
influence, specimens of different notch radii were 
hydrogenated, cadmium-plated, and baked 0.5 hr at 
300°F.* Thus, a specified high hydrogen concentra- 


*The notch sharpness is defined as one half the diameter of the 
notch cross section divided by the notch radius."* 


tion was assured. 

The static fatigue limit increases as the notch 
sharpness decreases from 100 to 0.4, Fig. 6. With 
sharp notches delayed failure is observed over a 
wide range of applied stresses; this stress range 
is negligible for unnotched specimens. The charged 
and uncharged notch tensile strengths vary with 
notch acuity in roughly the same manner, Fig. 7; 
this suggests that hydrogen embrittlement and notch 
embrittlement are additive. 

Discussion—The effects of hydrogen concentration 
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FRACTURE TIME — HOURS 

Fig. 6—Static fatigue curves for specimens of different 
notch sharpnesses. Baked 0.5 hr at 300°F. 50 pct notch, 
230,000 psi strength level. 
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and notch severity upon the static fatigue limit sug- 
gest that a “critical combination” of stress state 
and hydrogen concentration must be attained to ini- 
tiate a crack. In other words, with a given hydrogen 
concentration the static fatigue limit is that applied 
stress at which the stress state is sufficient to ini- 
tiate a crack. Ata lower applied stress this critical 
value is not achieved and the steel is undamaged. 
However, the mechanism whereby hydrogen and 
stress interact to produce a crack is not known; 

the experimental evidence merely indicates that 
hydrogen and stress must be present in a critical 
amount. 

Within a notch specimen under load, there are 
two transverse stresses, in addition to the longi- 
tudinal stress.’ Since these stresses are not 
uniform over the notch cross section, it is the 
stress state at the point of crack initiation which 
is of interest. 

The location of the initial crack varies with the 
notch acuity, Fig. 8. Uniformly hydrogenated spec- 
imens were stressed for times short of failure and 
examined for cracks. Sharply notched specimens 
cracked just below the notch surface; the crack 
then propagated inward and outward. Cracks 
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Fig. 8—Cracks observed in notch specimens sectioned 

after static loading. Specimens were hydrogenated, cad- 

mium-plated, and baked at 300° F. Longitudinal Section. 

X100. Reduced approximately 50 pct for reproduction. 


initiated well below the surface of mild notches; the 
presence of a shear lip demonstrated that the crack 
did not propagate to the surface until final rupture. 

These loci correlate qualitatively with the posi- 
tion of the maximum triaxial stress state." In 
notched specimens an analysis of stress state is 
complicated by plastic flow at the notch root; how- 
ever, a semi-quantitative analysis has been per- 
formed recently by Clark, et al.*° Essentially, they 
showed that the most severe stress state occurs at 
the boundary between the plastically deformed re- 
gion at the notch root and the elastically stressed 
interior of the specimen. This boundary will occur 
deeper beneath the surface for mild notches, since 
the region of plastic deformation is more exten- 
sive.» This view is consistent with ductility 
measurements taken on various notched specimens 
stressed at their static fatigue limit, Fig. 9. 

The limited plastic deformation at the notch root 
actually increases the severity of the stress state, 
Fig. 10, since the peaks in the longitudinal and ra- 
dial stress distributions now occur at the same po- 
sition. Thus, a correlation should exist between the 
static fatigue limit and localized deformation at the 
notch surface. This is shown in Fig. 7, where it is 
evident that the static fatigue limit and the applied 
stress at which deformation initiates* vary with 

*The applied stress at which local deformation occurs at the notch 
surface is approximated as the uniaxial yield strength divided by the 
theoretical stress-concentration factor 


inotch sharpness in the same manner. 
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Fig. 9—Ductility at static fatigue limit as a function of 
notch sharpness. Baked 0.5 hr at 300° F. 230,000 psi 
strength level. 


532—AUGUST, 1958 


LONGITUOINAL 
TANGENTIAL 
LONGITUDINAL 
| | 
| TANGENTIAL | 
RADIAL 
| | 
| | 
| | 
| | 


@)ELASTIC STRESS DISTRIBUTION 


Fig. 10—Schematic representation of the influence of plas- 
tic deformation at notch bottom upon stress distribution in 
a sharp-notch specimen. 


The decrease in static fatigue limit with increas- 
ing notch sharpness, Fig. 7, occurs because the 
“critical combination” of triaxial stress state and 
hydrogen concentration is attained at a lower applied 
stress with a sharper notch. On the same basis, at 
a low hydrogen concentration a high applied stress 
is necessary to achieve the critical triaxial stress 
State, Fig. 5. 

The range of applied stresses over which delayed 
failure may occur varies markedly with notch 
sharpness, Fig. 7. This variation may be qualita- 
tively explained by the differences in triaxial 
stress-state distribution, Fig. 11. The stress 
state is very nearly uniform over the cross section 
of a mildly notched specimen. When the applied 
stress is such that the critical stress state for 
crack initiation is just attained at the specimen 
center, then failure occurs after a time delay. 
However, for a slightly higher applied stress the 
condition for crack initiation will be fulfilled 
throughout a major portion of the cross section 
and fracture will be instantaneous, since the stress 
on the uncracked material will exceed the fracture 
stress. Thus, the static fatigue-stress range will 
be very limited. 

The large static fatigue-stress range observed 
with sharply notched specimens results from the 
highly nonuniform stress-state distribution. The 
static fatigue limit corresponds to the applied stress 
at which the maximum triaxial stress state just at- 
tains the critical value for crack initiation. Instan- 
taneous fracture will occur when the applied stress 
is sufficient to initiate a crack over an appreciable 
volume of the specimen cross section. Because of 
the nonuniform stress-state distribution, a wide 
range of stresses separates these two critical 
values. 


An interesting feature of this argument is that 
delayed failure would not be observed in the pres- 
ence of a completely uniform triaxial stress state, 
although extreme embrittlement might be evident. 
Above a critical applied stress, cracks would form 
over the entire specimen cross section and failure 
would be instantaneous; below this applied stress 
no cracks would initiate, since the critical condi- 
tions would not be fulfilled. Thus, a nonuniform 
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Fig. 11—Schematic representation of the influence of tri- 
axial-stress-state distribution upon delayed-failure stress 
range. 


stress state is a necessary condition for delayed 
failure. 

Kinetics of Crack Initiation and Propagation— The 
static-fatigue fracture process occurs in three 
stages,‘ which are a) crack initiation, b) crack 
propagation, and c) final fracture. This classifica- 
tion is suggested by a typical electric resistance 
versus loading-time curve, Fig. 12. An incubation 
period for crack initiation, stage 1, is indicated by 
the horizontal segment of the resistance curve. The 
subsequent increase in resistance, stage 2, indicates 
controlled crack propagation. Stage 3, fracture, oc- 
curs at a time given by the terminus of the resist- 
ance curve. 

Crack Initiation—The existence of an incubation 
period has been verified by techniques other than 
electric resistance. This was accomplished by 
showing that the notch tensile strength is not re- 
duced by stressing for times less than the incuba- 
tion period. Sharp-notched specimens with hydro- 
gen concentrations corresponding to baking times 
of 7 and 12 hr were stressed, unloaded, and re- 
baked until full recovery was indicated by the notch- 
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Fig. 12—Typical resistance-time curve for sharp-notched 
specimens. 230,000 psi strength level. 
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tensile test. Normal notch-tensile strength was 
observed when the time under load was less than 
the incubation period, Table V. On the other hand, 
low notch strengths occurred when the load time 
exceeded the incubation period. 

The concept of an incubation period is further 
supported by a metallographic study of notch spec- 
imens stressed for times less than the incubation 
period. The specimens were unloaded, sectioned, 
and examined metallographically on successive 
longitudinal planes. Cracks were not observed un- 
less the time under load exceeded the incubation 
period. These results, taken in all, demonstrate 
that a true incubation period for crack initiation 
exists. 

As the hydrogen concentration decreases the in- 
cubation period becomes longer, Fig. 13; it is 
relatively insensitive to the applied stress. Incu- 
bation periods from a few seconds to as long as 
18 hr were observed, and longer ones undoubtedly 
could be produced. 

The rationale of the incubation period is based 
upon the postulated interaction between hydrogen 


Table V. Notch Strength After Static Stressing 


Normal Notch Strength = 290,000 — 300,000 Psi 
Baking Applied Incubation Time under Resistance Notch Strength 
Time, Hr Stress, Psi Period, Min Load, Min Increase, Ohm after Baking, Psi 
7 175000 12 1 None 302000 
7 175000 12 1 None 295000 
7 175000 12 >12 200 x 10°8 243000 
7 175000 12 >12 400 x 1078 206000 
18 250000 60 10 None 292000 
18 250000 60 10 . None 295000 
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Fig. 13--Variation of incubation period with applied stress 
and hydrogen concentration corresponding to different 
baking times at 300° F. Sharp-notch specimens, 230,000 
psi sirength level. 


concentration and triaxial stress state. Since the 
plastic deformation occurs upon loading the stress 
state does not change with time under load. There- 
fore, the incubation period is related to an increase 
in hydrogen concentration in the region of maximum 
triaxial stress state. Hydrogen diffuses to this 
point at which the crack eventually starts. When the 
hydrogen concentration attains the critical value a 
crack initiates and delayed failure ensues. 

On this basis, the influence of hydrogen concen- 
tration upon the incubation period is readily expli- 
cable. The critical hydrogen concentration neces- 
sary for crack initiation is a constant for a given 
applied stress. If the average hydrogen concentra- 
tion is low, then an extended time interval would be 
necessary to build up the hydrogen concentration at 
the point of crack initiation. Therefore, the incu- 
bation period would depend primarily upon average 
hydrogen concentration. 

However, this does not show why hydrogen should 
segregate at the point of crack initiation. It is be- 
lieved that this diffusion process is induced by the 
severe triaxial-stress state. Darken’* has demon- 
strated that the driving force for diffusion is an 
activity gradient for the diffusing element. In this 
case the activity gradient must arise from the non- 
uniform stress state, since the hydrogen is uni- 
formly distributed. 

If the diffusion process is stress-induced, the in- 
cubation period should be reversible, in the sense 
that the direction of hydrogen diffusion should re- 
verse upon removal of the stress. This reversi- 
bility feature is vividly demonstrated in Table VI. 
Sharp-notch specimens were treated to a hydrogen 
concentration corresponding to an incubation period 
of about 30 min. (Tests on three specimens yielded 
incubation periods of 30 min, 30 min, and 25 min, 
respectively.) The specimens were then stressed at 
250,000 psi for the indicated times which were 
shorter than the incubation period, unloaded, and 
aged at room temperature. 

Specimens aged for 24 hr exhibited normal incu- 
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Table VI. Reversibility of the Incubation Period 
(Normal Incubation Period = 25 min, 30 min, 30 min) 


Incubation Period 


Loading Time on Reloading at 


at 250,000 Psi, Min Aging Time 250,000 Psi, Min 
17 1 min 8 
20 24 hr 18 
20 24 hr 30 
20 24 hr 30 


bation periods upon reloading, whereas the specimen 
unloaded for 1 min displayed a much shorter incuba- 
tion period, since the aging time was insufficient to 
allow hydrogen diffusion. 

Since the incubation period is reversible, total 
incubation periods much longer than the normal in- 
cubation period may be produced by alternate load- 
ing and aging treatments, Fig. 14. A total incuba- 
tion period of 82 min is produced for a normal 
incubation period of 30 min, and a total incubation 
period of 200 min is produced for one of 55 min. 
The 10-min incubation period indicates that the 
aging treatments do not cause any detectable out- 
gassing, which might influence the results. 

The insensitivity of the incubation period to the 
applied stress probably reflects the influence of 
plastic deformation. Numerous investigators® ® ** 
have suggested that plastic strain produces “traps” 
or “voids” wherein hydrogen precipitates. Plastic 
strain thus decreases the amount of damaging hy- 
drogen available, since the precipitated hydrogen 
is nonembrittling. ** 


300 a) NORMAL INCUBATION PERIOD = 30 MIN 
Z OBSERVED INCUBATION PERIOD = 82 MIN. CRACKED 
250 20_MIN (2_MIN. 20_MIN (0 MIN, 
100 
50 
24 HR 24 HR 24 HR. 24 HR. 
b) NORMAL INCUBATION PERIOD = 55 MIN. 
OBSERVED INCUBATION PERIOD + 200 MIN CRACKED 
40 MIN. 40 MIN. 35 MIN. 85 MIN. 
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24 HR. 24 HR. 72 HR. 
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Fig. 14—Schematic representation of loading and aging 
treatments which produce incubation periods much longer 
than normal incubation periods for these hydrogen con- 
centrations. Sharp-notch specimens, 230,000 psi strength 
level. 
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On this basis, the competing influences of plastic 
deformation and triaxial stress state may explain 
this insensitivity. Both the amount of plastic flow 
and the stress-state severity increase with the ap- 
plied stress. Taken individually, increasing plastic 
deformation would lengthen the incubation period by 
reducing the concentration of damaging hydrogen, 
whereas a more severe stress state would diminish 
the incubation period, since less hydrogen would be 
required to initiate the crack. The net result is that 
the incubation period is relatively insensitive to the 
applied stress. 

One of the most baffling aspects of delayed failure 
in service may be explained by this behavior. De- 
layed failures often occur in steel which exhibits 
normal ductility in standard laboratory tests. Since 
the incubation period is independent of the applied 
stress, a mechanical test will not detect the pres- 
ence of hydrogen if the test duration is less than the 
incubation period.® Therefore, short-time tests 
such as normal tensile and bend tests may not be 
discriminating. Nevertheless, the steel will be sub- 
ject to brittle delayed fracture. 

True Stress at Fracture—The importance of hy- 
drogen diffusion is further emphasized by a con- 
sideration of the fracture stress. The static fatigue 
crack grows slowly until cataclysmic rupture oc- 
curs; the true stress at rupture is the fracture 
stress. 

The fracture stress is constant at approximately 
330,000 psi over a wide range of applied stresses 
and hydrogen concentrations, Table VII and Fig. 15.* 


*At very high hydrogen concentrations the fracture stress is un- 
doubtedly lower; the low charged notch strength and short fracture 
times observed after a 0.5 hr bake at 300°F, Fig. 5, probably reflect a 
fracture stress less than 330,000 psi. 


This value was obtained by dividing the uncracked 
area at rupture into the applied load; two methods 
were used to determine this area. For the values 
in Table VII, the area at rupture was obtained from 
a calibration plot—determined by the heat tinting 
technique*—for converting resistance measurements 
to crack areas. 

In Fig. 15 the uncracked area was determined 
from visual examination of the fracture surface, 
which revealed two distinct modes of crack propa- 
gation. The rim formed by slow (hydrogen- induced) 
crack propagation exhibited a fine texture, indica- 
tive of brittle fracture. The inner fracture surface, 
formed by cataclysmic rupture, was rougher and 
indicated a more ductile fracture. 

The constancy of the fracture stress exemplifies 
the role of hydrogen diffusion. It appears that the 
average hydrogen concentration resulting from bak- 


Table VII. Fracture Stress at Various Applied Stresses 
and Hydrogen Concentrations 


Baking Time, Hr Applied Stress, Psi Fracture Stress, Psi 


$ 200000 308000 
3 225000 319000 
200000 334000 
7 225000 327000 
12 200000 335000 
12 200000 342000 
12 225000 346000 
18 225000 329000 
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FRACTURE STRESS 330,000 PSI 324,000 PSI 
BAKING TIME 7 HOURS 12 HOURS 
APPLIED STRESS 175,000 PSI 200,000 PSI 


342,000 PS! 


FRACTURE STRESS 325,000 PSI 
BAKING TIME 12 HOURS 18 HOURS 
APPLIED STRESS 250,000 PSI 225,000 PSI 


Fig. 15—Fracture surfaces of sharp-notched specimens 
hydrogenated, cadmium-plated, and baked at 300° F. Dark 
areas indicate extent of hydrogen-controlled crack propa- 
gation. 230,000 psi strength level. 


ing is not sufficient to propagate a crack. In other 
words, crack propagation must await a localized 
increase in hydrogen concentration in front of the 
crack. The crack-propagation rate therefore cannot 
exceed the rate at which the critical concentration 

is attained by diffusion to the crack tip. Since cata- 
clysmic rupture is characterized by a very high 
crack vélocity (high strain rate), rupture will occur 
only when the fracture stress of the nonhydrogenated 
material is exceeded. 

These concepts imply that crack propagation is a 
discontinuous process and, in fact, consists of a 
series of crack initiations. The most severe tri- 
axial-stress state will arise just slightly in advance 
of the crack. When the critical hydrogen concentra- 
tion is attained a small crack forms and grows 
through the hydrogen-enriched region, thus joining 
the previous crack. Further crack growth must 
await diffusion of hydrogen to the new region of 
maximum triaxial-stress state. 


SUMMARY AND CONCLUSIONS 


Delayed failure and the kinetics of crack initiation 
and propagation were investigated in high-strength 
steel containing a uniform hydrogen distribution. To 
obtain this distribution, electrolytically charged 
steel was electroplated with cadmium and baked. 

The static fatigue limit decreased with both 
higher hydrogen concentrations and sharper notches. 
These behaviors suggest that a crack will initiate 
when a critical combination of hydrogen concentra- 
tion and triaxial-stress state is attained. In agree- 
ment with this concept, cracks initiated well below 
the surface of mild notches. 

An incubation period for crack initiation was ob- 
served, which lengthened with decreasing hydrogen 
concentration and was independent of the applied 
stress. Strain-induced trapping of hydrogen is pro- 
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posed as an explanation for this insensitivity to ap- 
plied stress. The existence of long incubation 
periods explains why the stress-rupture test is the 
most sensitive test for hydrogen embrittlement. 
The incubation period was interpreted as the time 
required for a critical amount of hydrogen to dif- 
fuse to the point of crack initiation. This diffusion 
process was shown to be reversible with respect to 
the applied stress, thus confirming the concept that 
it is induced by the severe triaxial-stress state. 

The fracture stress was constant over a wide 
range of hydrogen concentrations and applied 
stresses, suggesting that crack propagation must 
await an increase in hydrogen concentration at the 
crack front. The rate at which the critical hydro- 
gen concentration diffuses to the crack tip thus de- 
termines the crack-propagation rate. 

Crack propagation is viewed as a discontinuous 
process. In each unit of propagation a crack grows 
through the region of enhanced hydrogen concentra- 
tion in advance of the pre-existing crack. Further 
crack propagation must await diffusion of hydrogen 
to the new region of severe triaxial-stress state. 
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Creep Characteristics of Magnesium Single 
Crystals from 78° to 364°K 


Incremental loading creep tests were conducted on magnesium single crystals in 
tension and direct shear at 78° to 364°K. The creep curves were transient in character 
and exhibited waves or periodic behavior, especially at small strain rates. A sigmoidal 
curve was frequently observed following the first occurrence of creep. Repeating of 
segments of a master curve was observed at all temperatures indicating that identical 
conditions for flow existed after various stress and strain histories. A logarithmic time 
law with a independent of temperature was observed at 78° and 203°K, while a parabolic 
(power) time law was approximated at 298° and 364°K. The departure from logarithmic 
creep was attributed to recovery, which was observed at 298° and 364°K. The tempera- 
ture independence of a represents a serious objection to the theory of low-temperature 


creep based on the intersection of dislocations. 


H. Conrad and W.D. Robertson 


Ina previous paper’ it was found that the initial 
creep rate of magnesium single crystals, y, fol- 
lowing the addition of a stress increment in the 
range of 78° to 364°K, was given by the expression 


Cexp~ {27 exp {p(t —h y)} [1] 


H. CONRAD, Member AIME, is Research Metallurgist, Westinghouse 
Research Laboratory, Pittsburgh, Pa. W. D. ROBERTSON, Member 


AIME, Yale University, New Haven. Conn. 
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where B and C are constants, Ad is an activation 
energy of 10,300 cal per mole, 7 is the applied 
stress, y is the total strain at the time of the stress 
increment, and h/ is the strain-hardening coefficient. 
The present paper is concerned with certain other 
features of creep behavior observed during this in- 
vestigation; namely, the form of the creep curves, 
time laws for creep, recovery, and microscopic 

and X-ray observations of the structural manifes- 
tations of the creep flow. To the authors’ knowledge 
the temperature range of the present investigation 
(0.08 7,, to 0.40 7,,,) has not been covered previ- 
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ously in any investigation on the creep of single 
crystals of close-packed-hexagonal structure. 

The experimental procedure was described in 
detail previously.’ Briefly, constant stress, incre- 
mental loading creep tests (1 to 10 g per sq mm in- 
crements) were conducted on 0.4-in.-diam magne- 
sium crystals* of < 0.05 pct impurity content in 
tension at 78°, 203°, 298°, and 364°K.T Similar 


*Orientations were determined by the Laue back-reflection tech- 
nique and are given in Table I. 


tConstant-temperature baths employed were: 78°K, boiling point of 
liquid nitrogen; 203°K, sublimation of solid CO, in acetone; 298°K, 
ae oil regulated to + 0.01°C; 364°K silicone oil regulated to 


tests were made in direct shear at 298° and 364°K. 
Strain was measured by means of a clip gage em- 
ploying SR-4 resistance strain gages connected to 

a Baldwin SR-4 strain recorder operating at /i2 rpm. 
This combination gave a strain sensitivity of 

3 x 107° for the tensile tests and 1 x 107° for the 
shear tests. All stresses and strains reported sub- 
sequently are resolved shear stresses and strains. 


EXPERIMENTAL RESULTS 


Character of the Creep Curves— Typical creep 
curves in tension at 78° and 364°K are shown in 
Figs. 1 and 2; similar curves were shown for ten- 
sion tests at 203°K and for shear at 298°K ina 
previous paper.’ The encircled numbers in Figs. 

1 and 2 indicate the sequence of stress increments; 
the size of each increment is given by the difference 
in total stress between 2 successively numbered 
curves. The following features of these curves are 
significant with regard to the creep mechanism: 


Crystal 29 150 g/mm'@ 
g/mm*@) 
20}+— 
2 
° 145 g/mm 
155 g/mm? 
160 g/mm*© 
176 9 
140 g/mm? 
"ee | | | 
8 10 12 


Time- minutes 
Fig. 1—Typical incremental creep curves in tension at 
78°K. Encircled numbers indicate sequence of stress in- 
crements in the a range. 
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364°K AC 
Crystal 34 ° 
Tens a7 244 
50}- sion 90 
of ® 
° ° 
° 
° 
Ys 
° 
° 
off 6° 
> 81 g/mm? @ 
fe) 2 4 6 8 10 12 14 16 


Time - minutes 
Fig. 2—Typical incremental creep curves in tension at 
364°K. Encircled numbers indicate sequence of stress in- 
crements in the plastic range. 


a) S-Type Creep Curves—A creep curve of sig- 
moidal character was frequently observed within 
15 g per sq mm following the stress at which creep 
first occurred; for example, the curve for 145 g per 
Sq mm in Fig. 1, the curve for 79 g per sq mm in 
Fig. 2, and curve A of Fig. 3. This type of curve did 
not occur for subsequent stress increments except 
after a long period (> 1000 min) of previous creep 
strain at 298°K, curve B in Fig. 3. This behavior 
is indicative of a yield phenomenon. Support for 
this was given by the fact that upon unloading crys- 
tal 22 after the strain shown in Fig. 3, curve A, and 
reloading, yielding occurred at a lower stress (2 g 
per sq mm lower) than the initial yield stress, in 
spite of the fact that a shear strain of 5 pct had oc- 
curred during the first loading. Also a yield-point 
behavior in magnesium crystals of the present pu- 
rity (< 0.05 pct total impurity) has been reported by 
Krashes and Burr.” The impurity causing it was not 
determined. 

b) Irregular Creep Flow—The creep curves often 
consisted of waves in which the flow was initially 
high and then decreased. Waves occurred at all 


Table |. Orientation of Magnesium Single Crystals 


Crystal No. X3, Deg Ag, Deg Test Method 
7 19 35 Tension 
11 85 85 Shear 
22 24 24 Tension 
23 18 29 Tension 
29 23 31 Tension 
32 14 15 Tension 
34 34 34 Tension 
35 13 21 Tension 
36 10 20 Tension 
40 60 62 Shear 
52 23 27 Tension 


*Angle specimen axis makes with the basal plane. 
tAngle specimen axis makes with the slip direction. 
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Siok A- Crystal 22 -50 g/mm? | 

$ B - Crystal 52 - 74 g/mm* 

a C - Crystal 35 -59 g/mm? (7) 


Curves A&C 

i@) a 8 12 16 20 24 
Time - minutes 


Fig. 3—Irregularities in creep curves at 298°K; curves A 
and B —S-type creep curves; curve C — waves in creep 
curve. 


temperaturés and were not associated with tempera- 
ture fluctuations in the constant-temperature bath. 
They were noted when the strain was measured by a 
cathetometer sighting on the specimen as well as 
with the use of an SR-4 clip gage external to the 
specimen. The location and construction of the 
creep apparatus precluded vibrations as a cause 
for the waves. 

The period of the waves varied from 2 to 15 min 
while the amplitude varied from a strain of 
0.5 x 107* to 10x 107°. The period decreased 
and the amplitude increased as the creep rate in- 
creased. Also, at higher strain rates the flow rate 
at the end of a wave was higher than for lower 
strain rates. Asa result the waves were more pro- 
nounced at the smaller creep rates, see curve C in 
Fig. 3, The waves were independent of crystal ori- 
entation and total stress and strain. 

Periodic phenomena have been observed previ- 


ously in the creep of single crystals of lead, * zinc, *® 


and aluminum.*»” Seitz and Read® suggest that such 


waves are associated with the heat liberated by the 
motion of 1 dislocation supplying additional thermal 
energy for the motion of other dislocations. How- 
ever, this feature of creep still needs further clari- 
fication because the phenomenon is not always ob- 
served under conditions of equal sensitivity as 
implied in the mechanism proposed by Seitz and 
Read. A satisfactory explanation for these phe- 
nomena must await the development of a detailed 
model of the creep process. 

c) Transient Creep—When the periodic nature of 
the creep curves was ignored and a continuous curve 
drawn through the points, the creep curves were all 
transient in character; i.e., the rate decreased con- 
tinually with time. For the sigmoidal curves the 
decrease occurred following the initial increase, 
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while for all others it occurred immediately after 
the addition of a stress increment. 

d) Repeating of Segments of the Creep Curves— 
Figs. 1 and 2 of the present paper and Figs. 3 and 4 
of the previous paper’ show that the addition of 
equal stress increments after equal time intervals 
leads to a stage where the creep curve is repeated. 
When the stress increment was smaller than that 
required for a complete repeat, the new curve was 
found to be a segment of the previous curve, Figs. 
4 and 5. When the stress increment was greater 
than that required for a complete repeat, the curve 
at the lower stress was a duplication of a segment 
of the curve at the higher stress, Fig. 6. Matching 
of the curves for the smaller increment was accom- 
plished by tracing the subsequent curve (the one fol- 
lowing the stress increment) on transparent paper 
and then shifting it back on the previous curve until 
the 2 curves coincided along some segment of the 
previous curve. Similarly, matching of the curves 
for the larger increment was accomplished by mov- 
ing the previous curve forward on the subsequent 
curve. The arrows indicate where the coincidence 
begins. 

The stress increment Az and repeat strain Ay,, 
which had to be back-tracked or moved forward 
to produce coincidence were related as follows: 


At = hAy, [2] 


where h is the strain-hardening coefficient the value 


of which agreed with the slope of the linear region of | 


the stress-strain curve derived by plotting the ac- 


30 


Shear Strain 


177 g/mm* (© 


A-Crystal 35, 298°K 
B-Crystal 23, 203°K 
C-Crystal 29, 78°K 
| | 


| 
5 10 20 35 
Time -minutes 


Fig. 4—Repeating of segments of previous creep curves at 
78°, 203°, and 298°K. Tension tests. 
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Fig. 5—Repeating of segments of previous creep curves at 
364°K. Tension tests. 


cumulated sum of the stress increments against the 
accumulated sum of the strain increments. 

At 298° and 364°K coincidence did not always oc- 
cur for the first part of the curve at the higher 
stress, but did for later parts as shown in Fig. 5 
for crystal 34 at 89 and 90 g per sqmm. In such 
cases the repeat strain was given by the sum of 
the strain on the subsequent curve from the begin- 
ning to the point of coincidence and the strain on 
the previous curve from the point of coincidence to 
the end of the curve. This noncoincidence of the 
early part of a new creep curve was accentuated by 
an increase in temperature and previous creep 
time. 

Wyatt® observed similar repeating of segments of 
the creep curves of polycrystalline copper after the 
addition of small stress increments. He noteda 
linear relationship between the stress increment 
and the logarithm of the repeat time. Since in his 
tests the creep strain was proportional to the log- 
arithm of time, the stress increments are also 
linearly related to the repeat strain. In the present 
tests the stress increments could not be simply re- 
lated to the repeat time. 

Time Laws for Creep—If Eq. [1] applies to the 
entire creep curve, then the slope of a plot of the 
logarithm of the creep rate against the creep strain 
is the product —Bh. Fig. 7 shows that a straight 
line is obtained for such a plot for the tests at 78° 
and 203°K. (The creep rates were determined by 
graphical differentiation of the creep curves.) In 
agreement with the foregoing discussion, the curves 
for the various stress increments superimpose to 
give one master curve. 
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Curves A&B 
20 84 minj40 
c 90 g/mm*(3) 
30.5 x10" 
a min 430 
5 ray 
2 
A-Crystal 29, 78°K 
5 B-Crystal 23, 203% | 10 
C-Crystal 22, 298°K 
D-Crystal 34, 364°K 
Curves C & D 
(e) 10 20 30 40 50 60 70 


Time — minutes 


Fig. 6—Repeating of previous creep curves by segments of 
subsequent curves. Tension tests. 


The values of B obtained from the slopes of the 
log creep-rate versus strain curves (by taking the 
value of h given by Eq. [2]) are presented in 
Table II. These are in agreement with values ob- 
tained by comparing the creep rate immediately 
following the addition of a stress increment with 
that immediately preceding the increment. It should 
be particularly noted that the value of B obtained ex- 
perimentally is independent of temperature, whereas 
the theories for low-temperature deformation based 
on the intersection of dislocations threading the 
glide plate’ * require that B is proportional to the 
reciprocal of the temperature. 

Integration of Eq. [1] gives the following time law 
for creep at 78° and 203°K after the addition of a 
stress increment: 


y = aln (vt+1) [3] 


i.e., logarithmic creep, where 


1 
a= Bh [4] 
and 
v = BhC exp exp B(t — hy,) [5] 


where y, = total strain up to the time of the addition 
of the stress increment. The values of a obtained 
from the slope of a plot of the creep strain versus 
log time for values of vt >> 1 are given in Table II. 
They are in good agreement with the reciprocal of 
the product Bh. 


The theories for low-temperature deformation’* * 


Table II. Effect of Temperature on Strain-Hardening 
Coefficient h and the Constants B and @ 


h,gper B,sqmm 
Crystal Temp, °K sq mm per g x 103 a x 103 


22A 78 320 0.65 4.8 4.6 + 0.4 
29 78 332 0.65 4.6 4.5 +0.5 
23 203 302 0.65 §.1 5.1 +0.1 
35B 203 349 0.60 4.8 4.4+0.1 


AUGUST, 1958-539 


= 
« 
Me 
| 
ie 
of 
» 
| 


w 


78°K 


© 150 g/mm® 
165 g/mm*® 
* 175 /mm*® 
0 177 g/mm* 


10 

Shear Strain x 10° 
Fig. 7—Log creep rate versus creep strain at 78° and 
203°K. Tension tests. 


require that a is proportional to the temperature 
whereas the data of Table II indicate that a is in- 
dependent of temperature. Glen** has similarly 
found a to be independent of temperature for Cd 
crystals in the range 1.2° to 90°K. 

Fig. 8 shows that a straight line is not obtained 
for tests at 298° and 364°K when the logarithm of 
the creep rate is plotted against the creep strain. 
The curves start with a slope approximating that 
at the lower temperatures but decrease from this 
value, indicating that B and/or # decreases with 
creep. The curves for the various stress incre- 
ments superimpose, except for the initial part im- 
mediately following the addition of a stress incre- 
ment. 

The departure from linearity in Fig. 8 can be 
attributed to recovery, which was observed in this 
temperature range but not at the lower tempera- 
tures.(see next section). In view of this recovery, 
Eq. [1] cannot be solved without additional informa- 
tion to give a time law for creep at 298° and 364°K. 
However, as seen in Fig. 9, a straight line is ap- 
proached at these higher temperatures when log 
strain is plotted versus log time, indicating an ap- 
proximation to a parabolic (power) time law of the 
form 


y = pt™ [8] 


Values of m obtained from the initial slope (for 
the first minute) and final slope (for the last log 
cycle) of 90 pct of all such log-log plots (228 in 
number) were within the following limits: 


Temperature, °K Initial Slope Final Slope 


0.4-0.8 
0.5-0.8 


298 0.5 - 1.0 
364 0.5 - 1.0 


The spread in the values of m was largely due to 
variations in stress increments and time intervals. 
As observed by others, the value of m was in- 
versely related to the amount of strain which oc- 
curred during the first minute, which in turn was 
determined by the size of the stress increment. As 
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a comparison, Roberts** found that transient creep 
of magnesium polycrystals in the range 366° to 
533°K obeyed a parabolic time law with an average 
value of m = 0.53. 

As noted from Fig. 9 and the foregoing table of 
the initial and final slopes of the log-log plots, the 
curves are not completely straight but show a 
slightly negative curvature which increases with 
decrease in temperature. Several authors’*”’ have 
corrected for a positive curvature in such log-log 
plots by taking the creep equation as 


+Bt™ 


where y, is a constant, which in some cases was 
found to agree with the instantaneous loading strain, 
while in others some arbitrary value was chosen to 
give a straight line when log (y — y,) was plotted 
against log time. Since no significant instantaneous 


- strain was observed in the present tests, a juggling 


of y, was only applicable if one took a negative 
value, which would be difficult to explain from a 
physical standpoint and hence did not appear war- 
ranted. . 
Comparing the curves in Fig. 9 it is noted that 
the amount of curvature decreases with increase in 
temperature, so that at 364°K (= 0.4 7,,,;,) the curve 
is almost straight. Thus for magnesium crystals a 
parabolic time law is approached at temperatures 
where recovery associated with a diffusion-con- 


trolled mechanism can occur at significant rates.” | 


Similarly for zinc crystals, whenever the parabolic 
time law has been reported, **®***' the temperature 
has been greater than 0.4 7..;,- This indicates 
that for close-packed-hexagonal metals the para- 
bolic time law is associated with a recovery mech- 
anism that is controlled by the rate of self-diffusion; 
i.e., a dislocation climb mechanism as described by 
Mott. 

Effect of Rest Periods—A limited study was made 
of the effect on the creep curve of rest periods at 
Q load. These tests were generally conducted be- 
tween a series of stress increments, although some 
were run at the end of a series. The procedure 
consisted of completely unloading the specimen, 
allowing it to rest for a given period of time at the 
test temperature, and then reapplying the entire 
load, care being taken to prevent shock loading of 


Crystal 11-3 
Shear, 296°K 
*-61 g/mm® 
g/mm® @ 


Crystal 34 

Tension, 364°K 
4-89 g/mm* 
0-96 g/mm* 


40 3 
Sheor Strain 


Fig. 8—Log creep rate versus creep strain at 298° and 
364°K, 
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the specimen. The creep strain was measured from 
the instant of complete loading, which was generally 
sharply defined on the curve traced by the recorder 
pen. 

No change in the creep rate occurred for rest 
periods up to 75 min at 203° and 78°K. However, 
rest periods of 1 min and longer produced increases 
in the creep rate at 298° and 364°K, indicating re- 
covery at these temperatures. The effect of a rest 
period was best expressed in terms of the ratio of 
the creep rate immediately following the rest pe- 
riod to the rate prior to the rest. Although there 
was considerable scatter in the data the ratio of the 
rates increased with increase in time of resting 
(approximately logarithmically) and with increase 
in temperature, Fig. 10. The amount of increase 
was independent of the previous stress or strain 
history for the present tests which were all con- 
ducted after a previous resolved shear strain of 
4 pct or greater. 

Whenever significant recovery occurred upon 
resting, it was found that the creep curve following 
the rest period did not coincide initially with a seg- 
ment of the previous creep curve; similar to the 
noncoincidence observed for the addition of stress 
increments after long periods of creep. This is 
suggestive of the low-temperature recovery ob- 
served by Cherian, Pietrowsky, and Dorn®™ on 
aluminum polycrystals and by Slifkin and Kauz- 
mann on zinc single crystals. 

Tannenbaum and Kauzmann”® found that recovery 
of zinc crystals occurred under a stress 91.5 pct of 
the previous test stress. One determination of re- 
covery under load was made in the present investi- 
gation. Crystal 52 was loaded incrementally at 
298°K to 69 g per sq mm and after creep at this 
Stress, the stress was reduced to 64 g per sq mm. 
No creep was detected immediately following the 
reduction of stress; however, after an induction 
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period of approximately 2000 minutes a slight in- 
crease in strain (17 x 107*) occurred over a pe- 
riod of 800 min, after which no further strain was 
detected for another 2700 min. The stress was then 
increased again to 69 g per sqmm. The initial 
creep rate following this increase of stress was 

6.3 times the rate just prior to the reduction of the 
stress, indicating that recovery had occurred ata 
stress 93 pct of the previous test stress. 

Structural Changes Associated with Creep Flow— 
a) Surface Markings—In some tests at 298°K in 
which a cathetometer was employed to measure 
strain (X125) faint slip lines were noted shortly 
after creep began. These became more pronounced 
and increased in number as creep continued. Mi- 
croscopic examination at X250 of specimens re- 
moved from the loading fixture indicated that for 
tensile strains of less than 5 pct the spacing of basal 
slip lines was not always uniform around the circum- 
ference of the specimen, similar to the observations 
of Burke and Hibbard?” and Nash and Sheely.” How- 
ever, the spacing became more uniform as the 
strain was increased beyond this amount, so that 
after 10 pct strain a constant spacing was found 
around the entire circumference. The average 
spacing of the visible lines taken perpendicular to 
the slip planes was 3 to 5 x 10-* cm, independent 
of temperature and stress. Between the visible 
lines there were indications of finer lines which 
could not be resolved completely even at higher 
magnifications. A similar spacing and appearance 
of slip lines was observed on the shear specimens. 

b) X-ray Studies—All crystals were X-rayed by 
the Laue back reflection technique following each 
series of creep tests at a given temperature. The 
Laue spots after creep in tension and shear showed 
either no change or only very slight asterism, in- 
dicating that the deformation approached homoge- 
neous shear. Whenever asterism was noted it was 
always more pronounced when the X-ray beam was 
perpendicular to the major axis of the glide ellipse 
as compared to the minor axis, corresponding to 
bending about an axis in the slip plane and perpen- 
dicular to the slip direction in agreement with 
earlier observations” on bending, resulting from 
tensile stressing of magnesium crystals. Slight 
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Fig. 10—Effect of rest periods at 298° and 364°K on ratio 
of creep rate after resting to that before resting. 
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Fig. 11—Variation of the creep rate with the effective 
stress, Te = T —hy. Tension tests. 


rotations about other axes in the slip plane also 
were observed for some specimens. 

Changes in orientation resulting from creep strain 
in tension obeyed the geometrical laws of slip with 
regard to the rotation of the basal plane and the 
< 100 > slip direction towards the specimen axis. 
The observed rotations agreed within 1° to 2° of 
those calculated from changes in length. 


DISCUSSION AND CONCLUSIONS 


Of special significance is the fact that the creep 
curves at a given temperature were all segments 
of a master curve; i.e., identical conditions for 
creep flow existed after various stress and strain 
histories. This suggests that during creep the 
effective stress 7, is not the applied stress but 
rather the difference between the applied stress 
and an internal stress due to strain. Further, 
Fig. 11 indicates that the creep rate is given by 


y = C* exp Br, [7] 
where 
Tt =T—hy [8] 


Assuming a thermally activated process with 
activation energy AH, we can write 


C* = C exp (- ai) [9] 


The average value of AH obtained by combining 
Eqs. [7] and {9] and using the data from plots simi- 
lar to Fig. 11 was 10,000 + 1000 cal per mole in 
agreement with that reported previously.’ 

The internal stress due to strain can result from 
the accumulation of dislocations at internal ob- 
stacles. Low-temperature, logarithmic creep would 
then occur when dislocations are unable to surmount 
these obstacles. At intermediate temperatures, i.e., 
bounded by the temperature at which recovery first 
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occurs (0.22 T,, < 7 < 0.32 T,,) and the temperature 


at which dislocation climb can occur at a significant 
rate (approximately 0.40 7,,), creep behavior must 
be considered in terms of a low-temperature re- 
covery mechanism as well as the primary deforma- 
tion mechanism occurring at the lower tempera- 
tures. In this temperature range the effects of re- 
covery on the parameters of Eqs. [7] and [9] must 
be evaluated before a detailed time law can be de- 
veloped. It is suggested that in this temperature 
range, some of the dislocations will be able to 
surmount their obstacles, or form configurations 
with a lower long-range stress field, but the rate 

of accumulation is always greater than the rate of 
escape. At high temperatures, (7> 0.40 7 all 
dislocations can escape by climbing over obstacles 
giving parabolic creep; a steady state is reached 
when the rate of escape is equal to the rate of 
arrival. 

For low-temperature creep, i.e., temperatures 
at which recovery did not occur, it was found that 
the parameters a of Eq. [3] and B of Eq. [7] were 
independent of temperature rather than propor- 
tional to the temperature or to the reciprocal of 
the temperature, respectively, as required by the 
theory for low-temperature creep based on the 
intersection of dislocations.‘°"* This represents 
a serious objection to this theory and must be 
evaluated before further progress can be made in 
understanding thermally activated deformation at 
low temperatures. 
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The Effect of High-Temperature Aging on the 


Development of Minor Phases in an Age- 


Hardening Nickel-Base Alloy 


Specimens of Inconel-X alloy solution-treated at 2050°F and aged for periods of 1, 
10, 100, and 1000 hr at 1200°, 1400°, and 1600°F have been examined by electron mi- 
croscopy and by electron and X-ray diffraction. Four minor phases were identified: 
titanium nitride, niobium nitride, an M,;C, complex carbide, and the intermetallic y* 
phase. The two nitrides were found in all of the aged specimens and in the solution- 
treated alloy, the y° phase formed at all aging temperatures, while the M,,C, carbide 
formed only on aging at 1200° and 1400°F. Variations in the hardness, rupture strength, 
creep strength, and yield strength of the alloy have been shown to be related to variation 
in the size and distribution of the particles of the y* phase within the matrix grains of 
the alloy, with maximum values of these properties occurring when there is a maximum 
amount of the phase present and a fine state of dispersion of the particles prevails. 


W. C. Bigelow, J. A. Amy, and L. O. Brockway 


Tue nickel-chromium alloys containing titanium 
and aluminum are widely used in applications re- 
quiring high strength at elevated temperatures. 
Studies on relatively simple ternary and quater- 
nary alloys*~* have indicated that the favorable 
high-temperature properties of these alloys are 
related to the precipitation of an intermetallic y*- 
phase having a structure based on that of the Ni, Al 
phase of the nickel-aluminum system. The present 
investigation was undertaken to identify the minor 
phases and to study the microstructural changes 
occurring in one of the more complex commercial 
alloys as a result of aging in the service tempera- 
ture range, with particular emphasis on investigat- 
ing the role of the y*-phase. The microstructural 
changes were studied by electron microscopy and 
the minor phases were identified by X-ray and elec- 
tron diffraction. 


W. C. BIGELOW, J. A. AMY, and L. 0. BROCKWAY are connected 
with the Department of Chemistry, University of Michigan, Ann Arbor, 
Mich. This research was carried out through the Engineering Research 
Institute of the University of Michigan under Contract AF-33 (616)-23 
for the Metallurgy Branch of the Aeronautical Research Laboratory 
—" Wright Air Development Center, Wright-Patterson Air Force 

ase, Ohio. 
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MATERIALS AND METHODS 


Inconel-X alloy was selected for this investigation 
because the previous studies of Frey, Freeman, and 
White® provided extensive information on the varia- 
tions in metallurgical properties of this alloy re- 
sulting from high-temperature aging treatments. 
Specimens aged 1, 10, 100, and 1000 hr at 1200°, 
1400°, and 1600°F were made available for the 
present use. These were taken from 1-in. round- 
bar stock of a commercial heat having the following 
weight composition: 0.04 C, 0.56 Mn, 6.59 Fe, 0.007 
S, 0.38 Si, 0.03 Cu, 73.22 Ni, 14.97 Cr, 0.78 Al, 2.38 
Ti, and 1.02 Nb. They were solution-treated at 
2050°F for 4 hr and then water-quenched prior to 
aging. 

Powder X-ray diffraction patterns were obtained 
from insoluble minor phases which were separated 
from the alloys by digestion in the reagent of Mahla 
and Nielsen.® Back-reflection patterns were ob- 
tained from electrolytically polished surfaces of the 
bulk specimens to detect the y°-phase. Cu-K a ra- 
diation was used in both cases. 

In the electron-diffraction studies, the general 
method developed by Heidenreich, Sturkey, and 
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(5) Aged 10 hr 


Fig. 1—Electron 
micrographs of In- 
conel-X specimens 
solution-treated 4 
hr at 2050° F and 
aged at 1200°F. 
X8500. 


(d) Aged 1000 hr 


Woods’ was used. Specimens were prepared for 
these studies by electrolytic polishing in an elec- 
trolyte consisting of 10 ml of perchloric acid (68 to 
72 pct) and 90 ml of glacial acetic acid, followed by 
immersion etching in aqua regia or by electrolytic 
etching in one of the following reagents: a) 33 ml 
hydrochloric acid and 67 ml glycerol; 6) 5 ml hy- 
drofluoric acid (48 pct), 10 ml glycerol, and 85 ml 
ethyl alcohol (95 pct). For unmounted specimens 
about 1 by %/ by 7 in. in size, the polishing opera- 
tion required about 30 to 90 sec of electrolysis at 
currents of 4 to 6 amp, and the etching, from 5 to 
30 sec at 0.1 to 0.3 amp. Details of the procedures 
used have been described elsewhere.*® 

Electron micrographs were obtained from sur- 
faces prepared for the reflection electron-diffrac- 
tion studies through the use of palladium-shadowed 
collodion replicas. Polystyrene latex spheres’® 
having uniform diameters of 2580A were placed 
on the replicas to indicate the angle and direction 
of shadowing. One or more of these spheres ap- 
pears in each micrograph and provides a convenient 
internal standard of size. 

Precipitate particles also were isolated from the 
matrix for electron diffraction and electron micro- 
scopic examinations using the extraction-replica 
method of Fisher."’ The extraction replicas were 
prepared by depositing a carbon replica film™ on 
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surfaces polished and etched as described in the 
foregoing, and then etching again electrolytically in 
a solution of 2 parts phosphoric acid (85 pct) to 8 
parts water to free the replicas and particles from 
the surfaces. 


RESULTS 


Microstructure— The microstructures of the 
various aged specimens are shown by the electron 
micrographs reproduced in Figs. 1 to 3. Three 
different types of precipitate particles can be dis- 
tinguished in these micrographs: 1) Large, blocky 
particles such as those in Figs. 1(a) and 1(b); 

2) smaller particles which precipitated within the 
grain boundaries; and 3) numerous particles which 
formed within the matrix grains. 

The large blocky particles were observed in the 
solution-treated, unaged specimen and in all of the 
aged specimens. They were quite widely separated 
and randomly distributed throughout the specimens. 
In particular they did not appear to occur preferen- 
tially at the grain boundaries. The size of these 
particles increased with the period and temperature 
of aging, though their number remained relatively 
constant. 

The amount of grain-boundary precipitation, on 
the other hand, varied considerably with aging treat- 
ment; heaviest grain-boundary precipitation oc- 
curred at 1400°F, but considerable amounts were 
also clearly evident at 1200°F. At 1600°F, however, 
definite grain-boundary precipitation was observed 
only in the specimens aged 1 and 10hr. It is inter- 
esting to note that in these specimens, unlike those 
aged at lower temperatures, no precipitate particles 
formed in the regions of the matrix grains near the 
grain boundaries. 

The development of the precipitate within the 
matrix grains followed the pattern typical of reac- 
tions involving generalized precipitation from solid 
solution, with an increase in the size and separation 
of the particles with increasing time and tempera- 
ture of aging. Estimates of the variation in the 
sizes of these particles with aging treatment are 
plotted in Fig. 4. It is particularly interesting to 
note the definite cubic shape and the highly ordered 
arrangement of the particles in the specimen aged 
1000 hr at 1400°F, Fig. 2(d). In all other specimens 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| (a) Unaged a (c) Aged 100 hr 
Pp 
ti 
ce 
TH 


t- 


\E 


=, micrographs of In- 
are conel-X specimens 
hr at 2050°F and 
aged at 1400°F. 
lod 
X8500. 


Pog - 


(d) Aged 1000 hr 


the particles appeared spheroidal in shape and 
randomly arranged in the matrix. 


Minor Phases—Four different minor phases, NbN, 
TiN, M.,C,, and y*, were identified, and the occur- 
rence of these phases in the alloy was found to de- 
pend on the aging treatment, as indicated in Table I. 

' The NbN and M,,C, phases were identified from 
electron-diffraction patterns obtained by the reflec- 
tion method. Diffraction data from 2 typical pat- 
terns are given in Table II and show the excellent 
agreement with data previously reported for these 
phases. It is interesting that the electron-diffrac- 
tion patterns generally contained more diffraction 
lines for the M,C. carbide than are usually re- 
ported from X-ray diffraction studies, particularly 
at high d-values. Lattice parameters calculated 
from several patterns from each specimen were 
all in the range of 10.6 to 10.7A. 

The TiN phase was identified from the X-ray dif- 
fraction patterns obtained from the extraction resi- 
dues. For reasons presently unknown, TiN lines 
were observed only rarely in the electron-diffrac- 
tion patterns. Residues from the unaged specimen 
and from the specimens aged 1 and 1000 hr at 
1200°, 1400°, and 1600°F were examined. The 
patterns from all of these residues were generally 
the same, and consisted only of 2 sets of face- 
centered-cubic diffraction lines which corresponded 
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(4) Aged 10 hr (c) Aged 100 hr 
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to NbN (a, = 4.38A) and TiN (a, = 4.23A) except in a 
few cases when very long exposures produced a few 
weak M,,C, lines from the residue from the speci- 
men aged 1000 hr at 1400°F. In all patterns, the 
NDN diffraction lines were considerably stronger 
than those of TiN, suggesting that the alloy gener- 
ally contains somewhat more of the NbN than of the 
TiN phase. There were no detectable variations in 
the d-values or the relative intensities of the dif- 
fraction lines to indicate changes in the composi- 
tions or relative amounts of the TiN and NbN 
phases as a function of the aging of the alloy. 

The y*-phase was identified both by the back- 
reflection X-ray diffraction studies and by selected 
area electron-diffraction examinations of the ex- 
traction replicas. X-ray patterns obtained from 
the specimens aged 1000 hr at 1200°, 1400°, and 
1600°F contained weak diffraction lines adjacent 
to the strong matrix lines at positions correspond- 
ing to a phase having a cubic unit cell about 0.5 pct 
larger than that of the matrix. These results are 
similar to those obtained by Nordheim and Grant* in 
studies of the y*-phase of other nickel-chromium 
alloys of similar titanium and aluminum content. 
One additional and particularly interesting pattern 
was obtained in a Debye-Scherrer camera from a 
fine needle cut from the specimen aged 1000 hr at 
1400°F. This pattern was very spotty owing to the 
limited number of grains exposed to the X-ray 
beam; however, adjacent to each strong matrix 


Table |. Minor Phases Identified in Aged® 
; Specimens of Inconel-X Alloy 


Temperature of Aging 


Time of 
Aging, Hr 1200°F 1400°F 1600°F 
1 NbN, TiN NbN, TiN 
M,;C,, y' y’ 
10 NbN, TiN NbN, TiN NbN, TiN 
‘ ‘ 
M,3C, M,;C,, ¥ Y 
100 NbN, TiN NbN, TiN NbN, TiN 
1000 NbN, TiN NbN, TiN NbN, TiN 


*All specimens were solution-treated 4 hr at 2050°F prior to aging. 
Only TiN and NbN were identified in the alloy in the solution-treated 
condition. 


AUGUST, 1958-545 


° ~ 4 
a 
r, 
n 
= 
: 


4 


(a) Aged 1 hr 


< 


Fig. 3—Electron 
micrographs of In- 
conel-X specimens 
solution-treated 4 
hr at 2050° F and 
aged at 1600°F. 
X8500. 


(d) Aged 1000 hr 


spot was a weaker y° spot which in all cases was 
located on a radius joining the matrix spot and the 
center of the pattern. This could occur only if the 
y° spots were from the same grains as the cor- 
responding matrix spots, and if the two phases had 
the same crystallographic orientation in the grains. 
An orientation of this type is to be expected since 
both phases have face-centered cubic unit cells of 
very nearly the same size. 

Extraction replicas were obtained from the speci- 
mens aged 100 and 1000 hr at 1400° and 1600°F. 
The principal particles extracted were those which 
precipitated within the matrix grains. The selected 
area electron-diffraction patterns from these rep- 
licas consisted of a prominent set of very strong 
spots corresponding to the normal face-centered- 
cubic reflections (Miller indices of 111, 200, 220, 
311, and so on) and additional very weak spots cor- 
responding to the superlattice reflections expected 
for the ordered structure of the y*-phase. A typical 
micrograph and selected area electron-diffraction 
pattern for the specimen aged 1000 hr at 1400°F are 
reproduced in Fig. 5. The strong face-centered- 
cubic reflections are clearly evident in the electron- 
diffraction pattern. The superlattice reflections, 
while readily evident in the original diffraction pat- 
terns, were too weak to reproduce well; therefore, 
their positions are indicated in the accompanying 
diagram. These patterns indicate a high degree of 
preferred crystallographic orientation of the par- 
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ticles, and this orientation was found to be the same 
over an entire area of the replica corresponding to 
a grain or twin in the metal. The number of spots 
occurring in a given pattern depended on the orien- 
tation of the particles in the area of the replicas 
examined, but when patterns were taken from sev- 
eral different grains, a complete set of cubic re- 
flections was obtained for all specimens. A value 
of 3.57 + 0.01A was obtained for the lattice parame- 
ter in all cases. These results are in good agree- 
ment with the previous observations on the y*- 
phase,‘ and similar results have been obtained for 
several other commercial nickel-base alloys.’° 


Table Il. Comparison of Electron-Diffraction Data from Aged 
Inconel-X Specimens with Diffraction Data" for M,,C,, NbN, and 
the Matrix Phase 


Specimen Aged Specimen Aged M,;C, NbN Matrix 
1000 Hr at 1400°F 1000Hrat 1600°F Pattern Pattern Pattern 


d I d I 
6.3 w 6.13 
33 w 5.32 
3.8 w 
ae w 3.21 vw 
= w 3.07 vw 
2.66 w 
2.54 m 2.53 s 2.53 s 
2.43 vw 
2.37 ms 
2.18 s 2.19 s is 2.19 s 
2.06 s 2.05 m 2.04 s 2.06 s 
1.88 ms 1.88 m 
1.79 ms 1.79 m 1.79 s 1.78 ms 
1.77 m 
1.69 w 1.68 vw 
1.62 vw 
160 w 1.60 vw 
155 am 1.56 m 1.53 1.55 ms 
1.48 w 1.49 vw 
1.48 vw 
1.42 w 1.42 
1.38 w 1.38 vw 
1.33 m 1.34 m 1.33 w 1.32 m 
1.30 
1.28 w 1.29 
1.26 m 1.26 m 1.26 s 1.27 w 1.26 m 
Las 1.23 w 


®The d-values given here for the M,,C, pattern include all permis- 
sible values for a face-centered cubic structure and were calculated 
for a lattice parameter of 10.63A,. This value and the intensity values 
given are based on data published by Rosenbaum. ~ The NbN data 
are based on results of Rosenbaum!3 and Beattie and VerSnyder. !4 
The matrix data were obtained by X-ray diffraction, using Cu-Ko 
radiation. 
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Fig. 4—Estimated range of size for y’-particles in Inconel- 
X specimens aged at 1200°, 1400°, and 1600°F. 


DISCUSSION 


By comparison of the diffraction results and the 
observations on the microstructure of the alloy it 
is possible to identify the different types of precipi- 
tates, and thereby obtain considerable information 
on the distribution of the different phases within the 
alloy. The large blocky particles can be identified 
as particles of the titanium and niobium nitrides 
inasmuch as these were the only precipitate par- 
ticles and the only minor phases found in the solu- 
tion-treated, unaged specimen. The presence of 
these particles in this specimen, together with 


(a) Electron micrograph 


(5) Electron diffraction pattern 


their large size and random distribution, suggests 
that they were stable at the 2050°F solution- 
treating temperature, and formed either during 

the solution treatment or some previous high- 
temperature manufacturing process. It is there- 
fore not surprising that they persist under all the 
aging conditions used here. That they apparently 
increased in size without increasing appreciably in 
number during aging suggests that most of the ni- 
obium and titanium-nitride phases that formed dur- 
ing the aging treatments deposited on existing par- 
ticles rather than forming new ones. 

The numerous particles which precipitated within 
the matrix grains have been shown by the selected 
area electron-diffraction results to be y*-phase. 
This is also indicated by the back-reflection X-ray 
diffraction results, since these are the only precip- 
itate particles present in sufficient numbers to pro- 
duce the y* lines in the X-ray patterns under the 
conditions used. Electron microscopic studies us- 
ing selective etching techniques” have confirmed 
that the y°-particles are the principal ones precip- 
itating within the matrix grains, and that the y*- 
phase rarely occurs at the grain boundaries. 

It is interesting that the y*-particles in the speci- 
men aged 1000 hr at 1400°F were predominantly 
cubic in shape, but in all other specimens appeared 
more nearly spheroidal. The weak superlattice 
spots in the selected-area electron-diffraction pat- 
terns show that the y*-phase has an ordered struc- 
ture in this alloy similar to that reported for the 
simpler alloys.” In addition, the spotty character 
of these patterns, and the locations of the y*-re- 
flections in the X-ray pattern from the needle spec- 
imen, indicate that all of the y”-particles in a given 
matrix grain or twin have a common crystallo- 
graphic orientation with their crystallographic 
axes parallel to those of the matrix. 

The material which precipitated in the grain 
boundaries during aging appears to consist pre- 
dominantly of the complex M,,C, carbide, for elec- 
tron-diffraction patterns of this phase were obtained 
only from the specimens aged at 1200° and 1400°F 
which contain heavy grain-boundary precipitation. 
The light precipitation in the grain boundaries of the 
specimens aged for short periods at 1600°F proba- 
bly consists of the TiN and NDN phases. The ab- 
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(c) Diagram of diffraction pattern 


Fig. 5—Electron micrograph (X8500) and selected-area electron diffraction pattern from extraction replica from Inconel- 


X specimen aged 1000 hr at 1400°F. 
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sence of the y°-particles in the regions near the 
grain boundaries in these specimens may then be 
attributed to depletion of titanium from these re- 
gions, since this element is generally considered 

to enter into the formation of the y°-phase in alloys 
of this type. The absence of a well-defined grain- 
boundary precipitate in the specimens aged for long 
periods at this temperature can be readily accounted 
for by redistribution of the TiN to form larger par- 
ticles. 

It is of particular interest to consider these ob- 
servations on the minor phases in relation to the 
high-temperature properties of the alloy. In their 
studies of the effects of high-temperature aging on 
the metallurgical properties of the alloy, Frey, 
Freeman, and White® found that the hardness, the 
creep strength at high stresses (100,000 psi, meas- 
ured at 1200°F), the rupture strength at low stresses 
(60,000 psi, measured at 1200°F), the 2 pct yield 


strength (measured at 1200°F), and internal strain 
(as indicated by X-ray line broadening), all varied 
with aging in the general manner depicted in Fig. 6. 
From these results it was concluded that the vari- 
ations in these metallurgical properties were con- 
trolled by the precipitation of minor-phase particles 
within the matrix grains of the alloy with an average 
spacing between particles conforming to that of 
“critical dispersion” as defined by Mott and Na- 
barro.’” This spacing was calculated to be of the 
order of 700A. 

From the results of the present investigation it 
is apparent that the minor phase in question is the 
intermetallic y°-phase, since this is the only minor 
phase to develop with a general distribution in the 
matrix grains of the alloy. Furthermore, it is pos- 
sible to obtain a qualitative correlation between the 
microstructure of the alloy and the variations in the 
foregoing “matrix-controlled” metallurgical prop- 
erties. Upon comparison of the electron micro- 
graphs of Figs. 1, 2, and 3 with the curves of Fig. 6 
it is evident that at all temperatures the periods of 
aging required to cause an increase in the “matrix- 
controlled” properties are about the same as those 
required to produce detectable y*-particles in the 
alloy, and that the properties continue to increase 
during the early stages in the development of these 
particles. During these periods, the particles are 
very small, usually averaging only a few hundred 
Angstrom units in diameter, and their average sep- 
aration is in the general range of the value calcu- 
lated by Frey, Freeman, and White® for the condi- 
tion of critical dispersion. It is also probable that 
during these periods the y*-particles are coherent 
with the matrix phase. This is suggested by their 
very small size, by the similarity in the size and 
type of the crystallographic unit cells of the y” and 
matrix phases, and by the high internal strain of 
the alloy during these periods. The maxima in the 
*“matrix-controlled” properties during aging at 
1400° and 1600°F occur as the y*-particles begin 
to coalesce and to depart from the condition of cri- 
tical dispersion. Further aging produced additional 
growth of the particles and a decrease in the prop- 
erties. The facts that the particles take on well- 
defined characteristic shapes, and that the internal 
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° 1 10 100 1000 
PERIOD OF AGING, HR 
Fig. 6—Variation of matrix-controlled properties of In- 
conel-X alloy with aging. Schematic generalization of data 
of Frey, Freeman, and White’ on hardness, rupture strength, 
creep strength, and yield strength. 


strain of the alloy decreases during these periods, 
suggests that the y*-particles also become inco- 
herent. 

These conclusions attributing the age-hardening 
and strengthening of the Inconel-X alloy to the pre- 
cipitation of the y*-phase are consistent with, and 
lend support to, the conclusions of Hignett™ and 
Nordheim and Grant* concerning the role of this 
phase in determining the properties of other simi- 
lar nickel-base alloys. In addition, the correlation 
of the size and distribution of the y°-particles with 
the variations in the metallargical properties of the 
alloy provides direct confirmation of the conclusions 
of Frey, Freeman, and White*® concerning the de- 
pendence of these properties on the dispersion of 
the precipitate particles in the matrix of the alloy. 
It is of particular interest that when the y*-phase 
is exerting maximum influence on the properties 
of the alloy, it is in the form of particles which are 
sufficiently well developed to be recognizable by 
electron microscopy. This is contrary to the opin- 
ion sometimes expressed that the maximum precip- 
itation hardening of the nickel-base alloys occurs 
during the nucleation stage of the precipitation 
process prior to the development of well-defined 
particles of the y“-phase. This is of considerable 
importance, for it suggests that many fundamental 
aspects of the precipitation phenomena in these al- 
loys can be investigated by electron microscopy. 
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Activity of Oxygen in Liquid Iron Alloys 


The equilibrium of gaseous H,O-H, mixtures with liquid iron is used to establish the 
activity coefficient of dissolved oxygen as log {, = — 0.20 [$0]. Discrepancies in earlier 
work are explained or eliminated. Additions of cobalt, molybdenum, tungsten, and plati- 
num increase the activity coefficient of oxygen whereas copper and gold decrease it. 


T. P. Floridis and J. Chipman 


Tue importance of dissolved oxygen as a refining 
agent in liquid steel has led to a number of studies 
of its thermodynamic properties. It is the purpose 
of this paper to examine the effects of a number of 
alloying elements on the activity of oxygen in the 
steel bath. Asa preliminary to the study of the ef- 
fects of alloying elements, it seemed desirable to 
examine certain minor discrepancies in the pub- 
lished data on the properties of oxygen in simple 
iron-oxygen solutions. 

The activity and free energy of oxygen in liquid 
iron were studied by Chipman’ in 1933 by means 
of the reaction 


H, (g) + O = HO (8); K{ = Dy 0} [1] 


The data were in fairly good agreement with calcu- 
lations from results on the similar reaction 
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CO (g) + O = CO, (8); Kz 


which had been obtained by Vacher and Hamilton’ as 
an incidental part of their study of the reaction of 
carbon with oxygen dissolved in the melt. It was 
found that the equilibrium ratio K{ was not a true 
constant but varied with the oxygen concentration in 
the manner shown in Fig. 1, which is copied from 
the original paper. This early observation has been 
refuted in subsequent work but is confirmed in the 
present paper, and an explanation of the discrepancy 
can now be presented. In Fig. 1, the two points on 
the extreme right were disregarded in drawing the 


-5.0 
Fig. 1—The ratio 
x 
in liquid iron at g 8 boo 
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curve because both lay above the monotectic compo- 
sition which, at the time, was taken to be 0.21 pct O. 
It was observed that melts of higher oxygen concen- 
tration are subject to loss of primary liquid wiistite 
during slow solidification, and it was concluded that 
the equilibrium concentration of oxygen would have 
been higher than that observed by analysis and the 
value of lower. 


In a repetition of the experiments on the steam- 
hydrogen equilibrium, Fontana and Chipman® suc- 
ceeded in overcoming the principal errors due to 
thermal diffusion in the gas phase and obtained re- 
sults which indicated that K; is constant at all 
oxygen compositions up to 0.21 pct. This conclu- 
sion was based on the results of 6 experiments in 
the range 0.16 to 0.22 pct O for which the values 
of K{ were in approximate agreement with those of 
heats containing less than 0.07 pct O. Since the 


monotectic point was thought to be 0.21 or 0.22 pct, x 


it was reasoned that below this limit inclusions of 
iron oxide formed during solidification would be en- 
trapped in primary iron crystals and, therefore, 
that the analysis would represent approximately 

the equilibrium composition. 

Subsequent work*® has shown that the solubility 
of iron oxide in iron is considerably less than was 
generally accepted at that time and that the mono- 
tectic point actually lies at about 0.16 pct O. Un- 
fortunately no heat was made in the range 0.07 to 
0.16 pct. The group of heats lying above 0.16 may 
all have lost appreciable amounts of iron oxide dur- 
ing freezing, and the agreement with results at 
lower concentrations may be largely accidental. 
This conclusion is applicable even to the few heats 
which were quenched in liquid tin or in water. Such 
quenching induces freezing from the bottom upward 
and is conducive to separation of the primary liquid- 
oxide phase. The gas-quenching technique intro- 
duced by Gokcen and Chipman’ has the advantage of 
beginning the solidification at the top surface and 
thus assisting in the freezing-in of oxides. 

The trend of the equilibrium ratio to decrease 
with increasing oxygen concentration has been ob- 
served also by Matoba’ and more recently by Averin, 
Polyakov, and Samarin.® In view of the similar be- 
‘havior of sulfur as a solute in liquid iron, ° it is en- 
tirely reasonable that the activity coefficient of ox- 
ygen should decrease with increasing concentration. 
In the work of Dastur and Chipman” a constant ratio 
was assumed and oxygen concentration did not ex- 
ceed 0.06 pct. 

Another minor discrepancy is found when the 
foregoing observations are compared with the re- 
sults of calculations based on the careful experi- 
ments of Darken and Gurry."’ These observers 
determined the ratio pco, /pco for gases in equi- 
librium with liquid iron and liquid iron oxide. The 
solubility of the oxide in the metal is now accurately 
known, and hence K* is readily obtained. This may 
be converted to K- by means of the accurately known 
free energies of the gases involved. The discrep- 
ancy of 580 cal in the free energy, insignificant for 
practical purposes, has been pointed out in “Basic 
Open Hearth Steelmaking.”** Results of the present 

' study afford an explanation and lead to elimination 
of the discrepancy. 
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EXPERIMENTAL METHOD 


A controlled mixture of water vapor, hydrogen, 
and argon was passed over the surface of the liquid 
metal which was held in a crucible of MgO or Al,O, 
and heated by induction. The melt, weighing about 
30 g, was held at constant temperature for a pro- 
longed period under the controlled atmosphere, then 
quenched in a stream of cold helium, sampled, and 
analyzed for oxygen by the vacuum-fusion method. 

The apparatus was the same as that described by 
Gokcen and Chipman® with a slight modification in 
the gas system. A trap cooled by liquid nitrogen 
has been connected in the hydrogen train, prior to 
the presaturator, for the removal of any hydro- 
carbons present in the hydrogen. For the same 
reason a furnace containing cupric oxide and heated 
to 500°C was connected to the argon system and fol- 
lowed by absorbers of ascarite and anhydrone before 
the oxygen-removing furnace. To minimize effects 
of thermal diffusion in the gas phase, a 6:1 ratio of 
argon to hydrogen was maintained in all heats. The 
efficiency of the saturator system was checked 
under a wide range of conditions by absorbing and 
weighing the water from a measured volume of gas. 
The results were always within 1 pct of theoretical. 
The H,O/H, ratio was corrected for the small de- 
viation from ideality at saturator temperature and 
for slight dissociation at furnace temperature. 

The temperature was measured with an optical 
pyrometer which was checked against a similar in- 
strument with N.B.S. certification. It was checked 
frequently against the melting point of electrolytic 
iron in H,-A atmosphere which was taken as 1535°C. 
Emissivities of the liquid Fe-Cu alloys have been 
measured by Smith and Chipman.** That of cobalt 
was determined at its melting point (1490°C, E = 
0.36) and proportionality was assumed for Fe-Co 
alloys. For the alloys containing molybdenum or 
tungsten, the value of E for pure iron was used; for 
the Fe-Pt alloys, E = 0.42; for Fe-Au, E was as- 
sumed the same as for an equal atom fraction of 
Fe-Cu. 

In one series of heats a resistance furnace was 
used. The furnace tube was of recrystallized 
alumina, heated by a silicon-carbide (Globar) tu- 
bular resistor. The temperature was measured 
and controlled to 1550 + 2°C by a platinum- 
platinum rhodium thermocouple placed alongside 
the melt. The couple had been checked at the melt- 
ing points of gold and palladium. The gas was intro- 
duced through a recrystallized alumina tube, 8 mm 
ID, and bubbled through the liquid metal at a rate of 
800 cc per min. Samples were withdrawn by suction 
in a 4-mm-DD silica tube which previously was 
flushed with the outgoing gases. The atmosphere of 
the resistance furnace maintained the 6:1 ratio of 
argon to hydrogen and was expected to be less sub- 
ject to thermal diffusion than the atmosphere of the 
induction furnace. 

Every precaution was taken to assure accuracy of 
the oxygen analysis. The analytical unit was re- 
calibrated with measured volumes of gases. It pro- 
duced acceptable results on all the N.B.S. steel 
samples. Specimens were sectioned vertically to 
avoid segregation errors, and the surfaces were 
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prepared by filing. Melts made under dry H,-A 
mixtures in Al,O, crucibles analyzed 0.0005 pct O. 
This is not necessarily a measure of error, but an 
error of this magnitude would be of little signifi- 
cance for the experimental results. 


EXPERIMENTAL RESULTS 


The results of the experiments at 1550° and 
1600°C on iron-oxygen alloys are shown in Fig. 2 
where the ratio py,0 /Py, is plotted against the per- 
centage of oxygen at 1550° and 1600°C. From the 
curvature of the line it is evident that the activity 
coefficient of oxygen and the ratio Kj are not con- 
stant. In Fig. 3 the logarithm of the ratio K{ is 
plotted against oxygen concentration, and it is evi- 
dent that this quantity is approximately a linear 
function of oxygen content. 

By comparing the results obtained with the induc- 
tion and the resistance furnace, as well as the re- 
sults obtained when the incoming gas was preheated 
to the melt temperature or only to 100°C, it is 
shown that the effect of thermal diffusion is negli- 
gible, if there is any, when a 6:1 argon to hydrogen 
ratio is used. The results of 2 methods also are in 
fairly good agreement. 

In Fig. 3 are shown also the results of other in- 
vestigations. There is 3 fairly good agreement with 
the results of Fontana,* Dastur and Chipman, *° and 
of Averin, Polyakov, and Samarin® at low concentra- 
tions and with those of Matoba’” in the mid range. Of 
especial interest are the 2 points at highest concen- 
trations ascribed to Darken and Gurry.” Their ob- 
servations of the ratio Pco,/Pco for equilibrium 
with liquid metal and liquid oxide were combined 
with solubility data of Taylor and Chipman,°* which 
recently have been confirmed by Fischer and vom 
Ende“ and by Gokcen,** to yield values of Kz. The 
latter are converted to values of K; by means of the 
known free energies of the gases. The agreement 
is excellent. 

It is to be emphasized that Fig. 3 is drawn on 
an extended scale which magnifies the disagreement 
between workers. When viewed against the diffi- 
culties of experimentation at high temperatures and 
low concentrations, the agreement throughout is 
fairly satisfactory. 

The slope in the 2 experimental lines of Fig. 3 in- 
dicates that the activity coefficient decreases with 
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Fig. 2—Variation of oxygen content with the ratio py ,0/PH,: 
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Fig. 3—Effect of oxygen concentration on equilibrium ratio, 
K{ =PH,0/PH, [40]. 


increasing concentration in accordance with the 
relation: 


log fo = —0.20 [% 0] 


The equilibrium constant of the reaction is given by 
the intercept [% O ae (where fo = 1). At 1550°C, 
K, = 4.68; at 1600", -65. 

‘In Fig. 4 is shown a effect of temperature on the 
equilibrium constant as reported by several observ- 
ers. Since the new data cover only a narrow range, 
the best representation of the temperature effect is 
a line parallel to that of Dastur and Chipman.*® 
Such a line is shown in agreement with the new data 
and represented by the equations: 


log K, = 7050/T — 3.20 
AF° = —32,200 + 14.637 


EFFECTS OF ALLOYING ELEMENTS 


The activity coefficient of oxygen determined in 
the presence of an alloying element j may be con- 
veniently separated into factors as in the relation: 


log fy = log f5 + log f!? 


in which the fp refers to the ternary alloy Fe-O-j, 
f6 is the coefficient for a binary Fe-O alloy of the 


same oxygen concentration and f 4 is the contribu- 
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Table |. Equilibrium Data for Fe-O-j Alloys 


Heat No. 


log K’ 


log 


0.060 0.627 
0.0602 0.748 
0.0600 0.755 
0.0083 1.896 
0.0065 1.785 


0. 109 


0.0736 0.536 
0.0642 0.543 
0.051 0.539 
0.0748 0.509 
0.0792 0.503 
0.0582 0.612 
0. 1077 0.504 


Copper, a — 1600°; others 1550° 


0.079 
0.077 
0.198 
0.205 


Molybdenum, 1600° 


53 0.0306 0.569 0.014 4.05 
55 0.0455 0.592 0.040 10.42 
57 0.0488 0.581 0.029 10.22 
58 0.048 0.575 0.023 9.96 
60 0.0837 0.586 0.041 10.01 
62 0.0739 0.578 0.031 9.98 
113 0.0755 0.599 0.053 19.93 
117 0.0758 0.600 0.054 19.97 
Tungsten, 1600° 
63 0.074 0.636 0.089 9.98 
64 0.0768 0.629 0.083 10.02 
65 0.0770 0.621 0.075 9.99 
114 0.0557 0.694 0.144 19.79 
118 0.0537 0.708 0.157 20.79 
Platinum, a — 1570°; b — 1600° 
1l6a 0.049 0.740 0.127 30.01 
119b 0.0558 0.695 0.145 29.93 
Gold, 1550° 
111 0.0770 0.552 -0.103 29.85 
112 0.0775 0.515 -0.140 30.13 
115 0.0838 0.476 -0.178 35.04 


tion of the alloying element. It has been found in 
other studies that f by is a function of the concen- 


tration of j7 but is wholly or nearly independent of 
the concentration of O. Equilibrium data for a 
number of ternary alloys and the corresponding 


values of log f(/ () are given in Table I. 


Fig. 5 shows a variation of K{ with composition 
for alloy systems that have been studied up to 100 
pet. The data for Fe-Ni are quoted from Wriedt and 
Chipman.*® The curve for cobalt proves to be rather 
similar. The point at 100 pct Cu is extrapolated 
from the data of Girardi and Siebert, *’ using the 
free energies of the gases to convert data on K; to 
the desired value of K;. 

_ The negative effect of small amounts of copper 
was surprising since such effects previously had 
been ascribed to attractive forces between the al- 
loying element and oxygen. The attraction between 
copper and oxygen is probably less than that between 
iron and oxygen in view of the relative stabilities of 
the oxides. It is, therefore, necessary to consider 
also interaction energies between alloying element 
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and solvent iron. The iron-copper system shows 
marked positive deviation from Raoult’s law, indi- 
cating that Cu-Fe bond energies are smaller than 
Cu-Cu or Fe-Fe. This effective repulsion between 
copper and iron must be in some way accountable 
for the effect of copper in decreasing the activity of 
oxygen. 

To test this hypothesis, two other elements which 
have little or no attraction for oxygen were added 
to the study. These are gold, which like copper 
shows a positive deviation from Raoult’s law, and 
platinum, which shows negative deviation. Gold 
acted in the same direction as copper, reducing the 
activity coefficient of oxygen while platinum in- 
creased it. 

The effect of these and the other elements studied, 
tungsten and molybdenum, are shown in Fig. 6. Data 
on chromium, “ vanadium,’® and nickel’® are included 
from earlier publications. 

In very dilute solutions a linear relation exists 


between log f _ and the concentration of 7. In this 


range it has been convenient to employ the interac- 
tion parameters: 


(i) 
= bin f N; 


and 
T T T T T T 
Co 
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Pt 

Q.! 

\ 
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Fig. 6—Effect of alloying elements on activity coefficient 
of oxygen. 
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Table Il. Effect of Alloying Elements on the Activity 
of Oxygen in Dilute Solution 


Alloying fo (: log lp 
Element, 8N; No [no] 

W 6.4 +0.0085 
Pt 3.6 +0.0045 
Co 1.7 +0.007 
Ni 1.4 +0.006 
Mo 1.4 +0.0035 
Cu -2.5 -0.0095 
Au -3.0 -0.005 
Cr -8.8 -0.041 
Vv -57. -0.27 


6 log f /5[% Jj] 
Values of these parameters are listed in Table II. 


SUMMARY 


An experimental study has been made of equilib- 
rium in the reaction of hydrogen with oxygen in 
liquid iron and alloys at 1550° and 1600°C. Earlier 
discrepancies have been explained or eliminated. 

The experimental results on pure Fe-O alloys 
are represented by the equations: 


x — 20 
H, (g) + 12) H,O (8); Ky = bu to [% O] 


7050/T — 3.20 
—0.20 [% O] 


The effects of several alloying elements have been 
studied and these are shown graphically. At low 
concentrations, values of the interaction parame- 
ters 5 log f, /d [% j] for the various elements j 
are: 


log K, 


log fo 


An Acoustical Study of 
Aging in Al-4.2 Pct Cu 


+ 0.0035 
+ 0.0085 


Cu —0.0095; Mo 
—0.0050; W 


Co +0.007; 
Pt + 0.0045; Au 


It is shown that the effect of an added element on 
the activity coefficient of oxygen depends not only 
upon its relative bond energy for oxygen but also 
upon its interaction with solvent iron atoms. 
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Low Temperature 


While Gunier-Preston zones are growing in Al-4.2 pct Cu at room temperature, 
Young’s modulus, measured dynamically, increases about 0.4 pct. From the change 
in modulus with time the exponent of time in the vate equation for growth of the zones 
was deduced to be 7/2. From a comparison of the rates of increase of modulus at 1, 
28, and 42°C an activation energy of 12 to 14 Kcal per mole is computed. These find- 
ings support the idea that copper atoms are supplied along dislocation channels to 


growing zones. 


M. E. Fine and Charles Chiou 


In alloys the elastic constants will be functions of 
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the distributions of the atoms. If the degree of 
ordering or clustering is changed, one expects a 
corresponding change in the elastic constants. Dur- 
ing age-hardening of aluminum-copper alloys at 
room temperature, the copper atoms cluster on 
100-type planes in the aluminum lattice forming 
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Guinier- Preston zones. The maximum size of 
these zones is 1 or 2 atoms thick and perhaps 75 
atoms in diameter. Reviews of the theory and 
phenomenology of zones have been published by 
Hardy and Heal? and Guinier.’ 

This paper describes an investigation of the 
kinetics of formation of Guinier- Preston zones 
(GPI in the nomenclature of Heal and Hardy) in an 
Al-4.23 pct Cu alloy through measurement of 
Young’s modulus by a dynamic method. The object 
of this research was to establish the activation 
energy and exponent of time in the rate equation for 
formation of GPI. These quantities are needed in 
order to decide upon the mechanism of growth. 


EXPERIMENTAL PROCEDURE 


The Al-4.23 pct Cu alloy (0.001 pct Si was present 
as an impurity) was prepared in the form of /-in. 
forged rods and donated by the Aluminum Co. of 
America. The specimens (polycrystalline, average 
grain diam 2 mm) 0.200 in diam and 1 % in. long 
were machined from the forged rods. Young’s mod- 
ulus was determined by measuring the fundamental 
resonant frequency of longitudinal vibration, approx- 
imately 53 kc per sec in these specimens. The pre- 
cision was 1 part in 100,000. The apparatus, a mod- 
ification of that described in a previous paper, ° 
employed electrostatic excitation and detection of 
vibrations. It is shown schematically in Fig. 1. 

The maximum strain amplitude was of the order of 
1x 10-%. Anatmosphere of about 1000 u of helium 
was maintained in the envelope containing the ap- 
paratus. This atmosphere did not contribute to 
damping of vibrations in the specimen but did allow 
conduction of heat to the specimen from the sur- 
roundings or vice versa. The envelope was in turn 
placed in a Dewar flask in which a thermostated 
liquid was circulated. 

The experimental procedure for all of the data 
given in this paper was to seal the specimen ina 
pyrex ampule evacuated to about 0.001 yu, solution 
treat for about 2 hr at 512°C and quench in water at 
25°C at the same time breaking the ampule. The 
same quenching procedure was used in all experi- 
ments in order to keep conditions of nucleation con- 
stant. Metallographic examination of a specimen 
which had been solution treated and quenched indi- 


VARIABLE [ 

FREQUENCY 

DRIVING 

OSCILLATOR DETECTOR ELECTRODE 
AND SHIELDING 


SPECIMEN 
15-25 IN. LONG 


~ 


+— DRIVING ELECTRODE 
AND SHIELDING 


ENVELOPE FOR 
MAINTAINING REDUCED 
PRESSURE 


Fig. 1—Schematic diagram of electrostatic apparatus for 
dynamic measurement of Young’s modulus. 
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cated that essentially all of the copper had been dis- 
solved during solution treatment; only an occasional 
particle of a second phase (probably inclusions) was 
observed at a magnification of 1000 diam. 


EXPERIMENTAL RESULTS 


Data for aging at 28°C is given in Fig. 2. The 
first measurements were made 12 min after quench- 
ing. The resonant frequency increases with time. 
The rate of increase decreases with time. The total 
fractional change in frequency, A//f, during aging is 
about 0.2 pct. This is due to a change in Young’s 
modulus, AM, as well as changes in the dimensions 
of the specimen since 2Af/f = AM/M + Al/l. The 
fractional change in length, Al/1, may be neglected 
for this purpose since Fink and Smith* found that 
the length of a sample similarly treated changed 
only 0.006 pct. The room temperature aging ex- 
periment was repeated several times using other 
samples of the same rod with results identical to 
those given in Fig. 2. One of these experiments is 
plotted in Fig. 3. 

For purposes of comparison the microhardness 
(500 g load) is also shown in Fig. 2. In obtaining 
hardness data, care must be taken to avoid previous 
indentations since the rate of aging was observed to 
be more rapid near a previous indentation than else- 
where in the specimen. 

Frequency changes during aging at 1°, 27°, and 
42°C in the same sample are compared in Fig. 3. 

In order to keep the conditions of nucleation con- 
stant in each case the specimen was quenched to 
25°C. In the experiment at 1°C after quenching and 
loading the sample rod into the apparatus, the ap- 
paratus was quickly cooled fo 1°C using dry ice and 
then loaded into the thermostat which was already at 
1°C. A similar procedure was used for the experi- 
ment at 42°C except the apparatus and specimen 
were quickly heated with a lamp. The frequencies 
at 0 time were established by extrapolation and 
neglect the fact that the temperature was changing 
during the first few minutes of the experiments at 
1° and 42°C. The time for each temperature is 
multiplied by a suitable factor in an attempt to fit 
the data to 1 curve. This will be the case if a single 
activation energy is applicable. The scale factors 
giving the best fit are given in Fig. 3 and these in- 
dicate that aging 10 hr at 1°C is equivalent to 1 hr 
at 27°C and 0.36 hr at 42°C. 

In another type of experiment a specimen was 
aged from */2 to 7% hr at 28°C and then the temper- 
ature was suddenly decreased to 1°C or increased 
to 42°C. Data for aging at 28° and 1°C are given in 
Fig. 4. The curve for 28°C is essentially identical 
with that given in Fig. 2. The large increase in fre- 
quency on cooling is due to thermal contraction and 
thermal change in Young’s modulus. The large de- 
crease in rate of frequency change from lowering 
the temperature is obvious from Fig. 4. 

Data for 28° and 42°C are not given. After cor- 
recting the thermal expansion and the thermal 
change in modulus due to heating the specimen from 
28° to 42°C, a large increase in frequency remained 
(about 0.1 pct). This change, which was attributed 
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principally to rapid growth of zones, introduced dif- 
ficulties in interpreting the data. 

Determination of Activation since the 
changes in properties during aging at low tempera- 


tures are most rapid immediately after quenching” 


the nucleation of GPI must occur athermally. Then 
the changes in modulus reported here are due to 
growth of zones which have already nucleated. 

The activation energy for the rate determining 
process for growth of GPI was determined in two 
ways, assuming that the rate of growth of zones is 
proportional to the rate of modulus change. The log 
of 1/F (F is the scale factor in Fig. 3) is plotted 
against 1/T in Fig. 5. (This method is used by 
Turnbull and Treaftis.°) The 3 points fall on a 
straight line. The slope of this straight line cor- 
responds to an activation energy of 14 Kcal per 
mole. The conclusion based upon the data at 42°C 
is somewhat doubtful since as indicated a repeat 
experiment at 42°C gave a value of 1/F which falls 
below the straight line of Fig. 5. Furthermore, in 
view of the data mentioned earlier considerable 
growth of zones probably occurred while the speci- 
men was being warmed from room temperature to 
42°C. This is neglected by the extrapolation in 
Fig. 3. 
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An activation energy was also computed from the 
experiment plotted in Fig. 4. The aging curves for 
28° and 1°C were extrapolated to 0.6 hr. The curve 
in Fig. 2 was used for the 28°C extrapolation. Com- 
parison of the slopes of the 2 curves at this time 
gives an activation energy of 12 Kcal per mole. 

The value of 12 to 14 Kcal per mole determined 
from the resonant frequency data is in fair agree- 
ment with the activation energy value 10 Kcal per 
mole reported by Turnbull and Treaftis® from re- 
sistivity measurements. Friedel® computed a value 
of 9 Kcal per mole from the data reported by Graf 
and Guinier’ for the time required at several tem- 
peratures to give the same intensity of X-ray dif- 
fraction streaks due to GPI (24 hr at 25°C, 1 hr at 
100°C, and 15 min at 150°C). However, this com- 
putation would neglect the rapid aging which prob- 
ably occurred while the specimen was being warmed 
up to the aging temperature. 


Exponent of Time—The data for aging at room 
temperature (specimen 5, 27°C, Fig. 3 and specimen 
6, 28°C, Fig. 2) were analyzed in an attempt to de- 
termine the exponent of time in the rate equation for 
growth of zones. The empirical equation®”° usually 
applicable to phase separation is 
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Fig. 4—Change in resonance frequency 
during aging at 28°C and then 1°C. Spe- 
cimen was aged at 28 C (after solution 
treating at 512°C and quenching in water 
at 25°C) until 0.39 hr and then the tem- 
perature was suddenly lowered to 1°C. 


SPEC. NO.6 


st 


TIME IN HOURS 


Co— Cy _ 

In Eq. [1] C is the concentration of copper in the 

matrix, ¢ is time, m and K are constants. The sub- 


script 0 refers to the initial time, f to the final time, 
and ¢to the time of measurement. 


We define 
(2 
a 
My, —™, 


In Eq. [2] M is Young’s modulus of the sample and 
the subscripts have the same meanings as in Eq. [1]. 
Since by definition a, and a, both are 0 at ¢; and 1 
at ¢,, it seems reasonable to approximate their re- 
lation by a power law. 


A plot of log 1/a,’ against ¢" should then give a 
straight line if the correct value of m is chosen. 
This is done in Fig. 6 for sample 5 aged at 27° 
and m appears to be about 7/2. In Fig. 6 M; and 
M, were determined by extrapolation. Essentially 
identical results are obtained using the data of 
Fig. 2, sample 6 aged at 28°C. 


DISCUSSION 


The principal findings of this investigation are 
1) the activation energy for growth of GP zones of 
the first kind near room temperature is probably 12 
Kcal per mole and 2) the exponent of time (mm) in 
the rate equation for growth of zones is approxi- 
mately 7/2 assuming Eq. [3]. 

According to Zener’s analysis®® if bulk diffusion 
is controlling the formation of the platelets, a value 
of m of 5/2 is expected. The rate of formation of 
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zones at room temperature is several orders of 
magnitude larger than that deduced from extrapola- 
tion of the high-temperature volume diffusion data.*° 
The increase in modulus during aging is half com- 
pleted at 27°C in 2.7 hr (see Fig. 6). Extrapolating 
the bulk diffusion data of Biickle*’ to 27°C, copper 
atoms on the average will only move about 10-° cm 
in 3 hr or a small fraction of the interatomic dis- 
tance, 2.9 x 10-*cm. Moreover, the activation 
energy for bulk diffusion is about 35 Kcal per mole. 
These considerations rule out bulk diffusion as an 
important part of the process for growth of GPI in 
aluminum -copper alloys. 

Turnbull” has suggested, that GPI grow by diffu- 
sion of copper along dislocation channels. Turnbull 
also suggested that the dislocations involved must 
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Fig. 5—Determination of activation energy from variation 
in scale factor with temperature. 
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Fig. 6—Log of 1/a{, plotted against time raised to vari- 
ous powers. Specimen was aged at 27°C. 


move to the copper atoms since bulk diffusion of 

copper to the dislocations is too slow to account for 
the observed kinetics. The lowering in free energy 
from formation of zones is, of course, available as 
the driving force for dislocation motion. ** 


The Role of Rate-History Effects in the 
Calculation of Creep Behavior 


Prior tests by Dorn, where the strain rate in a tensile test was suddenly changed, 


Suppose the copper atoms move to the zones along 
line imperfections and suppose that as a zone grows 
the copper atoms originate from further away. Then 
the volume of a zone would increase as ¢’? and m in 
Eq. [1] would equal 7% since the average distance an 
atom mores in time ¢ is proportional to VDi_ where 
D is the diffusivity. The observed value of activa- 
tion energy 12 to 14 Kcal per mole is not unreason- 
able for diffusion along dislocation channels. 

Assuming that the copper atoms are supplied to 
zones through diffusion channels, these channels 
certainly could not be restricted to 100-type planes. 
Consequently, the channels must cut the zones, and 
the copper atoms must be delivered from the chan- 
nels to the central portion of zones. The copper 
atoms must then diffuse through or on the surface 
of the zone to its periphery. If diffusion from a 
source in a zone to its periphery were controlling 
the rate of growth of the zone, the volume of a zone 
platelet of constant thickness would increase with / 
and a value of ™ = 1 would be expected. This does 
not seem to be the case. 

Consequently, the time law (¢’”) and activation 
energy (12 to 14 Kcal per mole) for growth of GPI 
support the idea that copper atoms reach the zones 
through diffusion channels. 
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have shown a small, but definite rate-history effect to exist. If this effect is neglected 
in the calculation of creep behavior from tensile results, an error should occur. This 
paper shows that this error is smaller than experimental scattering, and may be 


neglected. 
J. D. Lubahn 


Dorn’ has found a small but definite rate-history 
effect in the aluminum alloy 2S-O at liquid-nitrogen 
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temperature using tensile tests with an abrupt rate 
change. Such an effect is to be expected from pre- 
viously temperature-history effects, to- 
gether with general experience that effects produced 
by changing the strain rate a large amount are simi- 
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lar to those produced by changing the temperature a 
small amount. 

Although Dorn was unable to show a rate-history 
effect in 2S-O at room temperature, where the 
strain-rate sensitivity is too small to be measured, 
presumably a similar rate-history effect would 
exist in metals having a small but measurable rate 
sensitivity at room temperature, such as copper.° 
On the contrary, it was found” that the relations 
between creep tests and tensile tests in annealed 
OFHC copper at room temperature were very close 
to those one would expect if there were no rate- 
history effects. Therefore, the following question 
arises: If one calculates creep behavior from ten- 
sile results, how much error would arise by assum- 
ing the rate-history effects found by Dorn to be 
absent? The calculations of this paper are intended 
to answer this question. 


EQUIVALENT STRAIN 


To answer the foregoing question, it is necessary 
to consider Dorn’s rate-history effect in terms of 
more basic quantities than those of the particular 
experiment involved. For this purpose, it will be 
assumed that deformation behavior depends only on 
the current value of strain-hardening, regardless of 
the rate at which the strain was introduced. A quan- 
tity that could be used to express the amount of 
strain-hardening for an arbitrary set of conditions 
is the “equivalent strain”® or the amount of strain 
introduced at a standard temperature and a standard 
strain rate that will cause the same amount of 
strain-hardening as the arbitrary conditions. A 
test at a standard temperature and standard rate 
will be referred to as a “standard tensile test.” 

The criterion of whether the same strain-hardening 
is introduced during the standard tensile test as 
during the arbitrary conditions is that the subse- 
quent flow stress be the same at the standard rate 
and temperature in both specimens. 

For simplicity, 2 additional assumptions will be 
made; i.e., that both the strain-hardening rate 


and the rate sensitivity 


are independent of both strain and strain rate for 
isothermal deformation, * and that if any arbitrary 


*This is true over narrow ranges of strain, such as are covered by a 
room-temperature creep test, but not over wide ranges of strain. 7»® 


amount of strain is introduced at a constant rate é 
(other than the standard rate €,), and then the rate 
is suddenly shifted to the standard rate, the flow 
stress shifts half way from that prevailing at the 
arbitrary rate toward that prevailing in a standard 
test. (Some fraction other than one half, possibly 
more in keeping with Dorn’s data, could be used 
equally well.) In the foregoing equations S = stress, 
€= plastic component of the logarithmic strain, and 
é is strain rate. 
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Fig. 1—Schematic 
diagram showing 
effect of strain rate 
and strain-rate 
change on tensile 
behavior. 


—— STANDARD RATE €, é 
SOME SMALLER RATE € + —2- 


The course of the strain-hardening can be ex- 
pressed by plotting the equivalent strain against the 
actual strain. For a tensile test at the standard 
rate €,, the equivalent strain equals the actual 
strain by definition, Fig. 2. For some other con- 
stant rate, such as € - é,/a (see Fig. 1), the equiv- 
alent strain can be found by sates the previous as- 
sumptions, 


€ — €e 


as shown in Appendix 1. For strain introduced at 
e-em the standard rate (a = 1000), for 

= 0.3, and for n = 0.003, the equivalent strain 
is 3. 4 pet less than the actual strain, for any strain 
introduced, Fig. 2. 


STRAIN-HARDENING IN CREEP TEST 


The course of strain-hardening in a creep test, or 
in any other test where rate is not constant, can be 
followed only if one can find the increment of strain- 
hardening that corresponds to each increment of 
strain. If Fig. 1 expresses the behavior when all 
the strain is introduced at a constant rate other 
than the standard rate, then Fig. 3 will express the 
behavior when an increment of strain is introduced 
at a rate é,/a other than the standard rate. 

Fig. 3 shows a small portion of a stress-strain 
curve at the standard rate €, and a portion of a 
curve for a tensile test made at a rate é,/a. After 
arriving at a point A on a standard tensile-test 
curve, we may consider what happens when an in- 
ake gr of strain de is introduced at a rate 

= €,/q other than the standard rate. At point 
A, “if the rate is suddenly lowered to é,/a, the 


Fig. 2—Equivalent 
strains for a slow, 
constant-strain- 
rate tensile test. 
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Fig. 3—Schematic diagram showing effect of an increment 
of strain introduced at a rate other than the standard rate. 


stress will drop to Sc, whose value can be deter- 
mined on the basis of the original assumptions set 
forth in Fig. 1. AtC, the metal is at the same 
stress as the metal at point F and is stretching at 

a rate (é,/a) equal to that at which metal at point F 
is stretching. Consequently, 2 specimens at C and 
F, respectively, are in the same state of strain- 
hardening, and subsequently will behave in the same 
manner. According to the original assumptions, the 
metal at F will undergo a stress change EF that is 
half of the stress change BF if the rate is suddenly 
changed from é,/a to the standard rate. Thus, the 
stress change from C toA is equal to that from F 
to E, as shown in the figure. 

Since the metal at C behaves like that at F, it will 
now follow a stress-strain curve CJH parallel to 
that extending from F towardG. If only an increment 
of strain de is introduced at €,/a, and then the rate 
is returned to €,, the curve CJH will be followed 
only to J, whereupon the stress will rise almost to 
a point P on curve OABD. The amount of this stress 
increase can be determined from Fig. 3 by consid- 
ering that the metal at J behaves like that at K. If 
the metal at K were subjected to a rate change from 
é,/a@ to é,, the stress would rise to a value at L, or 


half the stress increment KM. Likewise, if the 
metal at J were subjected to a rate change from 
€,/@ to é,, the stress would rise from J to N, an 
amount equal to KL, or one half KM. Finally, at 
a constant rate é,, the metal would follow a curve 
from N extending parallel to APB. 

After the metal has suffered a strain increment 
de at é,/a, a return to the standard rate shows that 
the stress is slightly lower than it would have been 
if the standard rate had prevailed during the same 
strain increment. Consequently, the metal at point 
N is in the same state of strain-hardening as the 
metal at R that would have suffered a slightly 
smaller strain increment de.. Thus,de, is the 
equivalent strain increment that corresponds to the 
actual strain increment de. The relation between 
de and de, is shown in Appendix 2 to be 


de — de, (2 +1 
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ERROR IN CALCULATING CREEP BEHAVIOR 


We are now in a position to find the error that 
would be introduced into a calculation of creep be- 
havior from tensile behavior if one neglected a rate- 
history effect of the order of that found by Dorn. 
The error can be found by comparing the creep be- 
havior first in the absence and then in the presence 
of a rate-history effect. For the purpose of the 
comparison, the creep behavior will be calculated 
both ways for the following particular situation, as 
shown in Fig. 4: m = 0.3, = 0.003, plastic strain 
rate = 0.1 min™’ up toa stress of 8700 psi anda 
plastic strain of 0.01, after which the stress is 
maintained constant at 8700 psi. 

For no rate-history effect, the creep behavior at 
8700 psi can be calculated by utilizing the relation 


(Fae) 


which follows directly from the assumption that 
stress is a unique function of strain and rate. For 
the given conditions, 


m _ 0.3 


the corresponding creep behavior being shown in 
Fig. 5 as a solid line. 

This solid line in Fig. 5 also could have been 
obtained by applying Eq. [2] to various pairs of 
points in Fig. 4, one of the pair being on the creep 
curve and the other on the tensile curve at the same 
strain. Thus 


log (S/9700 
0.008 = 


where S is the stress at the point on the tensile 
curve and é is the creep rate at the point on the 
creep curve. With this approach in mind, it is 
easy to visualize the solid curve in Fig. 5asa 
first approximation to the creep behavior that pre- 
vails when a rate-history effect does exist, the er- 
ror arising from the fact that Eq. [2] was applied to 
points with equal strain, rather than to points with 


8940 


8900 


0.0099 0.0101 0.0103 0.0108 0.0107 0.0109 


PLASTIC STRAIN 
Fig. 4—Constant-stress conditions after reaching a certain 
point in a tensile test. 
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Table |. Calculation of Creep Rates—Second Approximation 


Logi Creep 
Rate—First 
Approximation 
Creep (€in mils per Equivalent Strain 
4 Strain in. per min) Strain Difference 


Stress Logio &1 Log Creep 
Difference, Minus Rate—Second 
Psi Logio &2 Approximation 


0.0100 -1.000 0.0100000 4 

0.0102 -1.860 0.0101990 0.00000 10 
0.0104 -2.703 0.0103961 0.0000039 
0.0106 -3.531 0.0105913 0.0000087 
0.0108 -4.342 0.0107846 


-5.139 0.0109762 


0.0110 


0.00 -1.000 
0.25 0.004 -1.856 
0.98 0.016 -2.687 
2.19 0.036 -3.495 
3.88 0.063 -4,279 
6.00 -5.042 


equal strain-hardening, or equal equivalent strains. 
Using the approximate creep rates already cal- 

culated, it is now possible to calculate the equiva- 

lent strains during the creep test, as shown in Ap- 

pendix 2. Then Eq. [2] may be applied to points of 
equal equivalent strain to obtain a better approxi- 
mation to the creep rates. Further approximations 
beyond this point are unnecessary because of the 
rapid convergence of the process. 

The foregoing calculations have been carried out 
in Figs. 6 to 8. Fig. 6 showsde,/de calculated from 

Eq. [34], Appendix 2, as a function of strain. 

By integrating, the equivalent strains correspond- 
ing to the actual creep strains can be determined, as 
shown in Table I. Each of these values of equivalent 
strain is slightly smaller than the actual strain be- 
cause the creep rate is smaller than the standard 
rate, and the corresponding stress from the stress- 
strain curve is smaller by a corresponding amount 
(see Table I) determinable from the slope of 252,000 
in Fig. 4. The new approximation to the creep rates 
differs from the preceding one by an amount that is 
related to ” and to the stress differences in Table I 


FIRST APPROXIMATION 
CREEP BEHAVIOR FOR NO RATE 
HISTORY EFFECT) 


SECOND APPROXIMATION (CALCULATED 
O--O--O- CREEP BEHAVIOR ASSUMING THAT 
THERE IS A RATE HISTORY EFFECT) 


LOG € (€ in. mils /in. /min) 


-2.00 -1.99 -1.97 


LOG, PLASTIC STRAIN 
Fig. 5—Comparison of creep behaviors calculated with, 
and without, consideration of a rate-history effect. 
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by the following equation, derived from the definition 


of n: 
(Si. 


n= 0.008 = 5305 (log €, — log 


where the subscripts 1 and 2 refer to the first and 
second approximations, respectively. 

Table I summarizes the calculations, and the re- 
sults are plotted in Fig. 5. There is not a linear 
variation in the differences in log creep rate for 
creep behavior with, and without, a rate-history ef- 
fect being present; so that if one takes the log é — 
log € curve to be linear for the one condition, the 
curve for the other condition will not be linear, and 
vice versa. In Fig. 5, the curve for no rate-history 
effect was taken as a straight line, and so the curve 
for rate-history effects prevailing is not straight 
(open circles). The open circles are nearly ona 
straight line, however, and if one fairs the points 
with a straight line (the dashed line), one finds that 
the slope p = (@ log €/@ log €), is about 2 pct dif- 
ferent if the rate-history effect is taken into account 
in the calculations than if it is not. The difference 
in calculated creep behavior for these 2 conditions 
is shown more clearly in Figs. 7 and 8, where the 
2 curves of Fig. 6 have been replotted as 1/é versus 
€, Fig. 7, and then integrated: 


fa rae 
€ 


0.01 


to obtain strain-time curves, Fig. 8. The two strain- 
time curves in Fig..8 differ from each other in shape 
by a very small amount. If one takes the value of p 
as a measure of the shape, the shape difference is 


1.00 


Fig. 6—Calculation 
of effective strain ,, 8 
by integration a 
under variable- 
strain-rate condi- 
tions. 
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Fig. 7—-Determination of time by integra- 
tion for constant-stress conditions. 


(€ in mils /in./min.) 


—1000 
— 


considerably smaller than the discrepancies between 
experimental results®’ and idealized behavior: 


(2 
log €/é 

log 


Whereas the foregoing equation indicates that 
—pn/m should be 1.00, experimentally —pn/m 
varies with strain all the way from 0.90 to 1.15 

for annealed OFHC copper tested at room temper- 
ature. By contrast, a rate-history effect like that 
in 2S-O’ indicates that —pn/m would be 0.98. Thus, 


NO RATE-HISTORY EFFECT 
RATE-HISTORY EFFECT 


10,000 14,000 
TIME - MINUTES 


PLASTIC STRAIN 


° 
° 


! 
80 100 
TIME - MINUTES 


0.0100 


Fig. 8—Comparison of creep behaviors calculated with, 
and without, consideration of a rate-history effect. 
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0.0104 0.0106 
PLASTIC STRAIN 


although a definite rate-history effect exists even at 
low temperatures, the corresponding error in the 
calculation of creep behavior from tensile results 
is smaller than experimental scattering, and may 
be disregarded. Of course, at high temperatures, 
where the metal is structurally unstable, one would 
expect large rate-history effects and large errors 
from neglecting these effects in calculations. 


APPENDIX 1 


Calculation of Equivalent Strain for Conditions of 
Constant Strain Rate—Referring to Fig. 1, the equiv- 
alent strain €, is less than the actual strain € by the 
distance AB in the figure. It has been assumed that 
m is constant over the portion of the curve from A 
to D. Then 


_ log ach, _ log Sp/S 4) 
log (€,/e,) log (€/e, ) 8] 
or 
S,/S, = (e/e,)” [4] 


Inverting and subtracting from unity gives 


= 1 — (e,/e)” [5] 


The relation between Sp and S,. can be obtained from 
the value of m computed at strain e€: 


A log S log Sp - log 
Alogé log €, — log €,/a 
log Sp/S¢ 


“Toga 


wisi (gions) . 
log 


[7] 
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or 
Sp —S 1 

[8] 
Noting that (Sp — S,) is half of (S, — S,), Eqs. [5] 


and [8] may be combined, giving 


APPENDIX 2 


Calculations of Increment of Equivalent Strain for 
Conditions of Variable Strain Rate—In order to ex- 
press the strain-hardening, or increment of equiv- 
alent strain de,, associated with the increment of 
actual strain de, it is necessary to determine the 
corresponding equivalent strainde,.. Referring to 
Fig. 3, the difference NR between de andde, can 
be related to other quantities by considering the 
similar triangles PNR and PTA: 


Sp — Sy 


— de, (a) 


The stress increment (Sp — S7) is related to the 
slope of ARP and the coordinate of P (ep, Sp) 
through the definition of m given by Eq. [1]: 


_ [13] 


The stress increment (Sp — Sy) can be related to 
other quantities by considering the unclosed _ 


PACUN in Fig. 3: 


Sp — Sy = (Sp — Sa) + (SA— Sc) — (S)— Sc) 
— (Sy-S,) [12] 
From Eq. [11], (Sp— S,) can be determined: 


mS pde [13] 


Sp — Sa = €p 


The stress difference (S; — Sc) can be related to 
(Sp — Sy) through (Sy — Sg) (see Fig. 3). (Sy — Sz) 
is obtained from Eq. [11] in a manner similar to 
(Sp —S4): 


€u(Su — Sz) 
Sy (ae) [14] 


Since m is independent of strain, all the ordinates to 
APBM are proportional to the corresponding ordi- 
nates to FKG. The proportionality factor can be de- 
termined from Eq. [2]: 


(log a) 


los [15] 


"= 


from which 
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[16] 


At a given strain, the slopes of the 2 curves are in 
the same ratio as the ordinates. Thus 


Su — SB _ 
Sx— Sr 


Combining Eqs. [14] and [17] gives 


Su — Sp 
a [17] 


mSy de [18] 


n 


At this point, it will be convenient to rewrite Eq. 
[12] as 


S) —-Sc = 


Sp— Sy = [(Sp S4) (S; — 
— [Sy — (S4-Se)] [19] 


The first 2 terms are given by Eqs. [13] and [18], 
respectively. Substituting in Eq. [19] and combining 


gives 
Sp — Sy = = 
24, 
— [(Sy — S;) — (S4 — [20] 


According to the original assumptions, which were 
used in constructing Fig. 3 


72 (Sy — Sx) and. 
/2 (Sp — Sp) [21] 


S4— Sc 


Subtracting and rearranging gives 

((Su — Sp) 

— (Sk — Sr)| [22] 
(Sy — Sg) is given by Eq. [14], and (Sx —S;) is 


given in terms of (Sy — Sg) by Eq. [17]. Substi- 
tuting in Eq. [22] gives 


(Sn — — (SA —Sc) = 


Sud 
(Sy — Sc) = 
x (1 ) [23] 
» 
Substituting in Eq. [20] and rearranging gives 


(1 + [24] 


The quantities Sp, €p, Sy, and €y are related to 
each other in terms of m andn. Using the defini- 
tion of n, Eq. [16] yields the relation 


Sp Su 
Sp — Syn = mae |= Jey 


Sk_ 1 [25] 
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TA NR ~~ de 
Sy — S; = 


16] 


in 


17] 


18} 


20] 


21] 


5] 


OF 


Subtracting each side from unity gives 


[26] 
But 

Sy — Sp = Sy — Sz = 72 (Su — Sx) [27] 
Substituting Eq. [26] gives 

Sy — Sp = Sy (1 — 1/2”) [28] 


Solving for Sy, gives 


2S 
Su= [29] 
If m is constant over the portion of the curve from 
PtoM 


_ log Su/Sp 


Toe (30) 


or 


Sy/Sp = (€y/€p)™ [31] 
Combining with Eq. [29] gives 

2 1/m 


Substituting Eqs. [29] and [32] into Eq. [24] gives 
mSp de 1 + 1/a” - 
Ep 2 
Substituting Eqs. [13] and [33] into Eq. [10], and 


noting that S, and €, are the coordinates of a gen- 
eral point (see Fig. 3), gives: 


dé [34] 


which is the derivative of Eq. [9]. 
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The Determination of Hydrogen in Titanium 


and Its Alloys—A Critical Review 


Theory, operational characteristics, and indicated precision and accuracy of ana- 
lytical methods based on vacuum extraction, equilibrium pressure, and combustion ap- 
proaches are reviewed. At the present time vacuum extraction at 1400°C and the 
equilibrium pressure method are recommended for determination of hydrogen in 


titanium and titanium-rich alloys. 
T. D. McKinley 


Unti a few years ago the role of hydrogen in 
titanium was an unknown factor with regard to its 
effect on the physical and mechanical properties of 
the metal. However, following the work of Jaffee 
and others®*™ it is now generally acknowledged that 
hydrogen has a degrading effect on titanium and its 
alloys. The chief manifestations are a decrease in 
impact strength in a-systems and delayed cracking 
in a-B systems. Since hydrogen does have a de- 
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grading effect on titanium it is essential to control 
it within tolerable limits. It then follows that pro- 
cedures for quantitative estimation of hydrogen are 
a primary requirement for the industry. For great- 


est benefit these methods should be simple, rapid, 


and precise. In addition to having these virtues, 
methods must be easy to duplicate in both equip- 
ment and technique to gain widespread use. 

After inherent accuracy has been established, the, 
required precision to make a method acceptable is 
dependent largely on the nature of the work at hand. 
Ability to obtain a representative sample has a pro- 
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found bearing in the matter. For production usage 
at the present time, methods with a precision of 

+ 10 pct at the 100 ppm level are probably adequate. 
For research purposes a precision of + 5 pct or 
better would be desirable. A precision pattern 
along the lines of that shown in Fig. 1 is suggested 
for general work over the long term. Any method 
conforming to such a precision pattern should be 
satisfactory for practically all analyses. 

It is interesting to note that up until a few years 
ago practically all hydrogen determinations were a 
by-product of vacuum fusion analyses for oxygen. 
Since that time a number of methods have been 
developed for the direct estimation of hydrogen. 
The most widely used of these methods can be 
classified into 3 general approaches: 

1) vacuum extraction methods 

2) equilibrium. pressure methods 

3) combustion methods. 

The following discussion is based on significant 
data when available. In other cases the comment 
is in the form of opinions based on general experi- 
ence in this field. 


VACUUM EXTRACTION METHODS 


When titanium is heated in an evacuated closed 
system to a given temperature, hydrogen is evolved 
until an equilibrium is established between the hy- 
drogen content of the metal and the hydrogen pres- 
sure in the gas phase. If this hydrogen is removed 
from the system by means of an efficient pump, 
more hydrogen will be evolved and, with continued 
pumping, the hydrogen may progressively be re- 
moved to any desired residual level. 

It has been shown that at temperatures below 
1500°C, hydrogen is the only gas removed in meas- 
urable quantity, thus eliminating the necessity of 
gas separations in the analytical process. The gen- 


eral concept of the vacuum extraction method is il- 


lustrated in Fig. 2. In this simplified diagram a 
titanium specimen of known weight is enclosed in a 
side arm attached to the extraction chamber. The 
apparatus is exhausted by the pumping system with 
the extraction chamber held at a temperature equal 
to or in excess of the temperature maintained dur- 
ing analysis. After a satisfactory blank level is 
attained, the apparatus is isolated from the pumps. 
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The sample is manipulated into the extraction 
chamber by means of a magnetic pusher. The 
sample is then heated to a predetermined tempera- 
ture and hydrogen is transferred to the measuring 
system by the diffusion pump (or, alternately, by an 
automatic Toepler pump). After extraction is com- 
plete, hydrogen is estimated by determining the 
pressure at constant volume with an appropriate 
correction for ambient temperature. In actual 
practice the side-arm is charged with multiple 
samples and these are analyzed in turn with ex- 
haustion of the apparatus following each analysis. 

For a given weight and shape of sample, the rate 
at which the hydrogen is removed is dependent on 
the extraction temperature and composition of the 
sample. Temperature has the predominating effect. 
Therefore, it seems logical to refer to the various 
modifications of this method in terms of the tem- 
perature at which the extraction is made. Most 
extractive methods employ temperatures in the 
vicinity of 1000°, 1400°, or 1900°C. These will 
be discussed in turn. 

Vacuum Extraction at 1000°C—A method for the 
determination of hydrogen in titanium by vacuum 
extraction at approximately 1000°C was develgped 
by Young and Cleaves.*” A line drawing of the ap- 
paratus is shown in Fig. 3. The extraction vessel 
is a quartz tube, C, heated in a simple resistance 
furnace. After evacuating the system and heating 
the furnace to 1050°C until a satisfactory blank 
level is reached, a 3 g sample is dropped into the 
quartz tube and the evolved hydrogen transferred 
by pump F to the measuring system. After ex- 
traction for 30 to 40 min for solid samples, or 
15 min for subdivided samples, the pressure in 
the measuring system is noted on oil manometer I. 
The measuring system is then evacuated and the 
equipment is ready for a second sample. The 
Pirani gages are used to give a continuous indica- 
tion of the pressure during evacuation. 

This method employs simple apparatus, easy to 
assemble and repair. Degassing of the apparatus 
to a satisfactory blank is rapid. Approximately 
10 analyses of solid samples or 20 analyses of 
subdivided samples can be completed in 8 hr. The 
accuracy is adequate for commercial analyses of 
samples with moderately high hydrogen content. 
However, at the temperature used (920°C average) 
there is a measurable hydrogen residue after ex- 
traction. This residue is not constant but will vary 
with the composition and physical form of the 
sample as well as the effectiveness of the hydrogen 
sink provided by spent samples. Even though these 
2 sources of error tend to be compensating, there 
would appear to be a good chance of appreciable 
percentage errors in the analysis of samples of low 
hydrogen content. 


GAS 
EXTRACTION DIFFUSION MEASURING &) PUMPING 


CHAMBER pump SYSTEM SYSTEM | exnaust 
we 
HEAT 
Fig. 2—Simplified diagram of vacuum extraction 
equipment. 
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Fig. 3—Apparatus for vacuum extraction at 1000°C. Cour- 
tesy Titanium Metals Corp. of America. 


Young and Cleaves recommend drying Kroll-type 
sponge in a vacuum oven at 300° to 400°C to de- 
compose MgCl,°H,O before extraction. Sponge and 
other subdivided samples are wrapped in tin foil 
(blank equivalent to about 5 ppm H) to facilitate 
handling. 

Walker and Witte™ and Fatzer® have developed 
similar equipment to effect vacuum extraction in 
the vicinity of 1000°C. 

Vacuum Extraction at 1400°C—If the extraction 
temperature is raised to 1400°C, the hydrogen can 
be extracted essentially quantitatively from small 
samples in a few minutes. However, this involves 
the use of somewhat more elaborate’ equipment. The 


RIGHT ANGLE PRISM FOR 
READING TEMPERATURE 


DP2 CIRCULATING 
Pume THREE 


SPECIAL MERCURY 
FOR 


complications are these: The sample holder must 
be thermally stable and essentially unreactive 
toward titanium at 1400°C. Since all suitable ma- 
terials are either permeable or subject to severe 
oxidation at this temperature, they must be pro- 
tected by a glass or silica envelope. This precludes 
simple resistance heating, with resort to induction 
heating. Thus a further requirement is that the 
sample holder either be an electrical conductor or 
be encased in a conductor. Graphite is a commonly 
used material. 

Hydrogen analyses by this method can be per- 
formed in vacuum fusion equipment and this equip- 
ment, or a simplified version, is commonly used. 
Fig. 4 is a diagram of such a piece of apparatus. 
The extraction section is usually a Guldner-Beach 
type furnace,’ consisting of a graphite crucible 
surrounded by powdered graphite for thermal in- 
sulation held within a silica container. This con- 
tainer is suspended within a glass envelope. An 
external induction coil provides heating energy. 
Samples for analysis are placed in side arms and 
are manipulated by a magnetic pusher. Usually 
these side arms will accommodate 20 or more 
samples. At 1400°C hydrogen is the only gas 
evolved in measurable quantities; oxygen is not 
evolved as carbon monoxide below about 1600°C 
nor is nitrogen a complicating factor. Therefore 
gas separations are unnecessary and only the gas 
measuring portion of the apparatus is used. Hy- 
drogen is essentially totally removed from a sample 
in 3 to 10 min, depending on the physical and con- 
Stitutional nature of the sample. Allowing for out- 
gassing of the measuring system between samples, 
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Fig. 4—Vacuum fusion apparatus. Courtesy National Research Corp. 
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Fig. 5—Apparatus for vacuum extraction at 1400°C. Cour- 
tesy Nationdl Research Corp. 


an average of about 5 analyses per hr can be made 
once a satisfactory blank level has been attained. 
Hydrogen is estimated by determining the pres- 
sure in a known volume. A McLeod gage is ordi- 
narily used for this measurement. It may be sup- 
plemented by a continuous reading gage such as a 
Pirani gage, using the McLeod as a reference 
standard. 

This method is capable of high precision. The 
rapidity is somewhat hampered by the fact that out- 
gassing of the graphite crucible and thermal insu- 
lation at 2200° to 2400°C takes considerable time 
to arrive at a low blank. The system should be re- 
duced to a really negligible blank rather than make 
a blank correction, since with an inadequately out- 
gassed system, the residual gas tends to come off 
in bursts, especially upon introduction of the first 
few samples. Laboratories report outgassing times 
of 2 to 8 hr with an average in the vicinity of 4 hr. 
With 20 samples per loading, about half of the total 
time is spent in outgassing the graphite. If large 
numbers of samples are to be run in a single load- 
ing, the samples must be rather small, of the order 
of 0.25 g. Multiple analyses are required in order 
to obtain a reasonably accurate estimation of the 
hydrogen level when segregation is moderate to 
severe. The necessity of using induction heating is 
somewhat disadvantageous from the standpoint of 
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initial cost, space requirements, and maintenance. 

The objectionably long outgassing period required 
when a graphite crucible is used can be minimized 
by use of a molybdenum crucible or boat. Fig. 5 
shows the furnace portion of an apparatus made by 
the National Research Corp.’ A small molybdenum 
crucible is magnetically suspended within a silica 
tube. The inner surface of the crucible is coated 
with a thoria slip to avoid welding of the samples 
to the crucible. Heating is provided by induction. 
The equipment may be outgassed to a negligible 
blank in 45 min by heating the crucible to about 
1500°C at low pressure. A sample is dropped into 
the crucible, heated to 1400°C and the hydrogén 
transferred to the measuring system by means of 
the diffusion pump. The hydrogen pressure in the 
measuring system is continuously recorded ona 
strip recorder actuated by a Pirani gage. This 
permits the operator to follow the progress of out- 
gassing and observe the point at which extraction 
is complete. An expansion volume included in this 
apparatus, a common feature of vacuum extraction 
equipment, allows samples of high hydrogen con- 
tent to be measured without shifting the pressure 
scale. After an analysis is completed, the sample 
is removed from the crucible as shown in the line 
drawing; the crucible, together with the 2 posi- 
tioning cylinders, is lowered to the bottom reservoir 
by manipulation of the circular magnet on the side 
arm. The lower positioning cylinder, which is mag- 
netic, is drawn to the side of the reservoir. Upon 
further lowering, the crucible automatically tilts 
and dumps the sample. The assembly is then raised 
into position to accept the next sample for analysis. 

An apparatus, similar in principle, has been de- 
vised at the Clevite Research Center.* As shown in 
Fig. 6 it operates on a horizontal axis rather than 
vertical. A sample is drdpped into the boat and the 
boat is manipulated by a magnetic pusher to the 
center of the induction heating coil. After analysis, 
the pusher is manipulated over the boat and pushes 
it back. Then with the pusher on the side of the 
boat, it is rotated so that the sample falls into the 
reservoir. This apparatus is constructed of *“Vycor” 
and is sealed to the measuring system by hard wax. 

Approximately 35 analyses of 0.25 g solid speci- 
mens Can be made in 8 hr in this type of apparatus. 
This does not include specimen preparation. It is 
claimed that sponge, turnings or fines can be handled 
by encasing them in a crimped tantalum capsule. 
This capsule can be recovered and reused. 

Vacuum Extraction at 1900°C—The estimation of 
hydrogen by the vacuum fusion technique may be 
looked upon as a special case of vacuum extraction. 
This technique was developed originally for the de- 
termination of oxygen in metals. Most laboratories 
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Fig. 6—Apparatus for vacuum extraction at 1400°C. Cour- 
tesy Clevite Research Center. 
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equipped for titanium analysis by this method use 
the Walter technique™ wherein the titanium speci- 
men, together with tin flux, is reacted with a com- 
minuted graphite bath at 1900°C in an apparatus 
similar to that shown in Fig. 4. The titanium is 
converted to carbide, oxygen is evolved as CO, hy- 
drogen as H,, and nitrogen, that is, what nitrogen 

is evolved (it is by no means quantitative) as N,. 
These gases are oxidized and analyzed by fractional 
freezing or absorption or a combination of both. 
Even with abbreviated extraction periods (hydrogen 
is essentially completely removed in about 5 min) 
gas separations are required. Hydrogen is usually 
determined by difference so that cumulative errors 
can enter the picture. However, with careful work, 
hydrogen determination can be fairly precise al- 
though reproducibility is generally poorer than re- 
sults obtained by extraction at 1400°C. This method 
requires a long outgassing period ‘and considerable 
time for separation of gases and should be con- 
sidered primarily as a method of oxygen determina- 
tion. In other words, hydrogen determinations 
should in this case be regarded as a by-product of 
vacuum fusion analyses for oxygen content. There 
is no apparent advantage over vacuum extraction at 
1400°C. 

An alternative to the Walter technique is the adap- 
tation of the platinum bath technique reported by 
Wilkins and Fleischer.”*® Although Smiley™ was ap- 
parently the first to apply the platinum bath to ana- 
lyses of oxygen in titanium, his capillary trap tech- 
nique is not adaptable to the determination of 
hydrogen. 

In spite of the obvious shortcomings of the fusion 
method for routine analyses, it may serve a useful 
purpose. There can be little doubt that after con- 
version of the metal to carbide and extraction at 
1900°C for 30 min, hydrogen removal is virtually 
complete. Therefore, with careful work and mul- 
tiple analyses this method may serve as a basic 
reference method. 
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EQUILIBRIUM PRESSURE METHODS 


As mentioned above, when titanium containing 
hydrogen is heated in an evacuated system, hydro- 
gen is evolved until a certain pressure is reached. 
McQuillan’*** studied the titanium-hydrogen sys- 
tem and obtained data from which he constructed 
an equilibrium diagram. If the log of the hydrogen 
pressure is plotted vs the log of the hydrogen con- 
centration in the metal at equilibrium, the rela- 
tionship is linear. In the a-f8 region plateaux exist 
since with an added component 1 less variable is 
required to define the system. In the single-phase | 
regions the isotherms are continuous and above the 
transition point, 882°C, there is no break and 
linearity extends to rather high hydrogen concen- 
trations. Fig. 7 shows the equilibrium curve for 
1000°C. 

If the equilibrium pressure generated over a 
sample in a container of fixed volume is measured 
at a temperature for which the equilibrium curve is 
known, the summation of hydrogen in the sample at 
equilibrium plus hydrogen in the gas phase, that is, 
the hydrogen producing this equilibrium pressure, 
represents the hydrogen in the original sample. 

Fig. 8 shows a simple apparatus” devised for 
analysis by this technique. Samples are placed in 
individual silica tubes which are attached to a mani- 
fold. After outgassing at room temperature, the 
system is closed from the pumps and a sample is 
heated to 1000°C by means of a resistance wound 
heater. Temperature is attained in about 6 min and 
after a total of 10 min from the stgrt of heating, the 
equilibrium pressure is read on the gage. Using a 
half g sample, the equilibrium pressure is generated 
very rapidly; the 4 min that the sample is held at 
temperature is only to insure thermal equilibrium. 
After removing the hydrogen from the system, the 
second sample is heated, equilibrium pressure read, 
and so on down the line. Fig. 9 shows a commer- 
cially available 20-unit apparatus with “Teflon” float 
valves in place of stopcocks. 
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This method was originally designed for determi- 


nation of the hydrogen content of titanium sponge but 
has been used for analysis of solid samples and even 
alloys. It is reasonably rapid, a complete analytical 


cycle taking about 15 min. Results by this method 
are in good agreement with results by vacuum ex- 
traction at 1400°C and the vacuum fusion method. 
Precision at low hydrogen levels is extremely good, 
surpassing all other methods. This is realized be- 
cause of the relationship between pressure and con- 


centration at equilibrium. The equilibrium pressure 


varies as the square of the hydrogen concentration 
in the metal (i.e., a change of 1 magnitude in hydro- 
gen concentration results in a change of 2 magni- 
tudes in the equilibrium pressure). With this 
“built in” magnification one can detect very small 
differences in hydrogen content. The apparatus is 
simple .and induction heating is unnecessary. The 
chief limitation lies in the analysis of alloys. It is 
necessary to know the equilibrium relationship for 
the alloy system under test. However, the equilib- 
rium curves for most popular alloys have been es- 
tablished. An example is the curve for the 5 Al-2.5 
Sn alloy shown in Fig. 10. This represents data ob- 
4 tained from 3 separate heats of the alloy. Linear 


Fig. 9—Twenty unit equilibrium pressure apparatus. 
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Fig. 8—Apparatus for equilibrium 
pressure method. 


equilibrium plots for typical popular alloys can be 
constructed on log-log paper using the following 
data:** 


Equilibrium 
Alloy Concentration 
Comm. Pure 0.001 mm. 9.2 ppm 
8 Mn 0.001 6.5 
4 Al-4 Mn 0.001 5.7 
5 Al-2.5 Sn 0.001 5.35 
6 Al-4 V 0.001 5.4 
Equilibrium 
Alloy Concentration 
Comm. Pure 10 mm 920 ppm 
8 Mn 10 650 
4 Al-4 Mn 10 570 
5 Al-2.5 Sn 10 535 
6 Al-4 V 10 540 


A more recent development** has been the exten- 


sion of this method to the analysis of large samples. 
A line drawing of the equipment is shown in Fig. 11. 
The silica sample tubes are 41 mm diam by 18 in. 
long. The large bore tubing used throughout elim- 
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Fig. 10—Equilibrium curve for hydrogen in 5 Al-2.5 Sn 
titanium alloy. 
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Fig. 11—Equilibrium pressure apparatus for macro 
samples. 


inates the need for individual stopcocks, thus sim- 
plifying the construction and operation of the equip- 
ment. Use of long tubes precludes the necessity of 
water cooling the waxed joints. Nichrome-wound 
heaters have been devised that will hold the lower 

3 in. of the tube at 1000 + 4°C. This degree of 
uniformity is more than adequate. The uniformly 
heated volume will accommodate 100 g of sponge 
and 200 g or more of consolidated metal. An elab- 
orate set of tests indicated a standard deviation of 
less than 3 pct in the analysis of sponge, sheet, and 
ingot samples of C.P. and alloyed titanium. The 
inherent precision is affected only slightly by sam- 
ple size. For that matter, if the hydrogen content is 
100 ppm or lower, the samples need not be weighed. 
A single determination takes about 30 min but 1 man 
can easily attend 2 pieces of apparatus. 

This method may be looked upon as complemen- 
tary to other methods used in determining hydrogen 
in small samples. The latter methods are useful in 
point-to-point analyses whereas the macro method 
gives an integrated result, equivalent to the average 
of a few hundred small samples, in a single deter- 
mination. 


COMBUSTION METHODS 


Combustion methods have in the past been studied 
in many laboratories with indifferent success. More 
recently Codell and Norwitz*® have introduced 2 new 
techniques to this method: the use of relatively 
large samples (5 to 10 g) and the use of test lead to 
modify the combustion at 900°C. In this method the 
specimen is burned in pure oxygen and the resulting 
water is selectively absorbed and determined gravi- 
metrically. Codell and Norwitz use a horizontal 
combustion tube heated in a resistance furnace. 
Another type of apparatus made by National Spec- 
trographic Laboratories*® employs a horizontal 
combustion tube in which the specimen is heated by 
induction. Tin is used as a modifier rather than 
lead. A third apparatus, supplied by the Laboratory 
Equipment Corp.*” employs a vertical combustion 
tube with induction heating. No fluxing material is 
used. The Dow Chemical Co.*® has developed a 
micro-combustion method using 0.5-g samples and 
a complex modifier of iron, tin, and copper. The 
combustion tube is heated to 1200°C in a resistance 
furnace. 
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Combustion methods have the advantage of re- 
quiring the simplest equipment of all, and there is 
no recourse to vacuum technology. Analyses are 
performed rapidly; reports of time required for an 
analysis vary from 5 to 30 min. Another merit of 
the method lies in the possibility of determining hy- 
drogen and carbon simultaneously by selective ab- 
sorption of the combustion gases. 

Results obtained by combustion techniques are in 
general slightly higher than results by vacuum ex- 
traction or equilibrium pressure. There is alsoa 
lower order of reproducibility. One would then sus- 
pect the presence of an unmeasured blank. It is 
suggested that some error may be traced to the fact 
that blanks are measured at nominal operating tem- 
peratures whereas considerably higher tempera- 
tures are attained during the highly exothermic 
combustion of the samples. A further limitation of 
this method for analysis of samples of low hydrogen 
content lies in the usual problems of accurately de- 
termining small weight gains by absorption tech- 
niques. 


OTHER METHODS 


From time to time short notes appear in the lit- 
erature suggesting the correlation of a change in 
some physical property, e.g., resistivity, with hy- 
drogen content as a means of analyzing metal spec- 
imens. None of these proposals have assumed the 
stature of an analytical method for hydrogen in 
titanium. Fassel and his coworkers in their latest 
report® on the analysis of titanium and other metals 
for oxygen by emission spectroscopy have indicated 
that the hope of determining hydrogen either simul- 
taneously or separately by this method is remote. 

A method” in which the specimen is hot-extracted 
in a stream of helium, following which the hydrogen 
is oxidized to water and gravimetrically determined, 
gave high and erratic results. The generous use of 
plastic tubing in the gas flow lines is undoubtedly the 
chief source of trouble. The use of a mass spec- 
trometer* for quantitative detection of hydrogen has 
no particular merits over more conventional means 
of measurement other than in very special cases 
where hydrogen is one of a complex mixture of gases 
all of which are to be measured. 

Serfass* has developed a palladium-silver alloy 
valve which when heated to about 500°C will permit 
the rapid passage of hydrogen while effectively 
blocking the passage of other gases. This allows 
rapid and direct measurement of hydrogen in vac- 
uum fusion analyses. 


INTERCOMPARISONS OF ANALYTICAL RESULTS 


Once hydrogen had been recognized as a problem 
and reliable hydrogen analyses became essential to 
the industry, there developed a pattern of cross- 
checks and intercomparison of results among labo- 
ratories. The most elaborate of the more formal 
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cooperative efforts was supervised by the Wright 
Air Development Center. The failure of this pro- 
gram™ to be definitive was not due to lack of effort 
on the part of the WADC people or the 21 cooper- 
ating laboratories who performed approximately 
1300 analyses. Inhomogeniety of the test bars pre- 
cluded any strict intercomparison of results by var- 
ious methods. Although the results provide us with 
little to say about the comparative merits of meth- 
ods, the program served a useful purpose in that it 
warned some laboratories that their results were 
out of line. Much cooperative work has been done 
on an informal basis, usually with only a few labo- 
ratories collaborating at a time. While these studies 
have been most useful and helpful to the industry, 
the results again are not wholly definitive. The 
chief factors affecting this work have been variance 
in background and training of analysts, variance in 
objectives in precision, inhomogeniety of samples, 
undetected systematic errors, and the general press 
of expanding analytical facilities in a new field for 
many of the laboratories. Using hindsight one would 
say that we would have a much better picture of ac- 
curacy and precision had one qualified group made 

a careful study of all methods. 

There are, however, some areas that have been 
carefully explored. A number of intercomparisons 
among laboratories and in a single laboratory have 
indicated results obtained by vacuum extraction at 
1400°C, vacuum fusion at 1900°C, and the equilib- 
rium pressure method are in good agreement at all 
hydrogen levels (10 to 300 ppm). 

The results of analyses in 2 studies by cooper- 
ating laboratories are presented in condensed form 
in Tables Iand II. These are illustrative of the 
kinds of data on which the above comments are 
based. Table III summarizes the advantages and 
disadvantages of the various methods. 


SAMPLING 


While the sampling problem is acute in many in- 
stances, a discussion of it is beyond the scope of 
this review. In general the sampling problem is 
minimal in the case of sponge products and most 
severe for thin sheet. Brief discussions of sampling 
may be found in the WADC report™ and in a memo- 
randum issued by the TML at Battelle Memorial 
Institute.** 


SUGGESTIONS FOR FUTURE EVALUATION OF 
METHODS 


The final acceptance of a method rests on its 
ability to furnish results of adequate precision and 


Tabie |. Analyses of C.P. Bar Stock (Ppm Hydrogen) 


Average Results 
No. of 
Labora- Specimen Specimen Specimen 
Method tories No. 1 No. 2 No. 3 
Vacuum fusion, 
1900°C 4 145 205 130 
Vacuum extraction, 
1400°C 3 145 205 130 
Combustion 3 155 220 165 


Table Il. Analyses of Sheet Stock (Ppm Hydrogen) 


Results from 3 laboratories. Summarized results are averages of 
multiple determinations as follows: 
Vacuum Fusion, 1900°C 
Vacuum Extraction, 1400°C 
Equilibrium Pressure, 0.5 g 
Equilibrium Pressure, 100 g 


8 to 12 Determinations 
15 to 24 Determinations 
10 to 20 Determinations 
Single Determination 


Equilibrium Equilibrium 
Vacuum Vacuum Pressure Pressure 
Fusion Extraction 0.5-g 100-g 

Material 1900°C 1400°C sample samples 
C.P. 70 69 ae 67 
8 Mn 126 120 128 124 
8 Mn 132 125 130 128 
8 Mn 146 148 145 149 


accuracy at minimal overall cost. Estimation of 
cost is relatively simple and can be accomplished 
with relatively little data. On the other hand it re- 
quires considerable definitive work to establish the 
general levels of precision and accuracy of a 
method. The ideal approach would be analyses of 
uniformly and quantitatively doped samples. Un- 
fortunately, such samples are difficult to prepare 

in large numbers. A compromise measure would 

be the preparation of homogeneous samples at 
nominal hydrogen levels followed by cooperative 
analyses by laboratories having adequate background 
in the analytical methods under test. The possibility 
of having one laboratory investigate all methods, and 
thus interject a close approach to a common denom- 
inator, should be explored. To obtain definitive re-_ 
sults it is essential that the samples be homogeneous 
with respect to hydrogen. It would be advantageous 
to prepare the bulk of the samples at hydrogen levels 
below 100 ppm since 1) hydrogen levels of the fu- 


Table Ill. Summary of Merits and Disadvantages of Methods 


Vacuum extraction, Simple equipment. Some question of reliabil- 
1000°C Rapid. ity in analysis of samples 
Accuracy adequate of low hydrogen content. 
for analysis of 
present commer- 
cial samples. 


Vacuum extraction, Good accuracy and More complex equipment. 
1400°C precision. Limited to small samples. 
Rapid. 


Vacuum extraction, May, with care, be Complex equipment. 
1900°C used as reference Slow — gases must be 
method. separated (Serfass valve 
Can determine hy- minimizes this disad- 
drogen along with vantage). Lower order of 
oxygen analyses. reproducibility. 
Limited to small samples. 


Equilibrium pres- Good accuracy and Must establish equilibrium 
sure 0,5-g precision. curve for each alloy. 
samples Rapid. 


Simple equipment. 


Equilibrium pres- Good accuracy and Must establish equilibrium 
sure 100-g precision. curve for each alloy. 
samples Simple equipment. 

The only method 
capable of routine- 
ly handling large 


samples. 

Combustion Very simple equip- Lower order of reporoduci- 
ment. bility. Results tend to be 
Rapid. slightly higher than by 


other methods. 
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Table IV. Suppliers of Analytical Equipment 


Vacuum Fusion and Vacuum Extraction Equipment 


National Research Corporation 
70 Memorial Drive 
Cambridge, Massachusetts 


Serfass Corporation 
542 West Broad Street 
Bethlehem, Pennsylvania 


Equilibrium Pressure Equipment (Micro and Macro) 


A. A. Pesce Company 
Kennett Square 
Pennsylvania 


Combustion Equipment 
Laboratory Equipment Corporation 
St. Joseph 
Michigan 


Ledoux and Company 
Teaneck 
New Jersey 


National Spectrographic Laboratories 
6300 Euclid Avenue 
Cleveland, Ohio 


ture will undoubtedly be lower than present levels 
and 2) comparative analyses at low hydrogen levels 
show deficiencies in methods much more readily 
than at high levels; a high hydrogen level, like a wet 
football field, is a great equalizer. 


SUPPLIERS OF ANALYTICAL EQUIPMENT 


Commercial suppliers of analytical equipment are 
listed in Table IV. It should be borne in mind that 
these apparati can be used for the determination of 


hydrogen in other metals, particularly exothermic 
occluders that behave similarly to titanium, e.g., 
zirconium, hafnium, niobium, tantalum, and uranium. 
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The Solid Solubility of Phosphorus in Nickel 


J. Koeneman and A. G. Metcalfe 


A study of the structure of chemically deposited 
nickel by Goldenstein, Rostoker, Schossberger, and 
Gutzeit has been reported recently.’ In this work it 
was shown that the nickel deposit produced by the 
catalytic nickel-reduction process was an amor- 
phous solid. Crystallization occurred at elevated 
temperatures when the original powder pattern 
which showed only a diffuse ring with a d-spacing of 
2.01A became sharp, revealing nickel and nickel- 
phosphide lines. The phosphide was indexed provi- 
sionally on a tetragonal lattice of parameters a = 
9.01A and c = 4.42A, which is in reasonable agree- 
ment with the structure of Nis P proposed by No- 
wotny and Henglein.? 

The transformation from the amorphous to the 
solid state occurs abruptly (e.g., after 7 min hold- 
ing at 400°C) with the evolution of considerably 
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more than 1000 cal per gm-mole. A more detailed 
analysis of these effects requires a knowledge of 
the solubility of phosphorus in nickel. Konstanti- 
now® mapped out the phase diagram in 1908 but did 
not determine the solid solubility. The eutectic was 
placed at 11 pct P and 880°C, 

The purity of typical catalytic nickel deposits is 
very high.’ Spectrographic analysis for heavier ele- 
ments showed only trace amounts of aluminum, cal- 
cium, iron, magnesium, lead, and silicon, The term 
“trace” is a qualitative definition for less than 0.1 
pet and probably less than 0.01 pct. Analysis for the 
interstitial elements yielded 0.04 pct C, 0.0023 pct 
O, 0.0005 pct N, and 0.0016 pct H. Some of this ma- 
terial with 7.5 pct P was used in the present work. 


EXPERIMENTAL METHODS 


Alloys were prepared from carbonyl-nickel shot 
and a master composition containing 7.5 pct P. 
Cold-crucible, nonconsumable-arc melting was used. 
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Fig. 1—0.03 pct P 


— 833°C — 6 hr — 
oil quench. Aged— 
4s 700°C — 16 hr — 


Etchant, electolytic 
8 pct H,SO,. X150. 
Reduced approxi- 
\. mately 28 pct for 
reproduction. 


Fig. 2—0.05 pct P 
— 777°C — 3 hr — 
water quench. Aged 
— 700°C — 16 hr 
ei — water quench. 
_ Etchant, 20 ml 
HNOs, 15 drops HF 
— 40 ml H,O. 
X150. Reduced 
approximately 28 
pet for reproduc- 
tion. 


Very small losses of phosphorus occurred. An at- 
tempt was made to forge the buttons in order to im- 
prove their homogeneity, but met with no success 
even with as little as 0.01 pct P. Homogenization 
was achieved by annealing for 6 hr at 830°C fol- 
lowed by quenching in oil. Oil quenching was found 
to be necessary to avoid violent explosions when en- 
capsulated alloys containing several per cent of 
phosphorus were quenched in water. This explosion 
could not be prevented by introducing a partial pres- 
sure of argon inside the bulb before sealing. 

The annealings at other temperatures were for 
periods of 6 hr at 800°C; 16 hr at 700°C; 65 hr at 
600°C; and 100 hr at 500°C. Additional annealings 
were made at 850° and 875°C for 6 hr on specimens 
of the 0.2 pct alloy. All of these alloys with 0.2 pct 
P or less could be water-quenched after annealing. 

The eutectic temperature was determined in the 
course of this work in order to check the value of 
880°C given by Konstantinow.* An alundum cruci- 
ble was used inside a stainless-steel tube so that a 
protective argon atmosphere could be provided. 

The thermocouple protection tube was held centrally 
in the melt, and observations were made during fur- 
nace cooling. The chromel-alumel thermocouple 
was calibrated by the manufacturer, but an obser- 
vation at the melting point of silver (960.8°C) under 
the same conditions provided a small correction. 


1A, W. Goldenstein, W. Rostoker, F. Schossberger, and G. Gutzeit: Journal, 
Electrochemical Society, 1957, vol. 104, p. 104, 
2H. Nowotny and E. Henglein: Zeitschrift fiir physikalische Chemie, 1938, 
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Fig. 3—Metallographic structures of aged specimens. 


EXPERIMENTAL RESULTS 


The eutectic arrest was found to be at 874° and 
876°C in 2 separate determinations with arrest 
times of 3 to 4 min following a few degrees of su- 
percooling. A mean value of 875°C agrees well with 
the earlier value due to Konstantinow. 

Metallographic examination of low-phosphorus al- 
loys after homogenization and solution treatment 
showed a structure similar to Fig, 1. After anneal- 
ing at 700°C for 16 hr, a Ni-0.03 pct P alloy showed 
no change, but a Ni-0.05 pct P alloy revealed a fine 
precipitate throughout the grains, Fig. 2. The solid 
solubility boundary was bracketed in this manner. 

The solid-solubility data shown in Fig. 3 are 
taken from results of the metallographic study. A 
plot of log solubility against the reciprocal of the 
temperature shows that the bracketed values of the 
solubility lie on a straight line extrapolating to a 
solubility of 0.17 pct at the eutectic temperature of 
875°C. This line has been drawn through the data 
points in Fig, 3. 
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